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Abstract
The development of all-solid-state lithium batteries, in which the currently used
liquid electrolytes are substituted for solid electrolyte materials, could lead to
safer batteries o ering higher energy densities and longer cycle lifetimes. De-
signing suitable solid electrolytes with su cient chemical and electrochemical
stability, high lithium ion conduction and negligible electronic conduction re-
mains a challenge.
The highly lithium ion conducting LiBH4-LiI solid solution is a promising
solid electrolyte material. Solid solutions with a LiI content of 6.25%-50% were
synthesised by planetary ball milling and annealed at 140 ¶C. Their crystal struc-
ture was investigated using powder x-ray di raction and their ionic conductivity
was measured using impedance spectroscopy. The ionic conductivity is found to
exceed 0.1 mS/cm at 30 ¶C and 10 mS/cm at 140 ¶C. The formation of defect-rich
microstructures during ball milling is found to significantly influence the con-
ductivity of the samples. The long-range di usion of lithium ions was measured
using quasi-elastic neutron scattering. The solid solutions are found to exhibit
two-dimensional conduction in the hexagonal plane of the crystal structure, with
the formation of Frenkel pairs playing a large role.
The charge and discharge performance of all-solid-state batteries with LiBH4-
LiI as an electrolyte is reported for the first time. Lithium titanate (Li4Ti5O12)
was used for the positive electrode and lithium metal for the negative electrode.
The electrochemical stability of LiBH4-LiI is found to be limited to 3 V. The
all-solid-state cells reach 81% of their theoretical discharge capacity at 60 ¶C and
a discharge rate of 10 µA, but a capacity fade of 1.6% per charge-discharge cycle
and a large overvoltage are observed. Impedance spectroscopy results show a
strong correlation between changes in the discharge capacity of the cells and
changes in the cell resistance over 200 cycles. This may be due to a possible
formation of a passivating areas in the cell as well as contact issues between the
electrode-electrolyte interfaces.
The crystal structure and ionic conductivity of the LiBH4-Ca(BH4)2 com-
posite were also studied. No formation of a solid solution is observed and the
ionic conductivity is lower than that of pure, ball milled LiBH4. Heat treatment
of the samples leads to the formation of a small amount of defect-rich, electroni-
cally conducting CaH2 with a cubic crystal structure. Its formation has an e ect
on the measured conductivity of the samples and increases the risk of an internal
short-circuit. This reveals a more general issue that must receive attention in
further research on solid electrolytes.
v

Resumé
Udviklingen af fuld-fast-fase litium batterier, hvori de nuværende elektrolytter i
væske fase bliver udskiftet med elektrolytmaterialer på fast form, kan medføre
sikrere batterier, som har højere energitætheder og tåler flere op- og afladnings-
cyklusser. Det er dog stadig en udfordring at designe passende elektrolytter på
fast form med nødvendig kemisk og elektrokemisk stabilitet, høj ledningsevne
for litiumioner og ubetydelig eletrisk ledningsevne.
Den faste opløsning LiBH4-LiI som udviser høj litiumion ledningsevne er et
lovende materiale til en elektrolyt på fast form. Faste opløsninger med en LiI
koncentration mellem 6.25% og 50% blev syntetiseret ved brug af en planeta-
risk kuglemølle og udglødet ved 140 ¶C. Krystalstrukturen blev undersøgt med
pulver røntgendi raktion og materialets ledningsevne af ioner blev målt med im-
pedansspektroskopi. Den ioniske ledningsevne er målt til at overstige 0.1 mS/cm
ved 30 ¶C og 10 mS/cm ved 140 ¶C. Når materialet bliver malet i kuglemøllen
dannes mikrostrukterer rige på defekter, dette viser sig at influere stærkt på
prøvernes ledningsevne. Den langtrækkende di usion af litiumioner blev målt
med kvasi-elastisk neutronspredning. De faste opløsninger bliver bestemt til at
udvise todimensionel ledning i krystalstrukturens hexagonale plan, heri spiller
dannelsen af Frenkelpar en stor rolle.
For første gang bliver virkningsgraden af op- og afladningen for fuld-fast-fase
batterier med LiBH4-LiI som elektrolyt rapporteret. Litiumtitanat (Li4Ti5O12)
er benyttet som positiv elektrode og litiummetal som den negative elektrode.
Den elektrokemiske stabilitet af LiBH4-LiI er bestemt til at være begrænset
til 3 V. Fuld-fast-fase battericellerne når 81% af deres teoretiske afladningska-
pacitet ved 60 ¶C og en afladningsrate på 10 µA, men der observeres en stor
overspænding samt at kapaciteten aftager med 1.6% per op- og afladninscyklus.
Resultater fra impedansspektroskopi viser en stærk sammenhæng mellem æn-
dringen i afladningskapacitet af cellerne og ændringen i cellemodstanden over
200 cyklusser. Dette kan skyldes den mulige dannelse af passiverende områder i
cellen samt kontaktproblemer mellem elektrode-elektrolyt grænsefladerne.
Krystalstrukturen og den ioniske ledningsevne af LiBH4-Ca(BH4)2 komposit
materialet blev også undersøgt. Dannelse af en fast opløsning blev ikke observeret
og den ioniske ledningsevne er lavere end i rent kuglemalet LiBH4. Varmebehand-
ling af prøverne fører til dannelsen af små mængder defektrigt, elektrisk ledende
CaH2 i en kubisk krystalstruktur. Denne dannelse har en e ekt på den målte
ledningsevne af prøverne og forøger risikoen for en intern kortslutning. Dette
afslører et mere generelt problem som skal undersøges grundigere i fremtidige
studier af elektrolytter på fast form.
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Ágrip
 róun fastefnisrafhlana,  ar sem hinum fljótandi rafvökum sem notair eru
í dag er skipt út fyrir fastefnisrafvaka, gæti leitt til öruggari rafhlana me
meiri orkur˝md og lengri heildarlíftíma. Hentugir fastefnisrafvakar, sem hafa
nægilegan efnafræilegan og rafefnafræilegan stöugleika ásamt  ví a vera
jónaleiandi en ekki rafleiandi, eru enn sem komi er vandfundnir.
Efnin LiBH4 og LiI mynda lausn á föstu formi sem leiir li íum jónir vel og
er frambærilegur fastefnisrafvaki. Slíkar lausnir me 6.25%-50% LiI magni voru
myndaar me kúlumölun (e. planetary ball milling) og bakaar vi 140 ¶C.
Röntgenbeygjugreining (e. x-ray di raction) var notu til a rannaska kristalla-
byggingu efnanna og jónaleini  eirra var skou me samvinámsrófgreiningu
(e. impedance spectroscopy). Jónaleini fastefnislausnanna mældist 0.1 mS/cm
vi 30 ¶C og 10 mS/cm vi 140 ¶C. Gallar í kristallabyggingu efnanna, sem mynd-
ast vi kúlumölun, hafa umtalsver áhrif á jónaleini  eirra. Sveim li íum jóna
var mælt me hlutfjarandi nifteindadreifingu (e. quasi-elastic neutron scatter-
ing). Niurstöurnar gefa til kynna a li íum jónirnar ferist eftir tvívíum
plönum í hinum sexstrendu kristöllum efnisins.  ær s˝na jafnframt a Frenkel
pör gegna veigamiklu hlutverki vi jónaleinina.
Niurstöur fyrir hleslu og afhleslu fastefnisrafhlana me LiBH4-LiI sem
rafvaka eru kynntar í fyrsta sinn. Li íum títanat (Li4Ti5O12) var nota sem
jákvætt rafskaut og li íum málmur sem neikvætt rafskaut. S˝nt er fram á a
rafefnafræilegur stöugleiki LiBH4-LiI takmarkast vi 3 V. Fastefnisrafhlöurn-
ar ná allt a 81% af fræilegri afhleslur˝md sinni vi 60 ¶C og 10 µA straum.
Hlesla og afhlesla eiga sér hins vegar sta vi talsvera yfirspennu, og rafhlö-
urnar missa a jafnai 1.6% af r˝md sinni vi hverja hleslu- og afhleslulotu.
Niurstöur samvinámsgreiningar s˝na a beint samhengi er á milli afhleslu-
r˝mdar og vináms í rafhlöunum fyrir 200 hleslu- og afhleslulotur.  etta
gæti mögulega veri vegna myndunar einangrandi svæa í rafhlöunni ea vegna
minnkunar á snertiflötum rafvakans og rafskautanna.
Kristallabygging og jónaleini LiBH4-Ca(BH4)2 blöndunnar voru líka rann-
söku. Ekki fundust merki um a  essi efni myndi lausn á föstu formi, og
jónaleini blöndunnar er nokkru lakari en jónaleini kúlumalas LiBH4. S˝nt
er fram á a rafleiandi CaH2 me teningslaga kristallabyggingu myndast í litlu
magni  egar s˝nin eru hitu. Myndun  ess hefur áhrif á niurstöur leinimæl-
inga og getur auki hættu á skammhlaupi inni í rafhlöunum. Nausynlegt er
a hafa augun opin fyrir hættunni á slíku vi frekari  róun fastefnisrafvaka.
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Chapter 1
Introduction
I would like to begin this thesis by putting its rather specialised research subjects
in perspective with some of the great challenges we face regarding our energy
consumption habits and how battery research is important for the transition
towards a more sustainable usage of energy. At the end of this introductory
chapter, I will summarise the aims of my PhD project, explain the structure of
the thesis and list the publications that arose from this work.
1.1 Motivation
1.1.1 Energy Demand
The past three centuries have been a period of tremendous scientific and tech-
nological advance. This development has transformed the world and resulted in
countless fascinating ideas and inventions, but it has also resulted in a society
which requires access to an enormous amount of cheap and convenient energy.
The easy access to fossil fuels (oil, coals and natural gas) has been an vital factor
in the technological revolution during this time, making it possible to power e.g.
the transportation sector, food production and heavy industry and to provide
domestic electricity and heating.
The demand for cheap and convenient energy is still rising [1]. Looking at
Figure 1.1a this is not surprising, as there is a correlation between primary en-
ergy consumption and wealth (measured in GDP per capita). People in the
poorer and less developed parts of the world use much less energy per capita
than people in the wealthier countries [1,2]. As the developing economies strive
towards economic growth, they must therefore be able to increase their energy
consumption as well. This means that continued supply of cheap energy is not
only an important issue for developed economies, but a vital one for developing
economies. Here countries are categorised according to the methodology of the
United Nations [3], where the countries of Europe as well as the USA, Canada,
Japan, S-Korea, Hong Kong, Singapore, Australia and New Zealand are consid-
ered developed countries while the remaining areas are considered developing
countries.
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Figure 1.1: a) A double logarithmic plot of the gross domestic product (GDP) per
capita (in U.S. Dollars) as a function of the annual primary energy consumption per
capita (in kg of oil equivalents). The data is from 2011 [1, 2]. Developed countries are
shown with dark blue rectangles and developing countries are shown with light blue
circles. There is a clear positive correlation between the energy consumption and the
GDP per capita. b) The world population from 1950 until 2080. The black, dashed line
shows the current status, and values from there on are based on the mean projection
of the United Nations [3]. The world population is currently over 7 billion, and is
expected to reach 10 billion within the lifetime of my generation. The population
growth is projected to originate from the developing countries, while the population of
the developed countries is expected to remain almost constant.
The global energy consumption is also increasing due to population growth
[4]. Figure 1.1b shows the projected development of the world population until
2080. The world population has increased greatly in the past decades and will
continue to do grow throughout this century [3]. The population growth is
expected to mainly take place in the developing countries, while the population
growth in the wealthier countries has almost stagnated. The growing population
of the developing countries and the increased energy demand per capita along
with the economic growth in these countries will thus lead to an increasing world
energy demand throughout the 21st century.
1.1.2 Sustainable Energy
There is, however, a very serious problem with our energy consumption habits.
As a result of our energy-intensive lifestyle, fossil fuels are being burned at an
unsustainable rate, such that our activities have started altering the climate of
the earth [5]. This development is projected to have serious consequences for our
environment, which in turn would greatly a ect our safety and quality of life by
e.g. inducing warmer temperatures, rising sea-levels and more frequent extreme
weather events [5,6]. Fossil fuels are also being burned at an unsustainable rate
in the sense that the stocks of oil, coal and natural gas that has accumulated
in the earth’s crust over hundreds of millions of years are now being depleted
relatively quickly. This does not necessarily mean that we are likely to run out
of fossil fuels any time soon. It does, however, mean that oil supply is bound
to reach its peak at some point [7], and if oil demand just keeps rising, the
world will eventually move into a period of a permanent oil crisis. The same is
2
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Figure 1.2: Examples of power plants that harness renewable energy sources; a wind
farm o  the shore of Copenhagen, a huge array of photovoltaics and a hydropower dam
in the USA and a geothermal power plant near Reykjavík, Iceland. These power plants
all generate electricity.
true for natural gas and coal. With our large and ever-increasing consumption,
the time will therefore come when fossil fuels will no longer be as cheap and
easily accessible as they have been for the last three centuries. Considering the
importance of energy for the world’s economy, it is better to prepare for this
scenario too early than too late.
It is therefore clear that we must change our habits when it comes to energy
consumption. We must make a transition to a more sustainable energy usage,
and we must do so while still making it possible for developing economies to
increase their energy consumption per capita. This is an enormous challenge,
but it is necessary that the fossil fuel era comes to and end and that a new period
of sustainable energy usage begins. A more e cient use of energy can surely be
a part of the solution as well. Luckily, there are plenty of options for harnessing
energy in a sustainable manner, and a few examples of renewable energy sources
are shown in Figure 1.2. Other examples include biofuels and waste, as well as
nuclear power, which remains a highly controversial source of energy due to its
inherent risk.
The process of moving towards a more sustainable energy consumption policy
has already started. The EU has established goals for greatly increasing the
share of sustainable energy usage in the coming decades [8], and Denmark has
set the ambitious goal of being independent of fossil fuels by 2050 [9]. Perhaps
even more importantly, the price of renewable energy is falling rapidly and in
some cases, electricity produced using renewable energy is reaching prices that
are compatible with those of electricity produced using fossil fuels [10,11].
1.1.3 Energy Storage
Fossil fuels are very convenient in the sense that they are energy sources and
energy carriers at the same time. This means that the chemical energy they
contain can be stored and easily transported before consuming the energy by
3
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burning the fuel. This is not the case for most sources of renewable energy,
as the sources in Figure 1.2 along with most other renewable energy sources
are used for electricity generation. Many of those sources, such as solar and
wind energy, are furthermore intermittent, meaning that their energy production
cannot be controlled to match fluctuations in demand. To end our dependence
on fossil fuels, new and e cient methods of energy storage are needed, both for
balancing the di erence between production and load in the electric grid and for
applications in transportation.
There are many possible means for energy storage and the methods of choice
will vary depending on the application. In land transportation, which is almost
entirely dependent on oil, electric vehicles have in recent years begun to be
viable alternatives to fossil fuelled vehicles, especially for travel over relatively
short distances. The two most common forms of non-hybrid electric vehicles are
battery electric vehicles (BEV) and hydrogen powered fuel cell electric vehicles
(FCEV). They can be powered without consuming fossil fuels, provided that the
electricity or the hydrogen are produced using other energy sources. BEVs are
currently gaining popularity faster than HEVs, partly due to advances in battery
technology and problems with finding an e cient hydrogen storage method. In
the long run, both of these types of electric vehicles are likely to play a big role
in ending the dependence of land transportation on fossil fuels [12,13].
1.2 Batteries and Solid Electrolytes
1.2.1 Lithium Battery Technology
The most commonly used batteries in BEVs today are lithium ion batteries (Li-
ion). Li-ion batteries play an important role in the modern society. They are
dominant in the portable electronics sector, and most of us use Li-ion batteries
every day to power our laptop computers and mobile phones. There are, how-
ever, various challenges that must be solved before lithium based batteries can
be as successful in the automotive industry as they have been in the electronics
industry for the past two decades [12,14].
The current Li-ion technology o ers batteries with specific energies of around
150 Wh/kg, volumetric densities of around 650 Wh/l and a specific power of
around 500 W/kg [15,16]. It can be estimated that a typical BEV battery needs
to store approximately 50 kWh for a driving range of around 200 km [17], which
means that the battery must weigh around 300 kg and take up at least 75 liters
of space. These numbers should be reduced by increasing the energy density of
the batteries. The current batteries cannot be expected to retain their capacity
for much more than 1000 charge and discharge cycles, which can be a problem
for the resale value of the vehicle as the battery can account for around half the
price of a BEV. The cycle life must therefore be improved and price must go
down [17]. Last but not least, safety is an issue for Li-ion batteries [18], and
numerous fire incidents have been reported in electric vehicles and in airplanes
as a result of thermal runaway or short-circuit [19, 20]. Such incidents pose a
serious risk in transportation applications due to the large size of the batteries
and must be prevented.
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These aspects are all related to the chemistry of the batteries, and improve-
ments must be made by developing new materials for the electrodes as well as
the electrolyte [14, 18]. The current Li-ion batteries have organic liquid or gel
electrolytes, their main advantage being the high lithium ion conductivity (e.g.
12 mS/cm for 1 M LiPF6 in EC-DMC at 27 ¶C) [21]. They do, however, have
the disadvantage of being flammable, which can result in fire incidents as men-
tioned above. Furthermore, lithium dendrites can grow from the interfaces of
the electrolyte with the electrodes, which can decrease the battery capacity over
time and increase the risk of an internal short-circuit in the cell [14]. One way
of improving the cycle lifetime and the safety of the batteries would therefore
be to replace the currently used organic liquid and gel electrolytes with solid-
state electrolytes, in which such dendrite formation would be avoided [14,18,22].
Using solid electrolytes would also increase the energy density of the batteries
by allowing for thinner electrolytes and more compact packaging, as well as by
enabling the use of metallic lithium as the negative electrode. This could double
the energy density of the cells [17].
1.2.2 Solid Electrolytes
A potential solid electrolyte material must meet several requirements. It must
have high ionic conductivity (more than 0.1 mS/cm over the operating tem-
perature range [18], preferentially 1 mS/cm [23, 24]) and a negligible electronic
conductivity. It must have good chemical stability with the electrodes over the
working temperature range of the battery, and good electrochemical stability
within the operating potentials of the cell. It should furthermore retain good
contact at the interfaces with the electrodes. Ideally it should also have low
toxicity, be non-flammable and be inexpensive. Designing suitable solid elec-
trolyte materials for lithium batteries that meet these requirements is a great
challenge [18].
Various types of crystalline solid-state lithium ion conducting materials are
known [22]. Among these are Li3N [25], perovskite type oxides such as lithium
lanthanum titanate (LLTO) [26–29], garnet type structures such as Li6BaLa2Ta2O12
[30], NASICON type structures [31, 32], LISICON type structures [33] and
Li10GeP2S12 [34]. There are, however, some problems with the usage of most
of these materials as solid electrolytes in lithium batteries. The decomposition
voltage of Li3N is too low for practical use. LLTO and NASICON are not stable
in contact with elemental lithium and reducible Ti+4 ions make the electronic
conductivity of LLTO too high [35]. The lithium ion conductivity of LISICON
is low and in some cases decreases with time [36]. These materials all have a
lithium ion conductivity lower than 1 mS/cm at room temperature, with the
exception of Li10GeP2S12, which is the most promising of these materials and is
currently being investigated by Toyota for BEV battery applications [37]. Fur-
ther search for crystalline electrolyte materials with lithium ion conductivities
above 1 mS/cm is of great fundamental interest and of practical importance for
Li-ion battery research. It is also important for research on other, emerging
battery technologies, such as lithium-air batteries, which could benefit from the
advantages of solid electrolytes over liquid electrolytes.
5
Chapter 1. Introduction
1.3 About This Work
1.3.1 The Aims of the Project
The main aim of this work has been to develop and characterise promising solid
electrolyte materials for use in all-solid-state lithium batteries.
• The focus of the project has been on lithium borohydride, which is an
excellent lithium ion conductor in its high temperature structure. Mixtures
of lithium borohydride and other materials have been investigated with the
aim of understanding and optimising their ionic conductivity.
• The lithium ion conduction mechanism of lithium borohydride mixtures
has been investigated with the aim of gaining a fundamental understanding
of their high ionic conductivity. A better understanding of the underly-
ing principles can hopefully be beneficial for optimising their conductivity
and/or identify fast ionic conduction in similar materials.
• Working battery cells containing lithium borohydride mixtures have been
assembled and tested, with the aim of characterizing the performance of
these mixtures as a solid electrolyte material and to gain a fundamental
understanding of their strengths and weaknesses in that setting. This can
hopefully also provide an insight into some of the more general challenges
facing all-solid-state batteries.
1.3.2 Outline of Thesis
The contents of the thesis are divided into seven chapters. The research results
of the project are reported in chapters 4, 5 and 6, and the work presented in those
chapters was carried out by me unless otherwise stated. This work resulted in
four peer-reviewed publications, which are attached as an appendix to the thesis.
The thesis may well be read prior to reading the papers, with the exception of
section 4.5 on the lithium ion conduction mechanism of LiBH4-LiI, for which
the reader would benefit from additional knowledge from Paper B. The chapter
outline is as follows:
2 Theory
The main principles of batteries and the theory behind the main experi-
mental methods employed in this work are explained in this chapter. These
methods are powder x-ray di raction, impedance spectroscopy and quasi-
elastic neutron scattering.
3 Experimental Procedures
In this chapter I describe the practical aspects of the measurements per-
formed in this work. The sample preparation and is described as well
as the the experimental setup for the x-ray di raction, impedance spec-
troscopy and quasi-elastic neutron scattering measurements. The assembly
and measurements of all-solid-state battery cells are also described in this
chapter.
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4 The LiBH4-LiI Solid Solution
This chapter begins with an overview of lithium borohydride, its main
properties and how its high temperature phase may be stabilised at room
temperature. Results on the lithium ion conduction of LiBH4-LiI solid
solutions are presented, and the e ect of microstructure and heat treatment
on the conductivity is discussed. These results are the same as presented
in Paper A. Results on the lithium ion conduction mechanism in LiBH4-LiI
solid solutions are summarised in the last section of this chapter. These
results are an excerpt of the results presented in Paper B, which should be
read for further details.
5 The LiBH4-Ca(BH4)2 Composite
This chapter begins with an overview of the crystal structures of calcium
borohydride. Results on the crystal structure and ionic conductivity of
LiBH4-Ca(BH4)2 composites are presented. The formation of cubic and
orthorhombic CaH2 during heat treatment of the composites is reported
and its e ect on the conductivity of the samples are discussed. The results
in this chapter are the same as presented in Paper C.
6 Li4Ti5O12 Batteries with a LiBH4-LiI Electrolyte
In the last result chapter, the findings on the conductivity of the LiBH4-LiI
solid solutions are utilised to assemble working all-solid-battery cells with
this material as the electrolyte. The electrochemical stability of the solid
solution is reported and results of charge and discharge measurements are
presented. Results on the impedance of the cells are presented and the
observed changes in the cell capacity and the cell impedance with cycle
number are discussed. The results in this chapter are the same as presented
in Paper D.
7 Summary and Outlook
A partial summary is given at the end of each respective result chapter,
but in this chapter a final summary of the main findings is given and the
outlook for this work is discussed.
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Theory
This chapter begins with a very brief discussion of the principles of lithium
batteries, their behaviour during charge and discharge and some properties of
solid electrolytes. In the remaining sections of this chapter I will provide an
overview of the theory behind the three most important measurement techniques
employed in this work; powder x-ray di raction, impedance spectroscopy and
quasi-elastic neutron scattering.
2.1 Lithium Batteries
2.1.1 The Working Principle of Lithium Batteries
Rechargeable batteries act both as transducers and as energy storage devices.
They convert electrical energy into chemical energy and store it until it is needed
again in the form of electrical energy. A main advantage of electrochemical trans-
duction methods over thermal conversion methods is that they are not subject
to the Carnot limit [38]. This means that energy conversion using batteries
and fuel cells can take place with a much higher e ciency than e.g. in internal
combustion engines.
Batteries exist in a variety of di erent chemistries, but the discussion here
will be limited to lithium batteries. A thorough discussion of batteries from a
materials science aspect can be found in [38]. As pictured in Figure 2.1, lithium
batteries are generally composed of three main components; a positive electrode
(cathode), an electrolyte and a negative electrode (anode). The electrolyte acts
as a separator between the two electrodes and only allows the flow of ions,
while electrons flow from one electrode to the other through an external electric
circuit. During discharge, the electrical work performed by the current flow can
be used to power auxiliary devices. To charge the battery, electrical work must
be performed by an external power source in order to reverse the flow of electrons
in the circuit, and thereby the flow of ions within the cell.
A highly simplified schematic of the chemical reactions that take place within
a lithium battery upon charge and discharge is shown in Figure 2.2. Let us as-
sume that the two electrodes are composed of the species A and B, respectively,
9
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Figure 2.1: A simple schematic of the operating principle of lithium batteries. A
potential di erence between the two electrodes causes the flow of charged species in the
cell. During discharge (shown in red), lithium ions move from the negative electrode,
through the electrolyte and to the positive electrode. At the same time, a current of
electrons flows from the negative to the positive electrode through an external circuit.
During charge (shown in blue), the process is reversed as electrons are forced to flow in
the other direction. This leads to the flow of lithium ions from the positive electrode
to the negative electrode. In this work the positive electrode will be referred to as the
anode and the negative electrode will be referred to as the cathode, regardless of the
direction of the current.
and that the electrolyte is a conductor of A ions. This could, for example,
correspond to a cell with lithium as the negative electrode, a lithium interca-
lation material (e.g. Li4Ti5O12 or LiCoO2) as the positive electrode and a Li+
conducting electrolyte. The two electrodes have di erent chemical potentials,
which gives rise to a chemical driving force across the cell. Assuming that the
reaction A + B æ AB takes place during discharge, the chemical driving force
can be expressed in terms of the standard Gibbs free energy change of the re-
action, i.e. the di erence between the standard Gibbs free energies of formation
of the products and reactants
 G¶r =  G¶f (AB)≠ ( G¶f (A) + G¶f (B)). (2.1)
Furthermore, the mobile ionic species A have an electrostatic energy per mol of
≠zFUth. Here z is the charge number of the ionic species, Uth is the theoretical
voltage between the electrodes and F is the Faraday constant. Under open
circuit conditions, i.e. when no current is flowing, the chemical and electrical
forces upon the A ions must be in balance, and the following equation must
therefore hold:
 G¶r = ≠zFUth (2.2)
Note that it is assumed that the chemical reaction A+B æ AB takes place
between electrically neutral species, but that only ions (and no electrons) are
transferred through the electrolyte. For the reaction to proceed, it is there-
fore necessary that electrons are transferred from the negative to the positive
electrode through an external circuit. This means that if the flow of electrons
is interrupted, i.e. if the electrical circuit is opened, the ions will also not be
transferred through the electrolyte and the whole reaction stalls.
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Figure 2.2: A very simple model of a chemical reaction within a battery. Here it is
assumed that A+ are transferred through the electrolyte, and that a new phase AB is
formed upon discharge. For the reaction to take place, electrons must be transferred
from A to B through an external circuit. The reaction can proceed until the anode
species A have been depleted. During charge, the whole process can be reversed by
applying a voltage to the cell in order to overcome the driving force caused by the
potential di erence of the electrodes. Adapted from [38].
2.1.2 Charge and Discharge
The processes of battery charge and discharge are usually presented in the form
of charge and discharge curves showing the output voltage of the battery as a
function of its state of charge. The state of charge can be measured in a number
of di erent units, such as time (in seconds or hours), capacity (in mAh or mAh/g)
or relative to the theoretial capacity of the cell (in percentage). Three schematic
examples of discharge curves are shown in Figure 2.3. The output voltage of
most batteries varies with the state of charge. This variation depends on a
number of factors, including the chemistry of the battery, the operating current
and the internal resistance of the cell.
Assuming that no electrons are transferred through the electrolyte, i.e. that
the ionic transference number equals unity (which is not always strictly true in
reality), the open circuit voltage UOCV of the cell is approximately equal to its
theoretical voltage Uth. When current flows through the cell during discharge,
a voltage drop related to the total internal resistance to ionic conduction in the
cell will be observed. Thus, the output voltage will be
Uout = UOCV ≠ IoutR. (2.3)
This decrease in voltage follows Ohm’s law, and is consequently called an ohmic
loss. Note that during charge, the current flows in the opposite direction and the
ohmic loss will cause the voltage to increase. Because of this, a higher voltage
than UOCV is required to charge the battery. The di erence between the open
circuit voltage and the observed voltage during charge and discharge is called
an overvoltage:
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Figure 2.3: Schematic representations of discharge curves with di erent characteris-
tics. The shape of the discharge curves depends on the chemistry of the batteries (i.e.
which phases are present and which chemical reactions take place), on the internal cell
resistance and on the operating current. Figure from [38].
UOV = |Uout ≠ UOCV| (2.4)
Repeated charging and discharging of a battery is referred to as cycling.
It is highly desirable that batteries retain their overall charge and discharge
behaviour over a large number of cycles (at least a few hundred in most practical
applications). However, some irreversible chemical reactions may take place
in the cell during cycling that do not contribute to charging or discharging
the battery. Such reactions may consume some of the cell capacity that was
available after charging, and consequently less than 100% of the charge that was
transferred during charging will be available during the next discharge. This
fraction is called the Coulombic e ciency, which is
÷C =
Qdischarge(i)
Qcharge(i)
(2.5)
for the i-th charge and subsequent discharge of the cell. Such capacity decrease
due to irreversibility in the cell usually takes place during each cycle. Therefore
the capacity of the cell as a function of cycle number is subject to an exponential
decay, and even small losses in Coulombic e ciency can result in a significantly
decreased cell capacity after a large number of cycles as shown in Figure 2.4.
It is worth noting that if irreversible reactions that involve charge transfer take
place in the cell, those may be included in the measured cell capacity. In such
a case, the actual reversible charge and discharge capacity of the cell would
be overestimated, introducing the possibility of observing a Coulombic e ency
greater than 100%. Care must therefore be taken in the interpretation of the
Coulombic e ciency.
Another way of quantifying the performance of a battery over a number of
charge and discharge cycles is to measure its discharge capacity retention. In
contrast to the Coulombic e ciency, this is not a measure of the relationship
between charge and discharge capacity (i.e. of irreversible losses within the cell),
but rather a direct measure of the change in discharge capacity between cycles.
This can be written as
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Figure 2.4: An illustration of the e ect of Coulombic e ciency on the battery capacity
as a function of cycle number. The development of the cell capacity is shown for a few
values of ÷C . Note that an e ciency loss of merely 1% per cycle causes a battery to
lose half of its capacity in only 70 cycles.
 Qdischarge(i) =
Qdischarge(i)
Qdischarge(i≠ 1) (2.6)
where Qdischarge(i) denotes the discharge capacity of the i-th cycle. Similar
to the Coulombic e ciency, the discharge capacity retention is subject to an
exponential decay as shown in Figure 2.4. It is a useful measure of the health
of a battery after many cycles, especially when charge and discharge are set to
take place within fixed voltage windows as done in this work.
2.1.3 All-Solid-State Lithium Batteries
As discussed in section 1.2, the battery cells in this work are all-solid-state cells
with solid electrolytes. The advantages of using solid electrolytes rather than
liquid electrolytes were also discussed in section 1.2. The assembly of good bat-
teries with solid electrolytes is, however, challenging. In conventional batteries,
the electrodes are soaked in a liquid electrolyte, assuring a good contact between
the electrolyte and the electrodes. In all-solid-state batteries, the electrodes and
electrolyte have relatively well defined interfaces, and their contact is of utmost
importance for the performance of the cell. This can a ect the shape of the
charge and discharge curves and cause further drops in the output voltage than
simply the expected ohmic loss in the cell accounted for in equation 2.3. To
avoid strain and loss of contact at these interfaces it is also important to choose
electrode materials that do not change their volume significantly upon lithium
ion insertion and extraction.
The ionic conduction properties of solids are closely related to their crystal
structures. Other microstructural e ects such as the presence of grain bound-
aries are also important for ionic conduction. Heat treatment can therefore
cause sintering e ects that may a ect the conductivity of solid electrolytes. Be-
cause of this, combining powder x-ray di raction measurements and impedance
spectroscopy measurements is a powerful method of characterising solid elec-
trolyte materials and for optimising their lithium conductivity. The conduction
mechanism of such materials can be investigated by using quasi-elastic neutron
13
Chapter 2. Theory
scattering to observe lithium di usion while applying an electrical signal to the
material. In this work, these experimental techniques have formed the basis for
my solid electrolyte research and will be introduced in the following sections.
2.2 Powder X-ray Di raction
2.2.1 X-ray Di raction and Bragg’s Law
In this work, I used powder X-ray di raction (XRD) for structural character-
isation of the powder samples. X-rays are electromagnetic waves (or photons)
with the energy E = hc/⁄, for which the wavelength ⁄ is on the order of an
Ångström, or 10≠10 m (h denotes Planck’s constant and c is the speed of light).
The fact that atom sizes and interplanar distances between the atoms are also
on the order of an Ångström provides an explanation for why x-ray scattering
o  crystalline materials is useful for crystal structure determination.
In a powder di raction measurement, an incident (nearly) monochromatic
Cubic Hexagonal
Orthorhombic
= =
Rhombohedral Tetragonal
Monoclinic Triclinic
Figure 2.5: The seven 3-dimensional crystal lattice systems. The number of symmetry
axes varies between the lattice systems; the cubic system has the most symmetry axes
and the triclinic lattice system has no symmetry axis. Only primitive lattices are shown
here (systems with lattice points on the cell corners only), but all 14 possible Bravais
lattices can be obtained from these seven crystal lattice systems by introducing body-
centred, face-centred and base-centred lattice points.
(001) (100) (101) (110) (111)
Figure 2.6: Examples of planes with di erent Miller indices in a cubic crystal. Par-
allel planes have identical Miller indices. Scattering o  parallel planes will interfere
constructively at a certain angle according to Eq. 2.7 and consequently yield a peak in
the di raction pattern.
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x-ray beam is scattered o  a polycrystalline material and onto a detector, which
measures the intensity of the scattered wave. The resulting powder di raction
pattern can be used to solve the three-dimensional crystal structures of the
phases in the powder. The details of powder di raction patterns are discussed
in section 2.2.2 and the Rietveld method for crystal structure characterisation
is presented in section 2.2.4.
The powder samples to be investigated in the di raction measurement are
composed of one or more crystalline phases. Each phase takes on one of the
seven possible crystal lattice structures shown in Figure 2.5, which describe
the symmetry of the crystal. The seven lattice systems can be divided into 14
categories called Bravais lattices, which can be further divided into 230 di erent
space groups depending on the placement of atoms in the lattice. Exactly one
such space group can be assigned to the crystal structure of every crystalline
material (with the exception of quasi-crystals).
As the crystals are composed of repetitive structures with a certain degree of
symmetry, it is possible to draw di erent sets of planes containing the atoms in
the lattice. One method of describing such lattice planes is by using the Miller
indices (hkl), as shown in Figure 2.6. The planes described by the di erent com-
bination of indices form all possible directions of scattering planes in a crystal.
Furthermore, this works in a periodic manner, as all planes with identical Miller
indices (hkl) are parallel to each other and equally spaced with an interplanar
spacing dhkl. Each plane in such a set of (hkl) planes can be thought of as a
separate scattering object.
Let us now consider scattering o  infinite parallel lattice planes (hkl) sepa-
rated by a distance dhkl, as pictured in Figure 2.7. At a certain scattering angle
◊, the di erence in the path lengths of beams that scatter o  atoms in sepa-
rate parallel planes will equal an integer multiple of the wavelength and Bragg’s
law [39],
Figure 2.7: An illustration of Bragg’s law. Consider two incident x-ray beams that hit
atoms situated in separate parallel scattering planes of a crystal. The path lengths of the
two beams, from the x-ray source to the detector, di er by twice the length denoted by
” in the figure. By simple triangular geometry it can be found that 2” = 2dhkl ·sin(◊hkl).
It is assumed that the two incident beams are in phase before hitting the lattice. If the
outgoing beams shall also be in phase, the di erence in their path lengths must equal
an integer multiple of the wavelength ⁄, i.e. 2” must equal m⁄, m œ Z. Thus, for the
beams to interfere constructively, the condition of Equation 2.7 must be fulfilled.
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2dhkl · sin(◊hkl) = m⁄, (2.7)
holds. Here ⁄ is the wavelength of the incident x-ray beam, ◊hkl is the angle
between the incident beam and the scattering plane (hkl), and m œ Z. Con-
structive wave interference occurs exactly when the condition of Bragg’s law is
met. At all other angles destructive wave interference cancels out the scattered
wave. As a consequence, the number of counts registered by the detector in-
creases greatly exactly at the scattering angles ◊ for which Bragg’s law holds.
This results in a peak in the di raction pattern corresponding to the scattering
o  the plane (hkl). As this occurs for every set of parallel planes, i.e. for each
combination of the Miller indices (hkl), a complete di raction pattern with a
peak corresponding to each set of parallel planes emerges from the XRD mea-
surement.
2.2.2 The Powder Di raction Pattern
The powder di raction pattern is a plot of the detected intensity as a function
of the scattering angle 2◊ in either one or two dimensions, depending on the
geometry of the experiment and the detector type. Examples of both types
of di raction patterns, from a measurement of a LiBH4-LiI solid solution, are
shown in Figure 2.8. A further discussion of the experimental setup of these
XRD measurements can be found in section 3.2.
As a result of Bragg’s law, the positions of the peaks in a di raction pattern
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Figure 2.8: Di raction patterns from a measurement of a LiBH4-LiI solid solution
performed at the MAX II synchrotron at MAX-lab in Lund, Sweden. a) A di raction
pattern recorded using a two-dimensional detector in a transmission geometry. The
pattern appears rotationally symmetrical around the direction of the incident beam due
to the random orientations of the crystallites in the powder. As a result, the pattern
forms so-called Debye-Scherrer rings. The needle-shaped white line is a beam-stop to
prevent the incident beam from hitting the detector. b) Here the two-dimensional
pattern in Figure a) has been integrated over the axis of rotational symmetry, resulting
in a one-dimensional di raction pattern. This method yields much better counting
statistics than by simply plotting a single cross section of the Debye-Scherrer rings.
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depend on the atom locations, i.e. on the unit cell size of the crystal lattice and
on the positions of the atoms in the cell. The intensities of the peaks mainly
depend on the scattering cross-section of the atoms in the crystal. X-rays scatter
o  electrons and therefore the scattering cross-section of each atom is directly
related to its electron density. This is a rather unfortunate fact in this work,
considering that most of the powder investigated here includes H, Li and B
ions. These atoms have very low electron densities and are therefore poor x-ray
scatterers.
The knowledge of the unit cell size and the atom types and locations in the
crystal lattice is su cient to distinguish one crystalline phase of a material from
another. Since these are exactly the parameters that govern the position and
the intensities of the di raction peaks, it is clear that each crystalline phase has
a unique di raction pattern. This clarifies how XRD measurements can serve as
a method to identify which crystalline phases are present in a sample.
Powder samples are composed of a large number of small crystallites. Each
crystallite is assumed to have a random orientation, which means that, on av-
erage, scattering o  each plane is as likely in any direction. If, however, the
crystallites in the sample have some preferred orientations, the scattering o 
some planes will be more intense than expected. This will a ect the intensities
of the di raction peaks and must be taken into account when modelling the
di raction patterns.
The peaks in a di raction pattern are not ideal delta-shaped peaks, but
instead have a finite width. This broadening is due to several e ects and arises
because in practise, Bragg’s law is never fulfilled at a single, discrete value of ◊
but rather within a statistical distribution of ◊ values. The broadening can be
described by a peak shape function P, which is a convolution of the contributions
to the peak broadening:
P (◊) =  (◊)¢  (◊)¢ (◊) + —0(◊) (2.8)
Here   denotes the instrumental resolution function,   is the wavelength
dispersion function,   is the sample broadening function and —0(◊) is the mea-
surement background function.
The instrumental resolution is limited due to a number of physical and ge-
ometrical factors. It can, however, be determined by measuring a well-known
standard sample and analysing the resulting di raction pattern. The wave-
length dispersion function accounts for the fact that the incident wave is not
truly monochromatic, which causes Bragg’s law to be fulfilled for a distribution
of ⁄ values. The background contribution arises because of noise registered by
the detector and because of possible amorphous phases present in the sample.
The sample function describes broadening due to the physical properties of the
sample, and is therefore the most scientifically interesting contribution to the
peak broadening. The sample broadening mainly arises for two reasons; the
broadening due to the size of the crystallites in the powder (size broadening)
and the broadening due to strain on the crystal lattice (strain broadening).
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2.2.3 Size and Strain Broadening
When describing Bragg’s law in the previous section, the assumption was made
that the material was composed of a practically infinite number of lattice planes.
If this is true, di raction peaks will appear only at the true Bragg angle, while
negative interference will cancel out the waves at all other angles. This ap-
proximation holds for relatively large crystals, but starts breaking down if the
crystal size is on the order of 100 nm or smaller. Then there are only a few tens
or hundreds of parallel scattering planes, which may not be su cient to cancel
out all reflections at angles slightly o  the true Bragg angle. Bragg’s law will
thus be fulfilled within a distribution of angles for scattering o  small crystals,
resulting in a peak broadening. A decrease in crystallite size will thus lead to
broader di raction peaks. The relationship between the crystallite size and size
broadening can be described by the Scherrer equation [40]
µ = k⁄
— cos ◊ , (2.9)
where µ is the average crystallite size, ⁄ is the wavelength of the incoming beam,
◊ is the di raction angle and — is the full width at half-maximum (FWHM) of
the di raction peak located at the angle ◊. Note that the broadening due to the
instrumental resolution should be subtracted from the value of —. The Scherrer
constant k is a shape factor and is usually taken to equal 0.9. The Scherrer
equation assumes that all crystallites in the powder have the same shape.
Strain broadening arises if the lattice structure of the crystal is not perfectly
relaxed, i.e. if the atom positions are shifted as a result of deformation forces
that bend the lattice out of its expected shape. Such forces can e.g. be present
if the crystal lattice contains point defects or if the sample is composed of an
inhomogeneous solid solution. In this case, the atoms in the crystal will not
all be strictly positioned at their expected lattice sites, but rather be slightly
distributed around those sites. This will cause Bragg’s law to be fulfilled for a
distribution of angles ◊. The strain broadening can be described by the Stokes-
Wilson equation [41]
÷ = —4 tan ◊ (2.10)
where ÷ quantifies the lattice strain. Similar to the case of size broadening, the
broadening due to the instrumental resolution should be subtracted from the
value of —.
Note that the size and the strain broadening e ects have di erent angular
dependencies. When modelling the peak shapes in a di raction pattern, it is
therefore often possible to distinguish the contributions from the crystallite size
and from the lattice strain, even if both e ects cause a non-negligible peak broad-
ening at the same time. This is performed by modelling numerous di raction
peaks corresponding to a single crystalline phase and observing the development
in the FWHM of the peaks with ◊.
A combined expression of the contributions to the peak broadening can be
derived from eq. 2.9 and 2.10. Assuming that the instrumental broadening is
known and that other possible broadening e ects are negligible, the FWHM of
a di raction peak at the angle ◊ is
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—(◊) =
Û3
k⁄
µ cos ◊
42
+ (4÷ tan ◊)2 + —20 (2.11)
where —0 denotes the contribution of the background signal. This expression can
be used for modelling the shapes of individual peaks, e.g. if the quality of the
data at hand does not allow for a complete modelling of the di raction pattern.
2.2.4 Rietveld Refinement
Rietveld Refinement is a least-squares method for modelling a full di raction
pattern using the structural parameters of the crystalline sample [42]. A more
detailed description of the contents of this subsection can e.g. be found in [43].
The observed intensity at each step of the di raction pattern can be written as
Yc = Yb +
ÿ
Yr (2.12)
where Yb is the background contribution at that step and the second term is
the summed contribution from all Bragg peaks located near that step of the
di raction pattern. The Bragg contributions are assumed to have a certain peak
shape, e.g. a Gaussian or a Lorentzian shape, while the background is assumed
to be a smooth function that is often modelled by a polynomial. In order to find
the best least-squares fit to the observed data, the expressionÿ
w(Yo ≠ Yc)2 (2.13)
must be minimised. Here Yc is the calculated fit to the observed data-point Yo
and w is a weight factor depending on the variance in Yo. The solution to this
minimisation problem is usually found using software specifically designed for
Rietveld refinement. The refinements presented in this work were carried out
using the GSAS software [44].
It is important to be able to assess the quality of the least-squares refinement
in order to have an indication of the accuracy of the physical parameters that
are extracted from the model. The so-called ‘goodness of fit’ is defined as
‰2 =
q
w(Yo ≠ Yc)2
Nobs ≠Nvar (2.14)
where Nobs is the number of observations (data points) and Nvar is the number of
variables in the model. ‰2 equals approximately unity for an optimal refinement.
The expected weighted residuals are indicated by
Rwp =
Ûq
w(Yo ≠ Yc)2q
wY 2o
. (2.15)
The residuals approach zero with increased refinement quality.
A number of physical parameters can be estimated using the Rietveld method.
These include, but are not limited to: The unit cell parameters, the average crys-
tallite size (Eq. 2.9), the lattice strain (Eq. 2.10), the relative phase abundances,
preferred orientations in the sample, atom occupancies and atom displacement.
It must, however, be kept in mind that the quality of a refinement can never
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exceed the quality of the measured data. And due to the large number of fitting
parameters, especially in samples containing multiple crystalline phases, I be-
lieve the following words should be kept in mind when modelling x-ray di raction
data:
“A Rietveld refinement is never perfected, merely abandoned”
-Peter Stephens
2.3 Impedance Spectroscopy
2.3.1 Impedance
The conductivity of the solid electrolyte materials was measured using impedance
spectroscopy. This is a well-suited technique for solid electrolyte research as the
interfaces in a solid state cell will polarise in a certain way when an electric
signal is applied. Examples of such interfaces are those of two di erent compo-
nents of the cell (e.g. electrolyte and electrode) or interfaces between grains in a
polycrystalline cell component. If the direction of the electric signal is reversed,
the polarity at the interfaces will change with a time constant that is char-
acteristic for each particular type of interface. In an impedance spectroscopy
measurement, this phenomenon is utilised by applying an alternating current
(AC) electric signal to the cell and measuring its response. By repeating this for
a large array of AC frequency values, information can be obtained about the re-
sponse of the various types of interfaces in the cell. A comprehensive discussion
of impedance spectroscopy can be found in [45].
In an impedance spectroscopy measurement, the response to an electric signal
is measured in terms of the impedance. Similar to how the resistance R is the
ratio of the voltage to current in a direct current (DC) circuit, the impedance
Z is the ratio of the voltage to current in an alternating current (AC) circuit.
While the resistance is a measure of the opposition to DC flow, the more general
concept of impedance is a measure of the opposition to AC flow and describes
both the resistance and the phase shift of the resulting signal.
As visualised in figure 2.9, the impedance can be written as a complex number
Z = R+ iX = |Z|ei◊ (2.16)
Figure 2.9: An Argand diagram of the impedance Z. The plot shows both the rectan-
gular coordinate representation of Z in terms of R and X, as well as the polar coordinate
representation in terms of |Z| and ◊.
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where the real part corresponds to the resistance and the imaginary part (called
‘reactance’) accounts for the phase di erence;
Re(Z) = R = Z Õ = |Z| cos(◊) (2.17)
Im(Z) = X = Z ÕÕ = |Z| sin(◊)
where the modulus and the phase angle are given by
|Z| =
Ò
(Z Õ)2 + (Z ÕÕ)2 and ◊ = arctan(Z ÕÕ/Z Õ) (2.18)
respectively.
Impedance spectroscopy measurements can be performed either by applying
a single-frequency voltage U to the sample and measuring the amplitude and the
phase shift of the resulting current I (potentiostatic) or by driving the current
I through the sample and measuring the resulting voltage U (galvanostatic).
The two methods are equivalent if the electric signals are small (i.e. U < RT/F
where R is the gas constant, T is the temperature and F is Faraday’s constant),
because then the sample response will be linear [45].
In this work, the potentiostatic method was mainly used. In that case an
AC single-frequency voltage
u(t) = Usin(Êt) (2.19)
is applied to the sample. Here U is the magnitude of the voltage and Ê = 2ﬁf
is the angular frequency of the AC signal. The resulting current will be
i(t) = Isin(Êt+ „). (2.20)
where „ denotes the phase shift between the input and the output signal. The
impedance is the ratio of the voltage to the current, i.e.
Z = u(t)
i(t) =
Usin(Êt)
Isin(Êt+ „) . (2.21)
If such a measurement is repeated for a large range of frequencies Ê, the
outcome will be an impedance spectrum. The spectrum is usually plotted in
a Nyquist plot, which is a plot of Z ÕÕ = Im(Z) as a function of Z Õ = Re(Z).
Examples of Nyquist plots are shown in figure 2.10. As already mentioned, the
impedance spectrum often contains contributions from multiple interface pro-
cesses in the cell. If changes in polarity at these interfaces occur with di erent
time constants, their contributions will appear in di erent frequency ranges in
the Nyquist plot. One way of separating and identifying the di erent contri-
butions in an impedance spectrum is therefore to fit a model to the Nyquist
plot.
2.3.2 Equivalent Circuit Elements
Impedance is defined in a manner that is analogous to the definition of resistance.
It is a measure of the response of a system to an electric signal, and therefore it
is somewhat natural to describe the outcome of an impedance measurement in
terms of electrical circuit components. The most common method of modelling
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an impedance spectrum is to find an electrical circuit that has a frequency
response equivalent to that of the measured cell. In such an equivalent circuit
model, the impedance of resistors, capacitors and other circuit elements can be
combined in a circuit that yields a Nyquist plot corresponding to the measured
plot.
In this work, four di erent equivalent circuit elements have been utilised
to describe the measured impedance spectra. Two of these elements, the re-
sistance and the capacitance, correspond directly to ideal well-known electrical
circuit elements that are expected to be point-shaped (i.e. have no expansion in
space). The other two are the constant-phase element (CPE) and the Warburg
element, which do not correspond directly to commonly used electrical compo-
nents. These are distributed circuit elements that arise partly due to the fact
that the measured sample is not point-shaped but of finite size and therefore dis-
tributed in space. Let us now turn to the contribution of each of these elements
to the impedance.
Resistance
In the case of a purely resistive behaviour, the impedance is identical with the
resistance R, i.e. the phase shift „ equals zero and Z is a purely real quantity.
Then the ratio between the voltage and the current is described by Ohm’s law
ZR =
u(t)
i(t) =
U sin(Êt)
I sin(Êt) = R. (2.22)
Capacitance
In the case of a purely capacitive behaviour, the response to the voltage u(t) is
described by C = q/u(t), where C is the capacitance and q is the electric charge.
Then the resulting current is
i(t) = dq
dt
= Cdu(t)
dt
. (2.23)
For a combination of many capacitive elements, the problem of solving such
di erential equations may prove extremely di cult. It is therefore more conve-
nient to Fourier transform Eq. 2.23 into an algebraic equation in the frequency
domain. This results in
I(Ê) = iÊC · V (Ê). (2.24)
where i is the imaginary unit, not to be confused with the current i(t) in the
time domain. An example of how this may be derived can be found in Appendix
A of my MSc thesis [46]. The ratio between the voltage and the current for a
purely capacitive behaviour is
ZC(Ê) =
V (Ê)
I(Ê) =
1
iÊC
. (2.25)
as expressed in the frequency domain. This expression is purely imaginary and
corresponds to a phase shift only.
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Constant-Phase Element
The constant-phase element (CPE) is a distributed equivalent circuit element
which models the behaviour of a double-layer, which can be viewed as an imper-
fect capacitor. The finite distribution of the sample in space makes it a non-ideal
element, but other imperfections such as the roughness of the electrodes may
also contribute here [45]. In this case, the Nyquist plot forms a depressed circu-
lar arc, i.e. a semi-circle that has its origin below the Z Õ axis. The CPE has an
impedance of
ZQ(Ê) =
1
Q0(iÊ)n
(2.26)
where Q0 = 1/|Z| at Ê = 1 rad/s, and n œ [0, 1]. The fit parameters in this
equation are Q0 and n. Note that for n æ 1, Q0 æ C and ZCPE æ ZC , as
can be seen by comparison with eq. 2.25. In such a case, the Nyquist plot
forms a perfect, non-depressed semi-circle. In this work the exponent n usually
takes on values of 0.9 < n < 1 and thus Q0 can be referred to as a ‘pseudo-
capacitance’ [47].
Warburg Element
The Warburg element is a distributed equivalent circuit element which mod-
els semi-infinite di usion. When charge passes in a cell for a prolonged time,
di usion of the active ions to the surface of the electrodes interface must take
place to maintain the concentration of these ions. A process that is limited by
the di usion rate will appear as an additional time-dependent contribution to
the impedance spectrum. This contribution can be modelled by the Warburg
element, which has a constant phase of 45°. The impedance of this element is
ZW (Ê) =
AWÔ
Ê
+ AW
i
Ô
Ê
(2.27)
The fit parameter AW is the Warburg coe cient, a di usion coe cient of ions
in a solid solution.
2.3.3 Nyquist Plots and Equivalent Circuit Models
In order to fit the circuit elements to a Nyquist plot, they must be combined
into an equivalent circuit that adequately describes the shape of the plot. Once
a circuit has been chosen, the parameters of the equivalent circuit can be fitted
to the measured data using least-squares methods. In this work, this has been
performed using the software ZSimpWin. It should be noted that the equivalent
circuit model will not be unique, as an arbitrary number of circuit elements
may be combined to fit the impedance spectrum. However, using more circuit
elements than necessary is usually avoided, because for a good interpretation
of the model one should be able to assign a physical process in the cell to each
element of the equivalent circuit.
To illustrate how equivalent circuits can be employed to model impedance
spectra in a Nyquist plot, two of the equivalent circuits that have been used for
fitting the impedance spectra measured during this work are shown in Figure
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2.10. Note that this figure shows the calculated impedance of these circuits,
i.e. it is not based on any measured data. The impedance of the circuits is
calculated by combining the impedances of the individual circuit elements. This
is performed in the same manner as when combining resistors; elements con-
nected in series are directly summed while the reciprocals of elements connected
in parallel are summed.
In this work, I used the circuit in Figure 2.10a for fitting the impedance
spectra of symmetrical cells with a solid electrolyte and lithium metal electrodes.
It can be denoted as an (RQ)(RQ) circuit (the parenthesis denote the knot
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Figure 2.10: Nyquist plots of two equivalent circuit models made from calculated
values using Eq. 2.28 and 2.29 respectively. The frequency Ê ranges from 1 MHz
to 1 Hz and decreases from left to right in the plots. The resistor sizes are chosen
as Rse = 2500   and Rct = 250   in both plots. a) Two (RQ) circuits (i.e. circuits
containing a resistor and a CPE in parallel) connected in series. The Nyquist plot of the
total circuit is shown in black while the plots of the two sub-circuits are shown in blue
and red, respectively. The two arcs are slightly depressed semi-circles with n1 = 0.95
and n2 = 0.85. b) A series connection of an (RQ) circuit and an ([RW ]C) (Randles)
circuit. The Nyquist plot of the total circuit is shown in black, while the plots of the
individual sub-circuits are shown in blue and red, respectively. The Warburg element
describes the tail at the low-frequency end of the plot. The tail has a slope of 45¶ and
can usually be attributed to a di usion process.
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points of parallel connections) where each of the two arcs in the Nyquist plot in
Figure 2.10a corresponds to a (RQ) sub-circuit. The larger, high-frequency arc
is expected to arise due to the impedance of the bulk and the grain boundaries
of the solid electrolyte, and can be modelled in terms of a resistance Rse and a
pseudo-capacitance (CPE) Qse. The smaller, low-frequency arc is expected to
correspond to the impedance of the interface between the solid electrolyte and
the lithium metal electrodes and can be modelled as a charge transfer resistance
Rct and a double layer pseudo-capacitance (CPE) Qdl [48]. The (RQ)(RQ)
circuit has a total impedance of
Z(Ê) = ZRseQse + ZRctQdl =
A
1
ZRse
+ 1
ZQse
B≠1
+
A
1
ZRct
+ 1
ZQdl
B≠1
. (2.28)
I used the circuit in figure 2.10b for fitting the impedance spectra of bat-
tery cells with a solid electrolyte, lithium metal as the negative electrode and
a Li+ intercalation material as the positive electrode. It can be denoted as an
(RQ)([RW ]C) circuit (where the rectangular parenthesis denote a series con-
nection within the parallel sub-circuit). As before, the high-frequency arc cor-
responds to the impedance of the bulk and the grain boundaries of the solid
electrolyte. The ([RW ]C) sub-circuit is called the Randles circuit and describes
the impedance spectrum of a lithium intercalation electrode in terms of a charge
transfer resistance Rct, a double layer capacitance Cdl and a Warburg di usion
element Wd [48,49]. In this case, the Warburg element describes the di usion of
lithium ions to and from the surface within the particles of the the intercalation
material, and is thus connected in series with the charge transfer resistance. The
(RQ)([RW ]C) circuit has a total impedance of
Z(Ê) = ZRseQse + Z[RctWd]Cdl =
A
1
ZRse
+ 1
ZQse
B≠1
+
A
1
ZRct + ZWd
+ 1
ZCdl
B≠1
.
(2.29)
The total impedance of each circuit can be obtained using the expressions
for the impedance of the individual circuit elements shown in section 2.3.2. The
equivalent circuit fits yield the values of the defining parameters for each circuit
element, such as R for a resistor and C for a capacitor. The equivalent circuit
model thus gives quantitative information about the physical parameters of those
individual processes that can be separated in an impedance spectrum.
2.3.4 The Brick Layer Model
As discussed in section 2.3.1, it is possible to separate contributions from pro-
cesses that change their polarity with di erent time constants, as these will ap-
pear in di erent frequency ranges in the impedance spectra. Some processes do,
however, change their polarity with similar time constants, and may therefore
not be possible to resolve separately in an impedance spectroscopy measurement.
A general model for interpreting impedance spectra of polycrystalline materials,
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termed the Brick Layer Model [50,51], addresses this issue. An excellent discus-
sion of the model was given by Haile et al. [47] and a shorter summary of the
model can be found in my MSc thesis [46].
The Brick Layer Model is described in Figure 2.11. The idea behind the
model is that the conductivity paths can be divided into four regions; the bulk
(grain interior), the grain boundaries parallel to the current flow, the grain
boundaries perpendicular to the current flow and the electrodes. The model also
assumes that the sample has a typical microstructure, i.e. that the volume of the
bulk is far greater than the volume of the grain boundaries. Each of the regions is
assumed to change its polarity with a certain time constant when an AC signal
is applied. It is, however, not clear if the impedance contributions from the
di erent regions can be separated in all cases. The answer to this mainly depends
on the relative conductivities of the regions and on the characteristic frequencies
of their response to the AC signal. The characteristic freqency Ê0 = 1/(RC) in
an impedance spectrum is defined as the frequency at which the maximum of
an arc in a Nyquist plot is located.
An equivalent circuit for the Brick Layer Model is shown in Figure 2.12a. It
is, however, highly unlikely in practise that the impedance contributions from the
grain interiors and the parallel grain boundaries can be resolved in an impedance
spectrum. The equivalent circuit can therefore be simplified by merging the two
parallel (RQ) sub-circuits of these contributions into one, as shown in Figure
2.12b.
The two (RQ) sub-circuits can be thought of as two competing conduction
pathways within the material. In order to investigate how the two conduction
pathways relate to the observed arcs in a Nyquist plot, the ratio of their corre-
sponding conductivities ‡b+gbÎ and ‡gb‹ can be investigated. The conductivity
of a material is an extensive quantity and depends on its dimensions and its
electrical resistance by
Figure 2.11: A schematic of the Brick Layer Model. It is assumed that the grains
in the polycrystalline material are cube-shaped with grain boundaries between each
cube. The boundaries are divided in two categories: Grain boundaries that lie parallel
to direction of the expected main current flow between the electrodes (the x-direction)
are termed ‘parallel’ grain boundaries, while the boundaries perpendicular to these
are termed ‘perpendicular’ (or ‘series’) grain boundaries. The model assumes that the
sample has a typical microstructure, i.e. that g π G. Figure reprinted from [47].
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Figure 2.12: a) An equivalent circuit for the brick layer model presented in figure
2.11. The bulk conduction and the parallel grain boundary conduction are assumed to
flow in parallel, while the perpendicular grain boundaries are assumed to be connected
in series with those. The electrodes are assumed to have a double layer capacitance
in series with the rest. b) A simplified equivalent circuit where the two parallel (RQ)
circuits have been merged together and the capacitance of the electrodes has been taken
to be negligible.
‡ = L
AR
, (2.30)
where L is the thickness of the material and A its area. The e ective conductivity
of the circuit elements is found by directly summing elements that are connected
in parallel and summing the inverse of those connected in series.
According to Figure 2.11, each building block of the Brick Layer Model
consists of a bulk cube, a perpendicular grain boundary and two parallel grain
boundaries. It is assumed that the parallel and perpendicular grain boundaries
are composed of the same material and therefore both types of boundaries have
the same conductivity, i.e. ‡gbÎ = ‡gb‹ = ‡gb. Using geometric considerations
in Figure 2.12b, the e ective conductivity of the two conduction paths is found
to be
1
‡e 
= 1
‡b+gbÎ
+ 1
‡gb‹
= 1
‡bulk + 2 gG‡gb
+ 1G
g ‡gb
. (2.31)
To better understand how much each of the two conduction pathways con-
tributes to the impedance spectrum, the ratio of the two conductivity values
‡bulk and ‡gb can be investigated:
‡b+gbÎ
‡gb‹
= Rgb‹
Rb+gbÎ
= g
G
‡bulk
‡gb
+ 2g
2
G2
(2.32)
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For a Nyquist plot to display two distinguishable arcs (one for each (RQ) sub-
circuit in figure 2.12b), both of the following criteria must be met:
1. Rb+gbÎ and Rgb‹ must have comparable magnitude, i.e. approximately
0.01 Æ Rb+gbÎ/Rgb‹ Æ 100. Otherwise the smaller arc might be overshad-
owed by the larger one.
2. The characteristic frequencies Ê0 of the two conduction mechanisms must
di er significantly. Similar characteristic frequencies will lead to a super-
position of the two arcs which may make them indistinguishable.
The two criteria can be considered for three di erent cases:
Case 1: ‡bulk > ‡gb
As already mentioned, the Brick Layer Model assumes that g π G. As a result,
the first term will dominate Eq. 2.32 and the approximation can be made that
the second term is negligible, i.e.
‡b+gbÎ
‡gb‹
= Rgb‹
Rb+gbÎ
¥ g
G
‡bulk
‡gb
(2.33)
Because g/G < 1 and ‡bulk/ > ‡gb in this case, it is reasonable to assume that
the first criterion is met for many combinations of these parameters.
The characteristic frequency can be written as Ê0 = 1/(RC) = ‡/(ÁrÁ0),
where Ár and Á0 are the dielectric constants of the material and of vacuum, re-
spectively. It can be assumed that the dielectric constants of the bulk material
and of the grain boundaries are rather similar. Because ‡bulk > ‡gb, it is clear
that Ê0,bulk > Ê0,gb and criterion 2 also holds. In this case, two distinguishable
arcs will thus be observed in the impedance spectrum. The arc at the higher
frequency will correspond to the conduction pathway through the bulk material
and the parallel grain boundaries, whereas the arc at the lower frequency will
correspond to the conduction pathway through the perpendicular grain bound-
aries.
Case 2: ‡gb > ‡bulk
If ‡gb/‡bulk Ø G/(2g), the conduction path through the parallel grain boundaries
is more feasible than through the bulk. Eq. 2.32 can therefore be approximated
as
‡b+gbÎ
‡gb‹
= Rgb‹
Rb+gbÎ
¥ 2g
2
G2
. (2.34)
But since g π G holds, it is clear that Rb+gbÎ π Rgb‹ and the two arcs will
have very di erent magnitudes.
If ‡gb/‡bulk < G/(2g), the approximation in Eq. 2.34 does not hold, but
the approximation in Eq. 2.33 becomes valid again. But because g π G and
‡bulk < ‡gb, it becomes clear that Rb+gbÎ π Rgb‹ and the two arcs will again
have very di erent magnitudes. The first criterion is therefore not met, and the
smaller arc will most likely be overshadowed by the larger one.
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Case 3: ‡bulk ¥ ‡gb
In this case the ratio between ‡bulk and ‡gb approaches 1. Because g π G, the
approximation can be made that the second term in 2.32 can be neglected, and
the approximation in Eq. 2.33 holds. This means that Rb+gbÎ π Rgb‹, i.e. the
arcs have very di erent magnitudes. The same argumenation as in Case 1 can
again be employed to show that this time, Ê0,bulk ¥ Ê0,gb holds. Therefore the
two arcs will not only have di erent magnitudes, but they will also fall in a very
similar region of the impedance spectrum and will thus not be distinguishable
from each other. Note that here the smaller arc, that will be overshadowed by
the larger arc, corresponds to the perpendicular grain boundaries. The single arc
observed in this case can therefore, in practise, be attributed to the combined
response of the parallel grain boundaries and the grain interiors.
Summary
The relationship between the conduction pathways and the shape of the Nyquist
plot according to the Brick Layer Model can be summarised as follows:
• In all cases we assume a polycrystalline material with a typical microstruc-
ture and expect the Nyquist plot to exhibit either one or two arcs.
• The only case where two arcs are observed is if ‡bulk > ‡gb. I.e. in the
case of two arcs being observed, it can immediately be concluded that the
bulk conductivity is larger than that of the grain boundaries.
• In all other cases, i.e. for ‡bulk ¥ ‡gb or ‡bulk < ‡gb, only a single arc
will be displayed. It is a combination of both parallel grain boundary
conduction and grain interior conduction. Without additional knowledge
of the sample microstructure, the relative magnitudes and conductivity
of the two mechanisms cannot be resolved using impedance spectroscopy
only.
2.3.5 Relating Impedance to Conductivity
The impedance spectroscopy measurements in this work were all performed on
symmetrical cells containing solid electrolytes, or on whole all-solid-state bat-
tery cells. Because of the criterion that solid electrolytes must have good ionic
conductivity, the most important parameter of the equivalent circuit fits in this
context is the resistance R of the samples.
The impedance spectra of the symmetrical cells were fitted using one or two
(RQ) circuits in series (as shown in Figure 2.10a), depending on the shape of
the Nyquist plot. Here the larger (RQ) arc was attributed to the combined
bulk and parallel grain boundary impedance while the smaller arc (if present)
was attributed to the impedance of the perpendicular grain boundaries. If the
smaller arc was not present, its contribution was assumed to be drowned out by
the larger arc.
The impedance spectra of the whole battery cells were fitted using an (RQ)(RC)W
circuit (as shown in Figure 2.10b). Here the (RQ) arc was attributed to the
combined bulk and parallel grain boundary impedance, while the (RQ) arc was
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attributed to the interface between the electrolyte and the cathode. The arc
corresponding to the perpendicular grain boundaries was assumed to be over-
shadowed by the others in the whole battery cells.
The conductivity of the samples was found using Eq. 2.30. For the sym-
metrical cells the resistance of the electrolyte was assumed to be R = R1 +R2,
i.e. the combined resistance of both (RQ) sub-circuits (if they could be resolved
separately). For the whole battery cells, the electrolyte resistance was assumed
to be R = R1, i.e. the resistance of the (RQ) sub-circuit only.
For the symmetrical cells, the impedance spectroscopy measurements were
carried out for a range of temperatures. The conductivity ‡ as a function of
temperature T is expected to follow an Arrhenius behaviour, i.e.
‡(T ) = Ae≠Ea/(kBT ) ≈∆ ln(‡) = ln(A)≠ Ea
kBT
(2.35)
where Ea is the activation energy of the process, kB is the Boltzmann constant
and A is a pre-factor in the same units as ‡. When plotted against 1/T in a
semi-logarithmic plot, the Arrhenius equation forms a straight line. The slope
of the line, which can be found by performing a linear least-squares fit of the
Arrhenius plot, corresponds to the activation energy of the conduction process.
2.4 Quasi-Elastic Neutron Scattering
2.4.1 Neutron scattering
I used quasi-elastic neutron scattering (QENS) to study the mechanism for
lithium ion conduction in the LiBH4-LiI solid solution. The technique employs
so-called ‘cold neutrons’, which makes it very well suited for detecting atomic
motion, such as rotations and di usion. The reason for this is that the en-
ergy of cold neutrons is on the same order of magnitude as the energy levels of
atomic motion in crystals, and their wavelength is on the order of interatomic
distances [52].
Neutrons are uncharged particles and thus have no Coulomb interaction with
the nuclei of the sample. They can therefore easily penetrate deep into the
sample. Free neutrons are not stable and have a mean lifetime of about 15
minutes. They can be produced by the fission of heavy nuclei, e.g. in a nuclear
reactor. Because of this, QENS measurements are only available at large-scale
research facilities. In this section, only a short discussion of the principles behind
QENS is provided. An excellent overview of QENS can be found in [53], and a
more comprehensive discussion of the method is given in [52].
A free neutron has a mass of mN = 1.675 · 10≠27 kg, an energy of E = 12mv˛2
and a momentum of p˛ = mv˛, where v˛ is its velocity. Using the De Broglie
relation, neutrons can also be regarded as plane waves with a wavelength of
⁄ = h/|p˛| where h is Planck’s constant. When free neutrons are produced,
e.g. at a fission reactor, their energy can be lowered by equilibration at a low
temperature, resulting in what is called cold neutrons. Their average thermal
energy is given by Maxwell’s law, E = 32kBT , where T is the equilibration
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temperature and kB is the Boltzmann constant. Neutrons are considered ‘cold’
if their average energy is in the range of 0.8 meV < E < 5 meV.
The kinematics of the scattering process are shown in Figure 2.13. Consider
an incident neutron with the energy
E0 =
p20
2mN
. (2.36)
When the neutron enters the sample it will either pass undisturbed through
it, be absorbed by a nucleus in the sample, or be scattered by a nucleus in
the sample. In the following, the last case is assumed, i.e. that a scattering
event takes place. If the neutron has the energy E1 and the momentum p˛1 after
scattering o  a nucleus, the energy transfer of the scattering event is
 E = E1 ≠ E0 (2.37)
and the momentum transfer is
 p˛ = p˛1 ≠ p˛0 = ~Q˛. (2.38)
Here Q˛ is defined as the scattering vector and ~ is the reduced Planck constant.
Note that it is assumed that the total energy and momentum of the system are
conserved during the scattering process. If  E = 0, i.e. if the energy of the
neutron does not change during the scattering event, the scattering is said to be
elastic; otherwise it is said to be inelastic. In a QENS measurement, only near-
elastic scattering is monitored, which is ensured by only allowing neutrons with
specific energies to be detected by the instrument. A QENS measurement results
in a histogram over a narrow energy window (on the order of µeV) centred around
 E = 0 and ranging from ≠ E to  E, which is called a QENS spectrum.
2.4.2 Quasi-Elastic, Incoherent Scattering
Here it has been assumed that the nuclei in the sample are not in motion prior
to the scattering event. At finite temperatures this is, however, not true as pro-
cesses such as thermal vibration, rotational motion and translational di usion
take place in the sample. Because of this, the observed  E in an elastic scat-
tering measurement does not result in a Dirac delta peak at zero, but rather in
2θ
Δp
p0, E0
p1, E1
Figure 2.13: A schematic of the kinematics of neutron scattering. When an incident
neutron with the energy E0 and momentum p˛0 scatters o  a nucleus, its changes its
direction by 2◊ and subsequently has the energy E1 and momentum p˛1. It is assumed
that the total energy and momentum of the system are conserved in the scattering
process.
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a finite probability distribution around zero. This phenomenon is called quasi-
elastic scattering and forms the basis of QENS. With su cient knowledge about
the neutron energies and the scattering geometry, the shape of the probability
distribution (the quasi-elastic signal) can be used to gain knowledge about the
rates of the atomic motions in the sample.
In a QENS experiment, the measured quantity is the double di erential
cross-section
ˆ2‡
ˆ ˆE1
=
A
ˆ2‡
ˆ ˆE1
B
coh
+
A
ˆ2‡
ˆ ˆE1
B
inc
, (2.39)
which gives the probability that incident neutrons with energy E0 are scattered
into a solid angle element d  around the direction   and subsequently possess
an energy in the range of E1 and E1 + dE1. The scattering cross section can
be separated in two parts, called coherent scattering and incoherent scattering.
Neutrons that are scattered coherently o  nuclei of di erent kinds in the sam-
ple interfere with each other and have a scattering potential that is randomly
distributed around an average. Coherent scattering does therefore not lead to
interference e ects, and is only observed as a background signal in a QENS mea-
surement [52]. Incoherent scattering of neutrons do, on the other hand, have
a uniform scattering potential that gives rise to interference e ects and thus a
scattering signal with a certain probability distribution (and not a random dis-
tribution). Because of this, it is the incoherent scattering that is of importance
here, as it gives information about the atomic motion in a QENS measurement.
Neutron scattering o  a nucleus depends heavily on the type of nucleus in
question. This is quantified in terms of the scattering cross-section ‡, which
varies greatly between di erent elements and isotopes. The scattering cross-
section can be separated into coherent and incoherent cross-sections, such that
‡ = ‡coh + ‡inc. The values of ‡ are empyrical and the values for the isotopes
used in QENS measurements in this work can be found in Table 3.3. The results
of QENS measurements are usually modelled in terms of the scattering function
S(Q˛,Ê), which is related to the experimentally observed double di erential cross-
section and the isotope-dependent scattering cross-sections byA
ˆ2‡
ˆ ˆE1
B
inc
= ‡inc4ﬁ~
p˛1
p˛0
NSinc(Q˛,Ê) (2.40)
where ‡inc is the average incoherent scattering cross-section of the nuclei in the
sample and N is the number of nuclei.
2.4.3 The Scattering Function
The scattering function S(Q˛,Ê) describes the scattering in the frequency space,
but by Fourier transforming it into the time space the so-called intermediate
scattering function I(Q˛, t) is obtained:
Iinc(Q˛, t) =
⁄
Sinc(Q˛, t)eiÊtdt (2.41)
The incoherent intermediate scattering function can be separated into a time-
independent and a time-dependent part
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Iinc(Q˛, t) = Iinc(Q˛,Œ) + Itdinc(Q˛, t). (2.42)
By Fourier transforming this expression back into frequency space, this can be
expressed in terms of the scattering function
Sinc(Q˛,Ê) = Iinc(Q˛,Œ)”(Ê) + Sinelinc (Q˛,Ê), (2.43)
where ”(Ê) is the Dirac delta function. Here the first term in the sum denotes the
purely elastic scattering component, which yields a zero-width peak at  E = 0
in the QENS spectrum. The second term is the quasi-elastic component, which
contains information about the atomic motion in the sample. This term results
in a probability distribution around  E = 0 that is usually modelled with a
Lorentz distribution
L( ,Ê) =  
ﬁ(Ê2 +  2) , (2.44)
where   denotes the half-width at half-maximum (HWHM) of the distribution.
The atomic motion can be split into three di erent kinds: Reorientational
motion, intramolecular vibrations and lattice vibrations. The first kind describes
e.g. rotations and di usion of atoms in the sample and thus contains the in-
formation of interest in a QENS measurement. The last two kinds arise due to
thermal vibrations, i.e. due to the kinetic energy of the atoms at finite tempera-
tures. The thermal vibrations are typically much faster than the reorientational
motion, and will therefore not be observable on the time scale that the instru-
ment can measure. When modeling the QENS spectra, it is therefore reasonable
to include the contribution of the thermal vibrations as a background function
B(Q˛). Furthermore, the measurement instrument has a finite resolution, which
is accounted for by convoluting the scattering function with an instrumental
resolution function R(Q˛,Ê). This function is found by performing a QENS
measurement at T æ 0 K, as the sample will show negligible atomic motion at
close to the absolute zero. After these considerations, the scattering function
used for modelling the impedance spectra becomes
Stotinc(Q˛,Ê) = R(Q˛,Ê)¢ (A0(Q˛)”(Ê) +A(Q˛)L( ,Ê)) +B(Q˛). (2.45)
The factors A(Q˛) and A0(Q˛) are the integrated intensities that correspond to
the inelastic and elastic contribution to the spectra, respectively. The fraction
of the total quasielastic intensity that corresponds to the purely elastic peak
can be quantified using the elastic incoherent structure factor (EISF), which is
defined as
AEISF(Q˛) =
A0(Q˛)
A(Q˛) +A0(Q˛)
. (2.46)
The EISF describes the ratio between the elastic and the inelastic signal observed
in a QENS measurement.
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2.4.4 Rotational motion
There are mainly two types of reorientational atomic motion that are of interest
for this work. The LiBH4-LiI solid solutions exhibit rotation of the BH4 tetra-
hedra. Such motion is well known in borohydrides and has been observed for
the LiBH4-LiI solid solution (as discussed in Paper B). [54, 55]. A long-range
di usion of lithium ions is also expected when an electric signal is applied to the
solid solution, due to its good Li+ conduction properties.
To describe the rotation motion of the BH4 tetrahedra, a three-site jump
model was used. The model describes rotations in 120¶ steps around an axis
perpendicular to one face of the tetrahedron. This axis is called a C3 axis and is
pictured in Figure 2.14. Note that one hydrogen atom remains immobile during
the rotation (neglecting thermal vibration motions). The basis for the model,
which arises from the probabilities of atoms jumping from one site to another,
will not be discussed here, but a detailed description can be found in chapter 6
in [52].
The scattering function for the model of the C3 rotation motion can be
modelled as
SC3(Q˛,Ê) = AC3(Q˛)”(Ê) +
!
1≠AC3(Q˛)
"
L( ,Ê) (2.47)
i.e. as a Dirac delta peak corresponding to the elastic signal and a Lorentzian
distribution corresponding to the quasi-elastic signal. Here AC3(Q˛) is the elastic
incoherent structure factor (EISF) for the C3 rotation
AC3(Q˛) =
1
4 +
3
4A3(Q˛). (2.48)
The two terms in this expression indicate that only three out of every four hy-
drogen atoms are moving. The EISF for the three hydrogen atoms that are in
motion is based on the probabilities for jumps among three equivalent, equidis-
tant sites on a circle (i.e. 120¶ jumps). It can be written as
A3(Q˛) =
1
3
!
1 + 2j0(Q˛r3
Ô
3)
"
(2.49)
where j0(x) = sin x/x is the spherical Bessel function of zeroth order. The
parameter r3 is the radius of the rotation and r3
Ô
3 is thus the jump distance
Figure 2.14: An illustration of the rotation of a BH4 tetrahedron around a C3 axis.
The rotation axis runs through the H atom at the top of the tetrahedron, which remains
immobile during the rotation. The remaining three H atoms rotate in steps of 120¶.
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in the 120¶ rotations. In the C3 model, the HWHM (denoted by  ) of the
Lorentzian L( ,Ê) is related to the jump rate ·≠1C3 of the motion by
 C3 =
3
2·
≠1
C3 . (2.50)
Note that the HWHM for the C3 model does not depend on the scattering vector
˛˛
Q, and does therefore not change with scattering angle.
To see if the model fits the measured data from a QENS experiment, the
experimental EISF AEISF(Q˛) can be compared to the theoretical EISF AC3(Q˛).
Furthermore, the jump length r3
Ô
3 and the jump rate ·≠1C3 can be directly
compared to calculated values from density functional theory (DFT) atomic-
scale calculations. In this way, QENS and DFT can be applied as complimentary
methods of modelling motion on the atomic level.
2.4.5 Di usion
The conduction of lithium ions in the solid solution is expected to be observed
in QENS as a long-range di usion. This can be modelled by the Chudley-
Elliott model, which describes jump-di usion between nearest-neighbor sites on
a Bravais lattice [56]. The model assumes that the time it takes an atom to
perform a jump is negligible compared to the average residence time of an atom
at a given site. The basis for the scattering function corresponding to this model,
which arises from the probability of locating an atom at a certain point in space
at a given time, will not be covered here, but is discussed in chapter 5 in [52].
The intermediate incoherent scattering function for such a jump-di usion
motion is
Iinc(Q˛, t) = Iinc(Q˛, 0) exp(≠ t) (2.51)
where Iinc(Q˛, 0) is the time-independent part of the function. The Fourier trans-
form of Iinc( ˛˛Q, t) into freqency space gives the scattering function
Sinc(Q˛, t) =
1
ﬁ
 (Q˛)
( (Q˛))2 + Ê2
, (2.52)
which is a Lorentz distribution with a HWHM of  , as seen by comparison with
Equation 2.44. In the Chudley-Elliott model, the relationship of the HWHM of
the Lorentzian to the scattering angle Q˛, the di usion jump rate ·≠1D and the
e ective jump length L is given by
 D(Q˛) = ~·≠1D (1≠ j0(Q˛L)). (2.53)
Here j0(x) = sin x/x is again the spherical Bessel function of zeroth order. In
the jump-di usion model, the HWHM is a function of the scattering vector ˛˛Q,
i.e. it changes with the scattering angle. A fit of the HWHM as a function of Q˛
gives the values of the di usion jump rate ·≠1D and the e ective jump length L.
Furthermore, A Taylor expansion of  D(Q˛) for low values of Q˛ up to the
third order gives
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 D(Q˛) =
l2
2n·Q
2, (2.54)
where n is the dimensionality of the motion (for one-, two- or three-dimensional
motion). From this expression it can be seen that HWHM varies as DQ2, where
D = l
2
2n· (2.55)
is the di usion constant of the jump motion. The values for the jump rate ·≠1D ,
the e ective jump length L and the di usion coe cient D obtained from the
Chudley-Elliott model can be directly compared to the results of DFT calcula-
tions. QENS and DFT have been used as complimentary methods for describing
long-range di usion in LiBH4-LiI solid solution in Paper B, as well as in the PhD
thesis of Jón Steinar Gararsson M˝rdal [57].
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Experimental Procedures
This chapter describes the practical aspects of the measurement equipment and
the experimental methods used in this work. First, I discuss the synthesis and
preparation methods of the solid electrolyte materials. The next sections cover
the experimental procedures of the powder x-ray di raction measurements, the
conductivity measurements and the battery cell measurements. I conclude the
chapter by a short description of the quasi-elastic neutron scattering samples
and of the experimental setup for those measurements.
3.1 Synthesis and Preparation of Samples
3.1.1 Planetary Ball Milling
I performed all synthesis and preparation of the solid electrolyte materials using
the planetary ball milling method. A Fritsch Pulverisette P6 ball mill was used
to rotate a stainless steel vial with an inner volume of 250 ml at 650 rpm for two
hours for all samples. A total of 2 g of precursor powder was inserted into the vial
for each milling together with 25 tungsten carbide balls, resulting in a sample-
to-ball mass ratio of 1/100. During my research stay at Tohoku University in
Sendai, Japan, I used a Fritsch Pulverisette P7 ball mill to rotate a stainless steel
vial with an inner volume of 45 ml containing 0.5 g of precursor powder. There,
the sample-to-ball mass ratio was 1/180. The milling vials were always filled and
sealed inside a glove box under argon atmosphere. The solid electrolyte powders
and their precursors are all sensitive to oxygen and moisture, and therefore all
sample handling during this work was carried out in argon atmosphere.
During planetary ball milling, the tungsten carbide balls constantly bom-
bard the particles of the sample, as shown in Figure 3.1. In this process, the
crystallites are broken into smaller pieces, increasing the reaction surface of the
powder. The rather violent milling process mechanically provides an activation
energy that can allow chemical reactions to take place at those surfaces. The
milling process can also a ect the microstructure of the grains by inducing crys-
tal defects such as vacancies and dislocations. In this way, the milling process
can change the physical and chemical properties of the powder even without any
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Figure 3.1: The kinetics of planetary ball milling. The milling vial is rotated around
itself, and the supporting disk, on which the vial is sitting, also rotates, exerting a
centrifugal force on the vial and its contents. As a result, the tungsten carbide balls
(shown as gray circles in the figure) follow approximately the path shown with the
dashed lines before hitting the walls of the vial and bombarding the powder (shown as
red dots in the figure).
chemical reactions taking place, as discussed in section 4.1.3 and Paper A.
3.1.2 Sample Preparation
The LiBH4 - LiI Solid Solution
Solid solutions of lithium borohydride (LiBH4) and lithium iodide (LiI) were
synthesised by planetary ball milling as described in section 3.1.1. LiBH4 pow-
der of >95% purity and LiI beads of >99% purity were used, both from Alfa
Aesar Co. The solid solutions were syntesised in the mixing ratios shown in Ta-
ble 3.1. The pure LiBH4 powder was also ball milled, to allow direct comparison
with the properties of the ball milled solid solutions. Powder x-ray di raction
measurements and impedance spectroscopy measurements were performed on
the as-milled powder. To investigate the e ect of heat treatment on the mi-
crostructure and the lithium ion conductivity of the powder, a fraction of the
powder from each milling was annealed under Ar atmosphere at 140 ¶C for 70
hours.
The LiBH4 - Ca(BH4)2 Composite
LiBH4-Ca(BH4)2 composites were prepared by planetary ball milling as de-
scribed in section 3.1.1. LiBH4 powder of >95% purity from Alfa Aesar Co.
and Ca(BH4)2 powder (of unknown purity) from Sigma Aldrich Co. were used.
The composites were mixed in the ratios shown in Table 3.2. Pure LiBH4 and
pure Ca(BH4)2 were also milled for comparison with the composite powder.
Powder x-ray di raction measurements were performed after each milling to
determine the phase composition of the powder, and impedance spectroscopy
measurements were performed to investigate the ionic conduction of the com-
posites.
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Table 3.1: The mixing ratios of the ball milled LiBH4-LiI samples. Pure LiBH4 was
also ball milled for comparison. The molar ratios x are shown as percentages and
as fractions, as both terminologies are used in this work. The mixing ratios were, in
some cases, chosen in accordance with those used for density functional theory (DFT)
calculations, as the limited number of unit cells that are practical in a calculation poses
limits to the mixing ratios that are accessible using DFT. Such calculations are presented
in [57]
.
x (%) x (fraction) (1≠ x)LiBH4 + xLiI
0 0 LiBH4
6.25 1/16 15/16LiBH4 + 1/16LiI
12.5 1/8 7/8LiBH4 + 1/8LiI
18.75 3/16 13/16LiBH4 + 3/16LiI
25 1/4 3/4LiBH4 + 1/4LiI
31.25 5/16 11/16LiBH4 + 5/16LiI
40.625 3/32 19/32LiBH4 + 13/32LiI
50 1/2 1/2LiBH4 + 1/2LiI
Table 3.2: The mixing ratios of the ball milled LiBH4-Ca(BH4)2 samples. Composites
covering a wide range of Ca(BH4)2 content were prepared. The precursor powders were
also ball milled in their pure form for comparison.
x (%) x (fraction) (1≠ x)LiBH4 + xCa(BH4)2
0 0 LiBH4
12.5 1/8 7/8LiBH4 + 1/8Ca(BH4)2
18.75 3/16 13/16LiBH4 + 3/16Ca(BH4)2
25 1/4 3/4LiBH4 + 1/4Ca(BH4)2
33.33 1/3 2/3LiBH4 + 1/3Ca(BH4)2
50 1/2 1/2LiBH4 + 1/2Ca(BH4)2
66.67 2/3 1/3LiBH4 + 2/2Ca(BH4)2
75 3/4 1/4LiBH4 + 3/4Ca(BH4)2
100 1 Ca(BH4)2
3.2 Powder X-ray Di raction
3.2.1 Laboratory Measurements
All ball milled samples, as well as the precursor materials, were characterised
using powder x-ray di raction. I performed these measurements using a Cu
K– Bruker D8 laboratory di ractometer with a LynxEye detector, operating at
40 kV and 40 mA. The instrument has a Bragg-Brentano geometry as shown
in Figure 3.2. All measurements were performed at room temperature. The
samples were prepared under argon atmosphere and sealed inside an airtight
polyethylene sample holder from Bruker Co. The instrument was typically set
to an exposure time of 3 seconds per step (sometimes more) and a step size of
0.02¶. All measurements were performed using a variable slit size. After each
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Figure 3.2: The Bragg-Brentano geometry of the Bruker D8 di ractometer. Both the
Cu K– x-ray source and the detector move on a circular path, but their movement is
coupled so that both are always positioned at the same angle ◊ with respect to the
sample surface. In this way, only photons that are specularly reflected (i.e. have the
same incoming and outgoing reflection angle) are registered by the detector. With
this setup, the x-ray di raction of the sample can be measured over a wide range of
di raction angles in Bragg’s law (Eq. 2.7). The sample holder is situated on a rotating
disc in order to minimise scattering from preferred orientations in the sample. The
airtight sample holder has a dome-shaped polyethylene cap (blue in the figure) which
results in a considerable background signal in many of the di raction patterns.
measurement, the data intensity was corrected for the variable slit size and the
K–2 signal was subtracted.
The ball milled samples have rather small crystallite sizes, on the order of
a few hundred nanometers. This leads to a broadening of the di raction peaks,
as seen in the Scherrer equation (Eq. 2.9). Furthermore, Li, B and H are poor
x-ray scatterers, as discussed in section 2.2.2, and therefore the intensity of the
di raction peaks is rather low for most of the samples in this work. This limits
the quality of the data, and in many cases it was not possible to successfully
perform a full Rietveld refinement of the di raction patterns that were measured
using the laboratory di ractometer.
I performed Rietveld refinements of the data using the GSAS software [44].
When a full refinement was not possible, e.g. for the LiBH4-LiI solid solutions
(see chapter 4 and Paper A), I used the GSAS software to find the di raction
peak positions with the Le Bail method [58]. This method is a ‘structureless
refinement’, which models the positions of the peaks using their integrated in-
tensities, without any modelling of the peak shapes. In some cases, when the full
refinement was not possible, I found the full width at half-maximum (FWHM)
of selected di raction peaks using the peak fitting software FITYK [59]. The
contributions to the FWHM from the crystallite size and from crystallographic
defects (strain) were separated using the combined expression for the size and
strain broadening in Equation 2.11.
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3.2.2 Synchrotron Measurements
Synchrotron x-ray sources deliver x-rays with an intensity that is many orders of
magnitude greater than that of a laboratory di ractometer. Synchrotron mea-
surements can therefore be valuable to obtain di raction patterns of a higher
quality, i.e. with more intensity and better counting statistics than laboratory
equipment can o er. During this work, I participated in synchrotron x-ray
di raction measurements at the ID11 beamline at the ESRF in Grenoble, France;
at the P07 beamline at the Petra III synchrotron at DESY in Hamburg, Ger-
many and at the I711 beamline at the MAX II synchrotron in MAX-lab in
Lund, Sweden. Although the main focus of these measurement periods was on
other materials (not directly related to this work), I had the chance to measure
di raction patterns of the LiBH4-LiI solid solution in a few mixing ratios and of
all-solid-state battery cells containing the solid solution at these facilities. An
example of a two-dimensional di raction pattern from such a measurement in
shown in figure 2.8. These measurements were, however, not performed in a sys-
tematic manner for many di erent mixing ratios of annealed and non-annealed
solid solutions. As it is di cult to compare microstructural XRD information
obtained using di erent instruments, the synchrotron measurements are not in-
cluded in chapter 4 nor Paper A.
X-ray di raction patterns from synchrotrons are, on the other hand, included
in chapter 5 and Paper C. These measurements were performed at the beamline
BM01A of the Swiss-Norwegian Beamlines (SNBL) at ESRF in Grenoble, France
by Marit Dalseth Riktor, and at the I11 beamline at the Diamond Light Source
in Oxfordshire, England by my co-supervisor Poul Norby. I handled the sample
preparation and the analysis of the resulting data. The samples were mounted in
glass capillaries that were sealed under argon atmosphere using an epoxy adhe-
sive. The di raction patterns of (1≠x)LiBH4+xCa(BH4)2 with x = {0.125, 1.0}
were measured at ESRF. A Pilates 2M detector was used, and the radiation had
a wavelength of 0.69386 Å. The data were calibrated using a NIST LaB6 stan-
dard sample and data processing was carried out using the SNBL tool box [60].
The di raction patterns of (1≠ x)LiBH4+xCa(BH4)2 with x = {0.25, 0.5} were
measured at the Diamond Light Source, a Mythen II PSD detector was used at
2◊ angles ranging from 1¶ to 91¶ and a wavelength of 0.82712 Å. The data were
calibrated using Si as an external standard. All synchrotron measurements were
performed at room temperature. The two-dimensional di raction patterns were
integrated using the Fit2D software [61] and Rietveld refined using the GSAS
software.
3.3 Conductivity Measurements
The electrical conductivity of the solid electrolyte samples was measured using
impedance spectroscopy. I implemented and tested the experimental setup used
for the measurements as part of my MSc project, and a more detailed description
of it can be found there [46]. Photos and schematics of the setup are shown in
Figure 3.3. The setup was further improved at the beginning of this work by
positioning the measurement rig inside a glove box, thereby ensuring that as
little oxygen and moisture as possible would reach the samples. All sample
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Figure 3.3: The impedance spectroscopy experimental setup, which is situated inside
an argon-filled glove box. a) A photo of glass furnace, containing the sample rig. b)
A close-up of the sample rig. c) The sample rig is enclosed within two cylindrical glass
tubes. The outer tube is double-walled, and is a furnace with a heating element (red in
the figure) and a thermocouple (green). The inner tube contains the sample rig as well as
a second thermocouple (green) that measures the temperature at the sample. The heater
and the two thermocouples are connected to a Eurotherm temperature controller d) A
close-up of a cross-section of the sample rig. The rig is made of steel rods (light gray)
and polyetheretherketone (PEEK) plates (dark gray), which hold the sample (brown)
in place. The height of the plates can be adjusted to ensure that the sample sits tightly
in the rig regardless of its thickness. The sample is situated between two copper discs
(orange), which serve as current collectors and are connected to the potentiostat via
electric wires (red and blue).
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preparation and measurements thus took place under argon atmosphere. As
shown in Figure 3.3a, the sample rig is positioned inside glass vials. These vials
serve as a furnace, and have a heating element that is connected to a Eurotherm
temperature controller. During the measurements, the samples were heated from
30¶C and to 100¶C or 140¶C (depending on the sample type) in steps of either
5¶C or 10¶C, and subsequently cooled back down to 30¶C using the same step
size. The samples were equilibrated at a constant temperature for at least 40
minutes prior to each measurement.
For the impedance spectroscopy measurements, the powder samples were
pressed in a stainless steel die into cylindrically shaped pellets with a diameter
of 13 mm and a thickness of 1.5 - 3.0 mm. Lithium foil of 0.38 mm in thickness
(from Sigma Aldrich Co.) was placed onto both faces of the pellets as electrodes.
The powder and the lithium were pressed simultaneously at 1 ton/cm2. By
comparing the density of the pressed pellets to the theoretical density of the
material, the porosity of the pellets was estimated to be 0.4 - 0.5. For the
measurements, a Princeton PARSTAT 2273 potentiostat was used to apply a
constant voltage of 1 V and measure the resulting current. The frequency range
of the AC signal was typically set to 100 mHz to 1 MHz. Impedance spectroscopy
measurements were also performed during my research stay at Tohoku University
in Sendai, Japan. There, all parameters were the same except that a Hioki 3532-
80 potentiostat was used, and the pellets were 8 mm in diameter and 0.9 mm in
thickness.
3.4 Battery Cells
3.4.1 The Battery Components and Cell Assembly
I tested the (1≠x)LiBH4+xLiI solid solutions in all-solid-state working battery
cells. Lithium titanate (Li4Ti5O12, also denoted LTO), a lithium ion intercala-
tion material with a capacity of 175 mAh/g, was used as the positive electrode
in the battery cells. Lithium metal was used as the negative electrode. The open
circuit voltage of LTO against lithium is approximately UOCV = 1.56 V. The
all-solid-state battery measurements were all carried out at 60¶C. The solid elec-
trolytes were synthesised by planetary ball milling as described in section 3.1.1.
Solid solutions with x = 3/16 were used in the battery cells, as the impedance
spectroscopy measurements show that at 60¶C, this mixture has the best lithium
ion conduction properties out of the mixing ratios tried in this work (see section
4.4 and Paper A).
The positive electrodes were prepared by Ane Sælland Christiansen, a fellow
PhD student at DTU Energy Conversion. They were made by coating a mixture
of 80 wt% Li4Ti5O12 from Sigma Aldrich Co., 10 wt% Super C65 from Timcal
and 10 wt% polyvinylidene fluoride in N-Methyl-2-pyrrolidone (NMP) on alu-
minium foil. The electrodes were dried at 80¶C in air, followed by compression
in a roll press. They were subsequently punched into discs of 10 mm in diameter.
Afterwards the cathodes were transferred to an argon filled glove box and dried
overnight in a vacuum oven at 80¶C. The electrodes had a layer thickness of 3
µm and an active particle load of 0.5 mg/cm2. The mass of LTO in each of the
positive electrodes was estimated to be 0.37 mg. The negative electrodes were
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made of lithium foil of 0.38 mm in thickness from Sigma Aldrich Co. that was
punched into discs of 8 mm in diameter. The mass of each negative electrode
was approximately 10 mg.
The all-solid-state cells were assembled inside a cylindrical polyetherether-
ketone (PEEK) die, described in figure 3.4. The battery cells were assembled by
pressing them between two steel pistons, which also serve as current collectors.
Note that the PEEK die is electrically insulating, and pieces of hard rubber
were used as padding between the steel pistons and the press on both sides to
prevent short-circuiting the cell while pressing. The cell assembly and pressing
was performed in an argon-filled glove box, but after pressing the cells were
sealed tightly enough in the die to allow for measurements under atmospheric
conditions. The porosity of the solid electrolyte was estimated to be similar to
that of the pellets described in section 3.3, or around 0.5, and the thickness of
the electrolyte was approximately 1.2 mm. These cells will be referred to as
LTO | LiBH4-LiI | Li cells.
Cells containing a steel electrode instead of the positive electrodes were as-
sembled for electrochemical testing of the electrolyte. In these cells, one lithium
metal electrode, 50 mg of (1≠x)LiBH4-xLiI powder and a stainless steel disc of
10 mm in diameter were pressed in the same manner as described above. These
cells were used for investigating lithium transfer through the electrolyte, and for
estimating the electrochemical stability of the electrolyte. These cells will be
referred to as Steel | LiBH4-LiI | Li cells.
Cells containing a liquid electrolyte were assembled by Ane Sælland Chris-
tiansen for comparison with the all-solid-state cells. In these cells, the positive
and negative electrodes were the same as in the cells described above. However,
instead of the LiBH4-LiI solid solution, a porous glass fibre membrane filled
with 1 M LiPF6 in EC:DMC (1:1, vol., Merck & Co) was used as the electrolyte.
PEEK die
Battery cell
Steel piston
(current collector)
Steel piston
(current collector)
Lithium electrode
LiBH4-LiI solid electrolyte
LTO electrode
Potentiostat
Figure 3.4: A cross-sectional view of the die used for the battery measurements. The
PEEK die contains a cylindrical hole with a diameter of 10 mm. The battery cell is
assembled by stacking the three components of the battery (the LTO electrode, the
solid electrolyte and the lithium electrode) on top of a steel piston inside the hole and
subsequently inserting a second steel piston on top of the cell. The two steel pistons
are then pressed together at around 1 ton/cm2. The steel pistons also serve as current
collectors and are connected to the potentiostat.
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These cells were assembled under Ar atmosphere, and strips of copper and alu-
minium foil were placed on opposite sides of the cell as current collectors. The
cells were sealed in polymer-coated aluminium laminate cells (pouch bag cells),
using a vacuum sealer. These cells will be referred to as LTO | LiPF6 | Li cells.
3.4.2 Battery Measurements
Charge and discharge measurements on the LTO | LiBH4-LiI | Li cells and the
LTO | LiPF6 | Li cells were performed using a Biologic VMP3 multichannel
potentiostat. The charge and discharge measurements of the LTO | LiBH4-LiI
| Li cells were performed at a temperature of 60 ¶C, but the measurements of
the LTO | LiPF6 | Li were carried out at room temperature. The all-solid-state
cells were under a mechanical load of 1.2 MPa during the measurements. The
cells were charged and discharged with a constant current I (galvanostatic). An
array of current values was tried, with I œ {2µA, 5µA, 10µA, 15µA, 20µA}. The
cells were charged and discharged until reaching a voltage limit, which was set
at 2.6 V or 3.0 V for charge and 1.0 V for discharge. The cells are assembled in
the charged state, and upon discharge the following reaction occurs from left to
right at the LTO electrode:
Li4Ti5O12 + 3Li+ + 3e≠ Ωæ Li7Ti5O12 (3.1)
Upon charge, this reaction takes place from right to left.
Impedance spectroscopy measurements were performed after each charge and
discharge of the LTO | LiBH4-LiI | Li cells using the Biologic VMP3 potentio-
stat. The frequency range of the impedance measurements was set from 1 Hz
to 300 kHz. In order to decrease noise in the resulting data, each data point
is an average value of five consecutive measurements. The temperature during
the impedance spectroscopy measurements was the same as during the charge-
discharge measurements, i.e. 60¶C. The resistance R of lithium ion conduction
in the solid electrolyte can be estimated from the results of the impedance spec-
troscopy measurements using Eq. 2.30.
Cyclic voltammetry measurements were performed on a Steel | LiBH4-LiI |
Li cell in order to evaluate the electrochemical stability of the solid solution.
These measurements were carried out by Rasmus Viskinde, a MSc student at
DTU Energy Conversion [62]. The measurements were done using a Princeton
PARSTAT 2773 potentiostat. A scan rate of 1 mV/s was used. The voltage was
cycled three times from 0 V to 2V, then three times from 0 V to 3 V, another
three times from 0 V to 4 V and a final three times from 0 V to 5 V.
A galvanostatic electric signal was applied to a Steel | LiBH4-LiI | Li cell.
The aim was to estimate the amount of lithium ions that could be deposited
on the surface of the steel electrode (lithium plating), in order to get an idea
of which process limits the discharge capacity of the all-solid-state batteries. A
Princeton PARSTAT 2773 potentiostat was used for running a constant current
of ≠10 µA through the cell.
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3.5 Quasi-Elastic Neutron Scattering
3.5.1 Samples and Isotopes
During this work, I performed QENS measurements using the instruments IN10
and IN16 at the Institut Laue-Langevin in Grenoble, France; the instrument
SPHERES at the Forschungs-Neutronenquelle Heinz Maier-Leibnitz (FRM II)
in Garching-bei-München, Germany and the instrument HFBS at the NIST
Center for Neutron Research in Gaithersburg, Maryland, USA. These research
facilities all operate their own nuclear reactor for the production of neutrons.
The measurements were performed in a collaboration with Didier Blanchard, a
senior researcher at DTU Energy Conversion.
As already mentioned, the QENS measurements were performed on the
LiBH4-LiI solid solution in order to study the mechanism for lithium ion con-
duction. Due to the great variation in neutron scattering cross-sections and
absorption coe cients with di erent elements and isotopes, it is important to
select the correct isotopes of Li, B, H and I for the purpose of the measurement.
The cross-section and absorption coe cient for each isotope are shown in Table
3.3. As discussed in Section 2.4.2, only incoherent scattering contributes to the
quasi-elastic signal, and therefore the coherent scattering-cross section ‡coh is
not of importance here.
Table 3.3: The neutron scattering cross-sections and absorption coe cients for hydro-
gen, lithium, boron and iodine. The fraction of the isotopes in the naturally occurring
elements, called relative abundance, is also shown. Data from [63].
Isotope Relative abundance (%) ‡coh (barn) ‡inc (barn) ‡abs (barn)
H 99.985 1.7599 79.91 0.3326
D 0.015 5.597 2.04 0.00051
6Li 7.5 0.51 0.41 940
7Li 92.5 0.619 0.78 0.0454
10B 20 0.14 3.0 3837
11B 80 5.56 0.22 0.0055
53I 100 3.50 0.0 6.2
As shown in Table 3.3, hydrogen has by far the largest incoherent scattering
cross-section of these isotopes. In order for the scattering signal from lithium to
be better visible in the resulting QENS spectrum, hydrogen must be substituted
by deuterium. The use of 6Li and 10B should also be avoided, as they have
very large absorption coe cients and would therefore attenuate the intensity of
the scattered signal. 53I is the only isotope of iodine, and has no incoherent
contribution to the scattering. Due to these considerations, the samples used in
the QENS measurements were composed of 0.757Li11BD4 + 0.257LiI.
The mixing ratio of the two compounds was chosen based on the conduc-
tivity of the (1-x)LiBH4 + xLiI as measured by impedance spectroscopy (see
chapter 4 and Paper A). Samples composed of 0.757Li11BH + 0.257LiI were also
synthesised and measured for comparison with the deuterated samples. For the
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sample preparation, 7Li11BD4 (purity >94%) ,7Li11BD4 (purity >94%) and 7LiI
(purity >98%) were purchased from Katchem. The solid solution was synthe-
sised by planetary ball-milling, as described for the LiBH4-LiI solid solutions in
section 3.1.1. Powder XRD was performed on the resulting powder to confirm
that a solid solution with the hexagonal HT crystal structure of LiBH4 had been
formed.
3.5.2 The Sample Cell and the Application of an Electric Signal
We used a flat sample cell made of aluminium, shown in Figure 3.5. Aluminium
has a very low incoherent scattering cross-section compared to the isotopes in
the sample (0.0085 barns) and a rather low neutron absorption coe cient (0.231
barns). For the measurements, 0.5 to 1.0 g of sample were inserted into the cell
and subsequently pressed at approximately 1 ton/cm2. The dimensions of the
sample after pressing were 4.0 cm by 3.0 cm with a thickness of around 0.5 mm.
The sample holder in Figure 3.5 is made of two aluminium plates that are held
together by aluminium screws. Thin Teflon flanges (white in the figure) were
inserted to isolate the two plates electrically from each other. Note that in this
way, the screws are only in direct electrical contact with one of the aluminium
plates. The Teflon flange situated in between the two aluminium plates also
serves the purpose of atmospherically sealing the cell, which is important as the
sample is sensitive to oxygen and moisture.
In order to enhance the motion of lithium ions in the sample, an alternating
current (AC) electric signal was applied to the sample in-situ, i.e. during the
neutron measurements. For this, electrical wires were connected to each side of
the sample cell, as shown in Figure 3.5a. A Parstat 2273 potentiostat was used
to apply a 1000 Hz AC signal with a constant voltage of 2 V or 3 V. Impedance
(a) (b)
Figure 3.5: The flat aluminium sample cell used for the QENS measurements. a)
An open sample holder containing a pressed sample. The white Teflon flange ensures
atmospheric sealing of the cell when it has been closed and pressed, but also serves as an
electrical insulator. Both aluminium plates have a small current collector for connecting
the cell to the potentiostat. b) A sealed sample holder mounted on the sample stick of
the QENS instrument. The red wires that are connected to the two current collectors of
the cell are connected to the potentiostat for the application of electrical signal in-situ.
A thin layer of Teflon tape electrically isolates the sample cell from the rest of the stick.
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spectroscopy measurements were also performed prior to each in-situ neutron
measurement. In this way the contribution of the sample to the impedance
could be observed, thereby confirming that the setup was correct and that the
electric signal was indeed running through the sample and not through some
other channel.
QENS spectra were measured at temperatures ranging from 4 K to 420 K
(147¶C). The instrument resolution function R(Q˛,Ê) was taken to be a QENS
spectrum measured at 4 - 10 K, as atomic motion at such low temperatures is too
slow to appear in the QENS spectra. Based on results from DFT calculations,
the C3 rotation of the BH4 was expected to be primarily observed at tempera-
tures below 300 K. At higher temperatures, the signal from the C3 rotation was
expected to be very broad and mainly appear as an almost flat background in
the measurements. The di usion of lithium ions was expected to be observed
at temperatures from approximately 300 K to 420 K, and measurements were
thus performed at various temperatures in this range. The C3 rotations and
the di usion motion have di erent jump rates, and is therefore be possible to
separate their contributions to the broadening in the QENS spectra.
At each of these temperatures, QENS spectra were measured both with and
without applying an electric signal with the aim of observing possible di erences
in the quasi-elastic signal between the two cases. When a potential is applied,
the lithium ions gain electrical energy in addition to their thermal energy. As
a result, the average lithium ion can overcome a larger potential barrier than
before and the mean number of Li+ jump events is thus increased. By comparing
QENS spectra obtained with and without an applied potential, it is possible to
separate the signal due to the increased motion of lithium ions from other atomic
motion in the sample. This can be achieved by fitting the resulting QENS spectra
using the Chudley-Elliott model (see Section 2.4.5) and comparing the resulting
jump lengths and jump rates for both cases. This has been done in Paper B.
3.5.3 Backscattering Spectrometers
The four di erent instruments used for the QENS measurements during this
work are all backscattering spectrometers. A schematic of the working principle
of such spectrometers is shown in Figure 3.6. This schematic is based on the
layout of the SPHERES backscattering spectrometer, but the same principles
hold for the other QENS instruments used in this work although e.g. the number
of analyzer crystals and detectors varies between instruments.
The backscattering method may not be the simplest scattering setup, but it
allows for an energy resolution on the order of µeV, making the detection of the
quasi-elastic signal possible. A backscattering spectrometer works as follows:
An incoming beam of neutrons is directed towards the instrument via a neutron
guide. It passes through a monochromator (a velocity selector), which only
lets through neutrons with the energy E. Those neutrons are then focussed at
a mirror, which deflects them into the so-called Doppler drive. The Doppler
drive is a mechanical oscillator that receives monochromatic neutrons with the
energy E but reflects them with a known energy distribution across an energy
spectrum [E≠dE,E+dE]. These neutrons form the incident beam that hits the
sample. The incident neutrons are scattered spherically (i.e. in all directions)
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by the sample with some neutrons gaining energy and others losing energy in
the scattering process. Some of the neutrons are scattered onto silicon crystals
(analysers), which cover a segment of the spatial scattering angle. Note that
the position of each analyser crystal corresponds to a certain scattering vector
Q˛. Due to Bragg’s law (Eq. 2.7), each analyser crystal only reflects neutrons
of a single energy. These neutrons are ‘backscattered’ into detectors situated
opposite to the analyser crystals. Because the energy distribution of the incident
neutron beam was known, it is possible to deduce how much energy change  E
the detected neutrons underwent in the scattering process. This reconstruction
of  E yields a histogram, which is called the QENS spectrum. Furthermore,
due to the presence of multiple analyser crystals and detectors, the scattered
signal can also be resolved in terms of the scattering vector Q˛.
Figure 3.6: The operating principle of a neutron backscattering spectrometer. The red
arrows in the figure denote the path of the neutron beam as it enters the instrument, is
reflected, scattered o  the sample and backscattered by the analyser crystals. The most
important components of the instrument are labelled in the figure. A backscattering
instrument is typically rather large, or a few meters in both diameter and height. This
figure is a schematic of the SPHERES backscattering spectrometer at FRM-II, and is
obtained from the NMI3 information portal (http://nmi2.eu)
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Chapter 4
The LiBH4-LiI Solid Solution
The LiBH4-LiI solid solution is the topic of Papers A and B. This chapter begins
with a short overview of lithium borohydride, the versatile material which forms
the centrepiece of this PhD project. Its crystal structure and general proper-
ties are briefly surveyed, followed by a discussion of its fast ionic conduction
properties and how ball milling and heat treatment a ect its conductivity.
In the next two sections of this chapter I present the findings of Paper A,
along with some additional information. Section 4.2 discusses how the highly
conducting high temperature phase of LiBH4 can be stabilized at room temper-
ature by adding lithium halides, in particular how LiI addition a ects the phase
transition temperature. Section 4.3 focusses on the crystalline structure, con-
duction properties, relative phase stabilities and phase transition temperatures
of the (1≠x)LiBH4-xLiI solid solution for a wide range of LiI content x. It pro-
vides a discussion of how these properties are correlated, with the aim of both
providing a fundamental understanding of the microstructural properties of the
solid solution and addressing the more practical question of how its lithium ion
conductivity can be optimized.
In section 4.5 I briefly present the experimental findings of Paper B, which
reports on the results of density functional theory calculations and quasi-elastic
neutron scattering measurements of the LiBH4-LiI solid solution, with the aim of
revealing the lithium ion conduction mechanism in the high temperature crystal
structure. As the section only contains a summary of the results from Paper B,
reading Paper B prior to reading section 4.5 is recommended. In the last section
of this chapter I summarise of the results on the LiBH4-LiI solid solution.
4.1 Lithium Borohydride
4.1.1 Crystal Structure and General Properties of LiBH4
Lithium borohydride, LiBH4, is a white, crystalline solid material. At room
temperature it has an orthorhombic (Pnma) crystal structure, but around 110¶C
it undergoes a reversible structural transition to a hexagonal structure (P63mc)
[64]. In the following, the two polymorphs will be referred to as the LT phase
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(low temperature, orthorhombic) and HT phase (high temperature, hexagonal),
respectively. The layout of the crystal structures is shown in Figure 4.1.
LiBH4 is lightweight, with a density of 0.666 g/cm3. Hydrogen accounts for
18.5% of its mass, and it has been extensively investigated as a possible hydrogen
storage material [65–69]. It releases hydrogen in a few steps at temperatures from
200 ¶C to 600 ¶C [70], but this temperature can be lowered by doping with e.g.
aluminium, titanium or SiO2 [65, 68]. Rehydrogenation after hydrogen release
is, however, di cult because diborane (B2H6) is usually formed during hydrogen
release [70].
LiBH4 is an electrical insulator in both crystal structures, with calculations
Table 4.1: The crystal structure parameters of the LT and HT structures of LiBH4.
The melting point of LiBH4 is 275 ¶C. Z denotes the number of formula units per unit
cell. Values obtained from [64].
T < 110¶C 110¶C< T < 275¶C
Symmetry Orthorhombic Hexagonal
Space group Pnma P63mc
a (Å) 7.178 4.276
b (Å) 4.437 4.276
c (Å) 6.83 6.948
Volume (Å3) 216.7 110.0
Z 4 2
Chapter 3. Solid Electrolytes
Figure 3.2: High (P63mc) and low (Pnma) temperature structures of LiBH4. a) Shows
one unit cell and neighboring atoms of the HT structure from the side, b) shows the
hexagonal structure of the HT phase from the top, c) shows one unit cell and neighboring
atoms of the LT structure from the side, d) shows one unit cell and neighboring atoms
of the LT structure from the top. Li: pale purple, B: pink and H white.
lithium defects is investigated and discussed and the results are compared
to previous theoretical work and QENS measurements.
• Screening for new Solid Electrolytes Presents screening on the sta-
bility of LiBH4’s HT structure, when Li is substituted with larger alkali
metal atoms or transition metals as well as work done looking for stable
compounds of LiBH4, LiI and LiNH2
3.2 Predicting the Stability of Li(BH4)1≠xIx Solid Solu-
tions
The subject of this section is presented in paper A, but will be summarized here.
As was mentioned in this chapter’s introduction, the HT phase of LiBH4 can be
stabilized with LiI, where the two form a solid solution of Li(BH4)(1≠x)Ix [59].
For the work in this chapter we were interested in seeing if a simple descriptor,
like the ground state energy di erence, could be used as a guide in the search
for new solid electrolyte materials. The idea here is that the stability change,
with increased concentration of iodine in the solid solution will be dominated
by the relative change in ground state energy rather than entropy. If this is
20
Figure 4.1: The HT (hexagonal) and LT (orthorhombic) crystal structures of LiBH4.
Lithium atoms are purple in the figure, boron atoms are pink and hydrogen atoms are
white. a) One unit cell and neighboring atoms of the HT structure shown from the side.
b) The hexagonal H structure shown from the t p. c) One unit cell and neighboring
atoms of the LT structure shown from the side. d) One unit cell and neighboring atoms
of the LT structure shown from the top. Figure reprinted from [57].
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showing a large band gap of approximately 6.7 eV [71,72]. Furthermore, LiBH4
is a strong reducing agent and is used for that purpose in organic synthesis,
in particular for the reduction of esters and amides. It is highly reactive with
oxygen and water, and must therefore be handled in an inert atmosphere, e.g.
in a glove box.
The exact crystal structure of the high temperature phase of LiBH4 has not
yet been fully agreed upon and has been the subject of quite a few studies in
recent years. Early accounts from the 1970’s discuss it as a tetragonal structure,
but after a more recent x-ray di raction study, Soulié et al. concluded that it is
a hexagonal structure with the space group P63mc [64]. The results of a density
functional theory (DFT) study showed, however, that the P63mc structure was
unstable with regard to lattice vibrations and suggested a Cc structure [73,74].
Findings from more recent DFT calculations and molecular dynamics simula-
tions suggest that the P63mc structure has two possible lithium sites along the
c-axis, and this double splitting is likely to be the origin of the previously cal-
culated instability [75, 76]. Aeberhard et al. also report on a double splitting
of the lithium sites in very recent molecular dynamics simulation, but suggest
the space group P63/mmc [77, 78]. The results of the most recent neutron and
x-ray di raction studies of the structure support a P63mc structure [79–81], but
report an orientational disorder of the borohydride groups [82,83]. In this work,
the P63mc structure as published by Soulié et al. [64] has been used for the
Rietveld refinement of x-ray di raction data.
4.1.2 Fast Ionic Conduction in LiBH4
The orthorhombic, low temperature structure of LiBH4 shows very low ionic
conduction. However, when LiBH4 undergoes the structural transformation from
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Figure 4.2: The ionic conductivity of as-received LiBH4, as measured by impedance
spectroscopy. The red symbols denote measurements during heating and the blue sym-
bols are measured during cooling. A very small hysteresis in the phase transition tem-
perature is observed. The conductivity increases by almost three orders of magnitude
as the crystal structure changes from the LT phase to the HT phase. These results are
in good agreement with the original results of Matsuo et al. [84].
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the LT structure to the HT structure, its conductivity increases by almost three
orders of magnitude. The superionic conductivity of the HT structure (i.e. ‡ > 1
mS/cm) was first reported by Matsuo et al. [84]. This behaviour is shown in
Figure 4.2. The results of nuclear magnetic resonance (NMR) measurements
have shown that the increase in conductivity is caused by an increase in lithium
ion motion [84–86]. Being an electrical insulator, as already mentioned, the
observed high electric conductivity can thus be attributed to fast conduction of
lithium ions. LiBH4 has furthermore been shown to be electrochemically stable
up to 5 V [87]. This makes LiBH4 a promising electrolyte for high temperature
all-solid-state batteries [76,84,85].
4.1.3 The E ect of Ball Milling and Heat Treatment
Ball milling and heat treatment were found to have a considerable impact on the
conductivity of LiBH4. XRD patterns of LiBH4 at di erent states of treatment
are shown in Figure 4.3. The di raction peaks of the ball-milled sample (blue)
are broader than those of the as-received sample (gray), showing that ball milling
reduces the crystallite size and/or induces strain on the crystal lattice. The
di raction peaks of the annealed sample (red) are slightly narrower than those
of the ball-milled sample (blue), indicating that some sintering took place during
the heat treatment.
These changes in the microstructure of the sample also a ect its conductivity.
The conductivity of as-received (non-milled) and ball-milled LiBH4, as measured
using impedance spectroscopy, is shown in Figure 4.4. The as-received (non-
milled) LiBH4 is in its poorly conducting LT phase. At around 120 ¶C, the
sample changes to the HT phase and the conductivity increases by almost three
20 30 40 50 60
2Θ !degrees"
LiBH4 ball milled, annealed (140°C, 70 h)
LiBH4 ball milled, non-annealed
LiBH4 as-received (non-milled, non-annealed)
Figure 4.3: X-ray di raction patterns of as-received LiBH4 (not ball-milled, non-
annealed), ball-milled LiBH4 (non-annealed) and LiBH4 that has been ball-milled and
annealed at 140 ¶C for 70 hours. The broadening of the di raction peaks varies depend-
ing on which treatment the samples had prior to the XRD measurement.
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Figure 4.4: The ionic conductivity of lithium borohydride before and after ball milling.
The filled symbols are measured during heating and the empty symbols are measured
during cooling. This notation will be followed throughout this work to distinguish
between heating and cooling runs. The sample is still in the LT phase after the milling.
Ball milling induces defects in the crystal structure of LiBH4, which greatly increases
the conductivity of the sample. The defects are, however, partially mended during the
heating and cooling cycle of the impedance spectroscopy measurement, again lowering
the conductivity of the sample.
orders of magnitude, as discussed in section 4.1.2. The ball-milled LiBH4 is also
in the poorly conducting LT phase (see Figure 4.3). However, defects arising
during the milling may open up new lithium ion conduction pathways. This
causes an increase in conductivity by almost three orders of magnitude close to
room temperature, compared to the non-milled LiBH4. When the ball-milled
LiBH4 is heated up above the phase transition temperature it takes on the HT
structure, presumably mending some of the defects caused by the ball milling.
The return to the LT phase when cooling the sample down most probably mends
the defects even further. As a result, some of the conduction pathways that were
present during the heating run are closed during the cooling run. Because of
this, the conductivity of the LT phase is substantially lower during the cooling
run than during the heating run. After the thermal treatment, the sample is
not, however, defect-free and the conductivity of the ball-milled sample is still
higher than that of the as-received LiBH4. This analysis is supported by the
changes that are observed in the broadening of the di raction peaks in Figure
4.3.
4.2 Stabilisation of the HT Phase of LiBH4 at Room
Temperature
4.2.1 Lithium Iodide Addition
Practical operating temperatures for most batteries are considerably lower than
120 ¶C, and high ionic conductivity at lower temperatures is therefore desirable
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Figure 4.5: The ionic conductivity of LiBH4 with LiI addition. A mixture with 25%
LiI molar content is shown here as an example. The conductivities of LiI as well as
as-received and ball milled LiBH4 are shown for comparison. The filled symbols are
measured during heating and the empty symbols are measured during cooling. LiI
forms a solid solution with LiBH4, which lowers the phase transition temperature of
LiBH4 and stabilises the high conductivity trend of the HT phase at room temperature.
The results are in good agreement with the original results of Maekawa et al. [88]. The
data for LiI is from [89].
for applications in working battery cells. Maekawa et al. showed that it is indeed
possible to lower the transition temperature between the HT and the LT phases
of LiBH4, thereby stabilising the highly conducting hexagonal crystal structure
at room temperature [88]. This is achieved by the addition of lithium halides
(LiI, LiBr and LiCl), with lithium iodide addition giving the best lithium ion
conduction results.
Lithium iodide has a low temperature modification below 0 ¶C known as —-
LiI, which has a P63mc structure and is thus isostructural with the HT phase
of LiBH4. LiI itself is a very poor ionic conductor (‡ ¥ 10≠8 S/cm at room
temperature) [89, 90], but forms a solid solution with LiBH4 [91] in the crystal
structure of LiBH4. The formation of the solid solution results in a lowering of
the structural transition temperature of LiBH4 by more than a 100 ¶C for 20% LiI
addition [92]. The LiBH4-LiI solid solution has been investigated as a hydrogen
storage material [93] and as a lithium ion conductor [57, 92]. Furthermore, the
reorientational motion of the borohydride groups in the solid solution have been
investigated by quasi-elastic neutron scattering [54,55].
4.2.2 Phase Transition Temperature
The phase transition temperatures of (1 ≠ x)LiBH4+xLiI solid solutions with
di erent LiI contents x were measured using di erential scanning calorimetry
(DSC). The measurements were handled by Didier Blanchard, a senior scientist
at DTU Energy Conversion, but I performed the analysis of the resulting data.
Figure 4.6 shows the results of the measurements for five di erent mixing ratios
x. Some of the DSC spectra show two maxima of di erent intensity, most prob-
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ably due to microstructural inhomogeneity in the samples. In these cases, the
phase transition temperature is taken to be that at which the greater maximum
is located.
In Figure 4.7a, the phase transition temperature between the HT and the
LT phase of the LiBH4-LiI system is shown as a function of LiI content. For
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Figure 4.6: Di erential scanning calorimetry results for di erent mixing ratios of the
LiBH4-LiI solid solution. The measurements were performed during cooling runs.
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Figure 4.7: a) The phase transition temperature between the HT and the LT phases
of the LiBH4-LiI solid solution, as measured using DSC. A LiI addition of > 12.5%
su ces to decrease the transition temperature below room temperature. The measured
transition temperatures are somewhat lower than those published by Miyazaki et al. [92].
b) The ground state energy di erence between the HT and the LT structures of LiBH4
as a function of LiI content, as calculated using DFT. The stabilisation of the HT
structure relative to the LT structure is approximately linear up to a LiI content of
25%. The dotted line shows a linear fit of the data points for LiI contents from 0%
to 25% to emphasise this. The calculations were performed by Jón Steinar Gararsson
M˝rdal.
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the measured LiI content there is a clear linear dependency, with the transition
temperature decreasing by approximately 70 ¶C for every 10% of LiI addition.
For all measured mixtures with a LiI content equal to or above 12.5%, the
transition temperature lies below room temperature.
The relative ground state energy di erence between the HT and LT phases,
 E = EP63mc ≠ EPnma, was calculated using density functional theory (DFT)
by Jón Steinar Gararsson M˝rdal, a fellow PhD student at DTU Energy Con-
version. The results, which are shown in Figure 4.7b, indicate that there is a
linear stabilisation with increasing LiI content up to a content of 25%. There
seems to be little gain in stability by increasing the LiI content to 50%, but
for pure LiI the HT structure comes out more stable than the LT structure.
The results of the calculations might not be very reliable for high LiI content,
because the LT structure of LiBH4 is not the ground state structure of LiI. The
calculations are, however, expected to give fairly good estimates for small LiI
content, and fit very well with the observed DSC data.
4.3 Crystal Structure of LiBH4-LiI and the E ect of Heat
Treatment
4.3.1 Crystal Structure
I performed x-ray di raction measurements on the (1≠ x)LiBH4+xLiI solid so-
lution for various mixing ratios x. The di raction patterns of both non-annealed
and annealed (140 ¶C for 70 hours) samples are shown in Figure 4.8. A di rac-
tion pattern of non-annealed, ball-milled LiBH4 is also shown for comparison.
All measurements are performed at room temperature. The pure LiBH4 sample
has the LT structure, while the sample with 6.25% LiI is a blend of the LT and
HT structures. For all samples with LiI content equal to or greater than 12.5%,
only the HT phase is detected.
The positions of the reflections from the crystallographic planes (hk0), paral-
lel to the hexagonal plane, are only slightly shifted to higher values when the LiI
content is increased, reflecting a small expansion of the a axis with increased LiI
content. The c axis, perpendicular to the hexagonal plan, is found to shrink with
increasing LiI content up to 30% and then to expand with increasing LiI content
between 30% and 50% (see figure 4.8, in which a line is drawn to emphasise the
shift of the (002) reflection).
The evolution of the lattice parameter c is plotted as a function of the LiI
content in Figure 4.9a. The non-monotonic evolution of the c-axis is unexpected
and the contraction of c with increasing LiI content below a LiI content of 30%
di ers from what has previously been reported by Miyazaki et al. [92]. For a LiI
content above 30%, the c-axis expands as expected when compared with the unit
cell parameters of the hexagonal phases of pure LiBH4 and pure LiI respectively
and is in agreement with the values reported by Miyazaki et al. [92]. and Rude
et al. [93].
One possible explanation for this behaviour is the presence of solid solutions
containing di erent amounts of iodine and di erent lattice constants that merge
into one upon heating, as reported by Rude et al. [93]. Another possibility is the
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20 25 30 35 40 45
2Θ !degrees"
11/16LiBH4 + 5/16LiI  (31.25% LiI)
3/4LiBH4 + 1/4LiI  (25% LiI)
13/16LiBH4 + 3/16LiI  (18.75% LiI)
7/8LiBH4 + 1/8LiI  (12.5% LiI)
15/16LiBH4 + 1/16LiI  (6.25% LiI)
19/32LiBH4 + 13/32LiI  (40.625% LiI)
1/2LiBH4 + 1/2LiI  (50% LiI)
LiBH4 ball milled (0% LiI)
Figure 4.8: Powder x-ray di raction patterns of the LiBH4-LiI solid solutions in various
mixing ratios before and after heat treatment. The black, dashed lines show di raction
patterns of non-annealed samples. The colored, solid lines show di raction patterns of
samples which have been annealed at 140 ¶C for 70 hours. The black, solid line shows
the di raction pattern of ball milled, non-annealed LiBH4 for comparison. The vertical
line at around 25 ¶is drawn to emphasise the shift of the (002) reflection with LiI content.
All measurements were performed at room temperature. The broad bump at the lowest
angles is due to the polyethylene sample holder. The intensity of the di raction pattern
of the pure LiBH4 has been scaled down by 1/3 in order to better fit the intensities of
the remaining patterns in the figure.
existence of some intermediate phases as described by Oguchi et al. [91]. These
e ects could be the origin of the very asymmetric peak shapes and large peak
broadening visible in Figure 4.8 for low LiI content. Such broadening at low LiI
content is also visible in the di raction patterns presented in [67,68].
4.3.2 The E ect of Heat Treatment on the Microstructure
Sintering e ects are observed for the annealed LiBH4-LiI solid solutions in the
form of narrower peaks for the annealed samples than for the non-annealed
ones. However, the peculiar behavior of the c axis is still present in the annealed
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Figure 4.9: a) The evolution of the unit cell parameter c in (1≠ x)LiBH4+xLiI with
LiI content. b) The FWHM of the (002) reflection of the (1≠x)LiBH4+xLiI di raction
patterns as a function of LiI content. The FWHM of the samples with 6.25% LiI
content are shown with empty dots; their values are not reliable because of overlapping
di raction peaks from the LT and HT structures of LiBH4.
samples. As an example of the peak sharpening, the evolution of the full-width
at half-maximum (FWHM) of the (002) reflection with LiI content is shown in
figure 4.9b. The FWHM of the non-annealed powder varies with the LiI content
and has a minimum at around 30% LiI content. This is also the LiI content for
which the cell parameter c (see Figure 4.9a) is closest to the value reported for
the cell parameters of pure LiBH4 [64]. After the annealing, the FWHM values
are almost independent of the LiI content.
The broadening contribution from the strain and the crystallite sizes was
analyzed using Equation 2.11. This analysis was performed on the FWHM of
four to six peaks depending on the di raction patterns. Due to the limited
quality of the data, no absolute values for D and ÷ are reported here. Their
relative contribution and evolution will, however, be discussed in connection
with the LiI content and the e ect of the annealing.
It was found that before the annealing, the broadening due to the strain
is dominant over the size e ect up to a LiI content of 25%. Knowing that
the FWHM values are larger for the sample with 18.25% LiI content than for
samples with a higher content of LiI, the density of defects is greater for the
former than for the latter. After annealing, the strain values are smaller and
almost independent of the LiI content. Furthermore, the crystallite sizes of the
annealed powders are found to be around three times greater than those of the
non-annealed powders for samples with LiI contents larger than 25%. Overall,
the FWHM are found to be lowered by the heat treatment.
It should be noted that the di erence in strain before and after the annealing
is found to be smallest for the sample with 30% LiI content, which is the LiI
content at which the minima in the cell parameter c and the FWHM before
annealing are observed (see Figure 4.9. It should also be noted that the sam-
ple with 6.25% LiI content contains two coexisting structures with overlapping
di raction peaks at the position of the (002) reflection of the HT phase. There-
fore the measured FWHM values are probably not accurate for this sample and
have been left out for this analysis.
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4.4 Lithium Ion Conductivity of LiBH4-LiI
4.4.1 Conductivity Results
The conductivity of the (1 ≠ x)LiBH4+xLiI solid solution was measured using
impedance spectroscopy for various mixing ratios x. The measurements resulted
in a Nyquist plot showing a single arc. The explanation for this can either be that
only one contribution to the conduction is present, or that two or more arcs, each
corresponding to concurrent bulk and/or grain boundary contributions, overlap
completely in the Nyquist plots. In such a case, however, it is not possible to
separate the contributions from the bulk and the grain boundary conductivities
using only impedance spectroscopy, as discussed in section 2.3.4 on the Brick
Layer Model. Therefore, the conductivity values presented in the following are
to be taken as the total conductivity of the sample. No contribution to the
Nyquist plots from the Li electrodes was observed. The Nyquist plots were all
fitted using an (RQ) equivalent circuit model, i.e. a resistor and a constant phase
element (CPE) in parallel. Examples of Nyquist plots from these measurements
are shown in Figure 4.10. The conductivity of the samples is given by Equation
2.30.
Figure 4.11 shows Arrhenius plot of the lithium ion conductivities measured
for the LiBH4-LiI samples in six di erent mixing ratios x, during heating and
cooling. The pellets consisted of the as-milled powders and the measurements
were performed while first heating the pellets from room temperature to 140 ¶C
and then cooling them back down to room temperature. The (1≠x)LiBH4+xLiI
solid solutions show very high ionic conductivity, with the sample with 40% LiI
content exceeding 0.1 mS/cm at 30 ¶C and the 18.75% LiI containing sample
exceeding 10 mS/cm at 140 ¶C.
The slope of each Arrhenius plot denotes the activation energy Ea of the
conduction process (see Equation 2.35. Figure 4.12 shows the activation energies
of the lithium ion conduction in the LiBH4-LiI solid solution is shown as a
function of LiI content. The values are obtained by performing a linear least-
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Figure 4.10: Typical examples of Nyquist plots obtained from the impedance spec-
troscopy measurements on the LiBH4+LiI samples. The impedance measurements were
performed during heating/cooling cycles from 30 ¶C to 140 ¶C and back to 30 ¶C. The
red squares were measured at 40 ¶C at the beginning of such a heating/cooling cycle
and the blue circles were measured at 40 ¶C at the end of the cycle. The Nyquist plots
all show a single arc and were fitted using an (RQ) equivalent circuit model.
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Figure 4.11: Lithium ion conductivities of six di erent mixing ratios of the (1 ≠
x)LiBH4-xLiI solid solution. The filled symbols are measured during heating, the empty
symbols are measured during cooling. The mixture with x = 3/16 (Figure c)) has the
highest conductivity at high temperature while the mixture with x = 13/32 (Figure
e)) has the highest conductivity close to room temperature. The conductivities of as-
received and ball-milled LiBH4 are shown in each plot for comparison. Note that a plot
of the conductivity of the mixture with x = 25 can be found in Figure 4.5.
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Figure 4.12: The activation energy of the lithium ion conduction in the LiBH4-LiI
solid solutions, as measured by impedance spectroscopy. The activation energy is found
to generally decrease with increased LiI content. The activation energies during heating
and cooling are similar for most mixing ratios of the solid solution.
squares fit of the Arrhenius plots in Figure 4.11. There is a general trend that
the activation energy of the lithium ion conduction decreases with increasing LiI
content. Furthermore, as a result of the decreasing slopes with increasing LiI
content, the samples with a low LiI content generally have a higher lithium ion
conductivity at the highest measured temperatures than the samples with high
LiI content. Note that these values for the activation energies should not be
compared directly to values calculated by DFT, which are usually considerably
lower (see Paper B and [57]. Such calculations generally yield a value of the
energy barrier for a single conduction process, whereas the measured values
presented here represent a combined value arising from multiple processes in an
imperfect sample.
4.4.2 The E ect of Heat Treatment on the Conductivity
The conductivity values at 50 ¶C are shown as a function of the LiI content in
Figure 4.13. This temperature is chosen because it represents an approximate
temperature at which a lithium battery could be operated. At 50 ¶C, the conduc-
tivity is 0.3 mS/cm for LiI contents of 18% and 40%. Although this temperature
is at the upper limit of consumer battery usage, the LiBH4-LiI solid solution is
still around a factor of three away from the 1 mS/cm target.
The heat treatment that the samples undergo during the impedance spec-
troscopy measurements can be important for their conductivity, similar as de-
scribed for pure LiBH4 in section 4.1.3. The conductivity values at 50 ¶C are
equal or higher during the heating runs than during the subsequent cooling
runs. The di erence in the conductivity between the heating and the cooling
measurements is smallest for samples with LiI content between 18% and 30%.
This result is in good harmony with the result shown in Figure 4.9b, namely
that the particle size and/or density of defects in the non-annealed samples is
closest to those in the annealed samples for solid solutions with moderate LiI
content.
Together, the XRD and conductivity results indicate that the microstructure
of the samples is important for their conductivity, and that freshly ball-milled
samples with defect-rich microstructure yield higher conductivity values than
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Figure 4.13: The lithium ion conductivity of the LiBH4-LiI samples at 50 ¶C as a
function of the LiI content for non-annealed (red) and annealed (blue) samples. The
data points for pure LiBH4 in this figure are from a measurement on ball-milled powder.
those in which the defects have been mended by annealing. This is also empha-
sised by the fact that the measured conductivity does not follow the evolution of
the lattice parameter c (see Figure 4.9a), which has a minimum at a LiI content
of 30%. If the left part of Figure 4.9a is omitted (as it most probably does not
reflect the trend of a single phase) one would expect an increase in conductivity
in connection with the lattice expansion in the c direction. This is, however, not
found to be the case here and strongly suggests that a part of the lithium ion
conduction might occur along the defects, e.g. grain boundaries or dislocations.
The lithium conduction mechanism in the (1 ≠ x)LiBH4+xLiI solid solution is
discussed further in section 4.5.
4.4.3 Conductivity During Multiple Heating and Cooling Runs
Figure 4.14 shows the conductivity of a sample with 50% LiI content measured
during five consecutive heating and cooling cycles. As shown for the sample with
50% LiI content in Figure 4.13, the conductivity during cooling is lower than that
during heating. However, during the next four temperature cycles, the conduc-
tivity performance is very stable and reproducible, confirming the good thermal
stability of the HT phase of the solid solution. This sample was synthesised
and measured during my research stay at Tohoku University, Sendai, Japan, i.e.
under slightly di erent experimental conditions than the other samples in this
chapter (see sections 3.1.1 and 3.3). Because the density of defects and particle
size are important parameters for the conductivity of the samples, it was to be
expected that the conductivity values from this measurement could di er from
those presented in Figures 4.11 and 4.13. This explains why the conductivity of
the sample in figure 4.14 is higher at 50 ¶C than shown for the sample with 50%
LiI content in Figure 4.13. This also gives an indication of how reproducible the
conductivity results are between di erent laboratory equipment.
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Figure 4.14: Lithium ion conductivity of a sample with 50% LiI content as measured
by impedance spectroscopy during five heating and cooling cycles. The red and the blue
symbols show the results of the first heating and cooling runs, respectively. The gray
symbols show the results of the four subsequent heating and cooling runs.
4.5 Conduction Mechanism
4.5.1 Studies on the Lithium Ion Conduction Mechanism
The mechanism of fast lithium ion conduction in the HT structure of LiBH4 has
previously been studied using molecular dynamics. The results of Ikeshoji et
al. show the formation of Frenkel pairs [76], which are defects where a lithium
ion is displaced from its lattice site, creating a vacancy V≠ and an interstitial
Li+. In these results, which were calculated at a simulated temperature of 560
K, the interstitial was displaced by around 2.5 Å, and the formation energy of
the defect pair was estimated as 0.29 eV. It was suggested that the di usion of
lithium ions takes place when Frenkel pairs are formed and neighboring lithium
ions subsequently move into the vacancy site. It was furthermore discussed that
double splitting of lithium lattice sites along the c-axis plays an important role
in the high ionic conductivity. The results of Aeberhard et al. also show a
double splitting, and that the BH4 have no favourable orientation in the HT
phase [77, 94]. The results show some density of lithium ions in the interstitial
region, and a similar lithium ion di usion mechanism is presented as in the
work of Ikeshoji et al.. The reorientational motion of the BH4 tetrahedra in
LiBH4-LiI have previously been investigated using QENS [54, 55], but Paper B
reports for the first time on combined results from QENS measurements and
DFT calculations on the lithium ion motion in the solid solution.
QENS measurements were performed on 0.757Li11BD + 0.257LiI samples
in order to investigate the lithium ion conduction mechanism in the LiBH4-LiI
solid solution. The measurements were performed with and without an applied
potential of 3 V. The measurements presented here were performed at temper-
atures of 300 K and 380 K. The results presented in this section (and in Paper
B) were obtained using the IN10 backscattering spectrometer at the Institut
Laue-Langevin in Grenoble, France. We have recently performed additional
measurements at temperatures from 360 K to 420 K, but the results of those
measurements were not fully analysed when this was written.
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In these measurements, I collaborated with Didier Blanchard, a researcher
at DTU Energy Conversion, who also performed the analysis of the resulting
data. Later in this section (and in Paper B) The QENS results are compared to
DFT calculations performed by Jón Steinar Gararsson M˝rdal, a fellow PhD
student at DTU Energy Conversion. Since my contribution to this work mainly
consisted of preparing the samples and performing the measurements, only a
short summary of the results of the QENS measurements will be presented in
this section. For further details on the analysis of the QENS results and on the
DFT calculations please refer to Paper B.
4.5.2 The Quasi-Elastic Neutron Scattering Results
The normalised elastic neutron scattering intensity of 0.757Li11BD + 0.257LiI
and 0.757Li11BH + 0.257LiI samples is shown as a function of temperature
in Figure 4.15. The evolution of the mean-square displacement < u2 > with
temperature for the hydrogenated sample is also shown. The mean-square dis-
placement is related to the thermal vibrations in the sample and is obtained by
performing a least-squares fit of
I(T ) = I(0)e≠Q2<u(T )2>, (4.1)
where the exponent is the so-called Debye-Waller factor and Q is taken to be
the average momentum transfer across all detectors.
The plots in Figure 4.15 can be split into three di erent regions. The LT
structure of LiBH4 is present from 3 K to 180 K, from approximately 180 K
220 K there is a transition region where the LT and the HT structures coexist,
and from 220 K to 430 K the sample is in the HT structure. This is in good
agreement with the transition temperature as measured by DSC, shown in Figure
4.6. The elastic intensity decreases with temperature because the atomic motion
interstitial. This shift along the z axis is analogous to the double
splitting previously reported.10,11 Similarly, a rotational motion
of neighboring BH4
− ions around the z axis and in the direction
following the moving interstitial is visible. Whether the
diﬀusion between 1/3 sites could take place through an
exchange mechanism was also analyzed, where a lattice ion
moves from its lattice site to a 1/3 interstitial site while the
interstitial ion moves into the lattice site. This exchange
mechanism is possible but signiﬁcantly more expensive than the
single particle jump, with a transition barrier of Eexchange_TS =
0.44 eV. The exchange gives two diﬀerent jump lengths, 3.00 Å
for the lattice ion moving to the interstitial site and 4.07 Å for
the interstitial ion moving into the lattice site.
An interstitial jump from a 1/3 site to a 2/3 site has a similar
barrier as the jump between 1/3 sites with E1/3−2/3_TS = 0.28
eV. Because the 2/3 site is less stable than the 1/3 site, the
transition barrier for going from 2/3 to 1/3 site is lowered by
E2/3−1/3_TS = 0.14 eV. (See Figure 3.)
The 1/3* site lies in between the 1/3 and the 2/3 sites, and
because the transition barrier for going from the 1/3 site to the
1/3* site is only E1/3−1/3*_TS = 0.20 eV, there is a possibility
that at lower temperatures the interstitials will equilibrate in the
shallow 1/3* site. If the interstitial is then to continue from the
1/3* site to the 2/3 site it has to overcome a second transition
barrier of E1/3*‑2/3_TS = 0.09 eV. It is, however, more likely that
the interstitial will jump back to the 1/3 site because the 1/3*
sites stability toward the 1/3 site is very low (E1/3*‑1/3_TS = 0.02
eV) or to other intermediate sites not identiﬁed here, for
example, due to a diﬀerent distribution of I− in the lattice.
A jump from a 1/3 site to a 3/3 site is diﬀerent from the
previously addressed jumps because it is a jump between crystal
planes, whereas the others are jumps in the same hexagonal
plane. Going from the 1/3 site to the 3/3 site gives E1/3−3/3_TS
= 0.32 eV, whereas the opposed direction yields E3/3−1/3_TS =
0.18 eV.
V−Li vacancy diﬀusion calculations were performed for a
jump between two I− sites as well as a jump between an I− site
and a BH4
− site. The transition barrier between the I− sites is
found to be EI−I_TS = 0.23 eV, while the barriers for the second
mechanism are EI‑BH4_TS = 0.33 eV and EBH4‑I_TS = 0.28 eV. For
both mechanisms the jump lengths are 4.27 Å.
The calculations show that the most favorable mechanisms
for the Li+ conduction are taking place in the hexagonal plane,
the jumps with a component in the c direction having higher
energy barriers; this supports the previously proposed 2D
conductivity.6,11,12
4.2. Quasi-Elastic Neutron Scattering. Figure 4 displays
the temperature dependence of the normalized elastic intensity
for 7Li(11BH4)0.75I0.25 and
7Li(11BD4)0.75I0.25 and the deduced
mean-square displacement <u2> for 37Li11BH4+
7LiI, collected
during temperature scans performed from T = 3 to 430 K at a
heating ramp of 2 K·min−1. For each temperature, the intensity
is the summation of the intensities collected on the seven
detectors. The plots for the hydrogenated and deuterated
samples display similar trends. The loss of intensity for the
hydrogenated sample is more important because of the large
incoherent cross section of hydrogen (σH ≈ 80 barns), but the
changes occur at the same temperatures, showing that there are
no signiﬁcant shifts detectable with this instrument in the
characteristic times of the observed dynamics because of the
isotope exchange. In Figure 4, three diﬀerent regions can be
distinguished with diﬀerent evolution of <u2> with T,
corresponding to the existence of the two polymorphs (LT
structure from 3 to 180 K, HT structure from 220 to 430 K)
and the transition region from ∼180 to 220 K. For the
deuterated sample at ∼350 K, the evolution of the elastic
intensity shows deviations when compared with the nearly
monotonic decrease in the intensity obtained for the hydro-
genated sample in that temperature range, indicating dynamical
events not seen in the presence of hydrogen. These ﬁrst
measurements conﬁrmed the two temperature ranges, where
the diﬀerent polymorphs exist, LT below 180 K and HT above
220 K, and show the diﬀerences between the evolution with
temperature of the elastic lines of the hydrogenated and
deuterated solid solutions. For the hydrogenated sample, the
large drop of the elastic intensity when the temperature is
increased is mainly related to the dynamics of the hydrogen
atoms because of the large incoherent scattering cross section
of hydrogen (σH ≈ 80 barns). Deuterium has a much smaller
scattering cross section than hydrogen (σD ≈ 2 barns);
therefore, it is possible to observe the dynamics of other
atoms in the deuterated sample and especially of lithium, with a
scattering cross section of σLi ≈ 0.8. Boron (11B) has a
scattering cross section of σB ≈ 0.22, and iodine has a scattering
cross section of σI ≈ 0 barns.
QENS spectra were collected at diﬀerent temperatures and
were ﬁtted with one or two Lorentzian functions, L(Γ,ω), of
half-width at half-maximum (hwhm), Γ, modeling the inelastic
signal and a Dirac delta function, δ(ω), modeling the elastic
signal. Both functions were convoluted with the instrumental
resolution function, R(Q,ω), obtained from measurements at 4
K, a temperature at which no dynamical motions were observed
on the time scale of the instrument. If needed, a linear baseline
B(Q) was used to model the inelastic background in the quasi-
elastic region, which originates from processes much faster than
those observable within the time scale of the instrument used.
Thus the following expression was applied:31
∑
ω ω δ ω
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= ⊗
+ Γ +
S Q R Q A Q
A Q L B Q
( , ) ( , ) ( ( ) ( )
( ) ( , )) ( )i i
inc
tot
0
(2)
For the hexagonal 7Li(11BH4)0.75I0.25 mixture, a series of
QENS spectra were recorded at constant temperatures, ranging
Figure 4. Evolution of the normalized elastic intensities as a function
of the temperature for 7Li(11BD4)0.75I0.25 (green circles) and
7Li-
(11BH4)0.75I0.25 (blue squares), from 3 to 430 K, heating ramp 2
K·min−1, measured with a IN10 spectrometer. Evolution of the
deduced mean-square displacement for 7Li(11BH4)0.75I0.25 in the same
temperature range (red triangle). <u(T)2> is obtained from the ﬁt of
the elastic intensity with the following expression I(T) = I(0)·exp-
[−Q2·<u(T)2>], where Q is taken as the average momentum transfer
for the seven detectors.
The Journal of Physical Chemistry C Article
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Figure 4.15: The normalised elastic intensity for LiBH4-LiI (green circles) and LiBD4
(blue quares) samples as a function of temperature. The mean-square displacement
< u2 > of the hydrogenated sample is also shown (red triangles). The heating ramp
during the measurement was 2.0 K/min. The graph helps to ide tify th temperature
regions in which the two polymorphs re present, and thus in estimating in which
temperature range the fast di usion motion of lithium ions should be expected. The
HT phase is present in the right-most region of the graph, from roughly 220 K to 430
K.
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in the sample increases and more and more neutrons are scattered ineleastically.
With increasing temperature, more and more neutrons are also scatterd with
an exchange energy outside of the energy window that is detectable by the
instrument (±15µeV). As hydrogen has a much larger scattering cross section
than deuterium (as discussed in section 3.5.1), the drop in the normalised elastic
intensity is more pronounced for the hydrogenated sample.
The instrument used for these measurements has seven detectors. QENS
spectra recorded by each individual detector, with and without an applied poten-
tial, are shown in Figure 4.16. The spectra recorded at di erent scattering vec-
tors Q exhibit di erent broadening. As discussed in section 2.4.5, a Q-dependent
broadening represents a non-localised, di usive motion. It is also very apparent
that the intensity of the elastic component changes with the application of a
potential.
Examples of fitted QENS spectra for a deuterated sample measured at 300
K are shown in Figure 4.17. The fits were performed using Equation 2.45 with
two Lorentzian terms, one describing the rotation of the BH4 tetrahedra and
the other describing the motion of lithium ions. As seen in the figure, the
Lorentzian corresponding to the spectrum where a potential was applied during
the measurement (orange circles) is broader than the Lorentzian related to the
spectrum measured without an applied potential (green triangles). This is as
expected, indicating that the application of the potential increases the quasi-
elastic contribution from the lithium ion motion.
Fits to the measured data were carried out for the spectra from each of the
seven detectors, both for measurements with and without an applied potential
The resulting Lorentz distributions describing the lithium ion motion have Q-
dependent HWHM. The Chudley-Elliott model (Equation 2.53), which describes
long-range di usion motion, was used to fit the HWHM as a function of Q. The
results are shown in Figure 4.18. For the measurements at 300 K, it was not
possible to fit the data measured with an applied potential satisfactorily with
the Chudley-Elliott model. The data from the measurements at 300 K without
from 4 to 440 K. At temperatures above ∼220 K, that is,
temperatures at which the solid solution is in the HT hexagonal
crystal structure, quasi-elastic broadenings emerging from the
resolution of the instrument were observed. One Lorentzian
was used to ﬁt the spectra. At 240 and 300 K, for example, with
and without the application of a bias potential ( f = 1 kHz, U =
3 V, I = 0.3 mA and f = 1 kHz, U = 3 V, I = 0.4 mA,
respectively) the widths where found to be Q- and potential-
independent over the measured Q range a values of ∼7.44 and
∼15.0 μeV, respectively. These quasi-elastic lines originate from
localized atomic motion31 and according to previous QENS
studies on hexagonal LiBH4 correspond to the BH4
−
reorientation me hanism .32 A ﬁt of e experimental elastic
incoherent structure factor (A0 in eq 1)
31 with the theoretical
expression of the “high temperature model”, detailed in ref 32,
conﬁrmed that the observed proton dynamic might originate
from the rotation of the BH4
− anions.
For the hexagonal 7Li(11BD4)0.75I0.25, QENS spectra were
again measured at diﬀerent constant temperatures from 80 to
400 K. Below 300 K and above 380 K, no clear quasi-elastic
signal was observed. At low temperature (<300 K), the signal
could be of too low intensity or embedded in the elastic line; at
high temperature (>380 K), the signal might be too broad and
only present as a ﬂat background. Thus, given the instrumental
resolution, the spectra recorded at 300 and 380 K, temper tures
at which the solid solution is in the HT hexagonal crystal
structure, with and without the application of a potential ( f =
1000 Hz, U = 3 V and I = 0.4 mA and U = 3 V and I = 1 mA,
respectively) yielded a clear diﬀusional broadening. Figure 5
presents the spectra, recorded at 300 K with and without the
application of the potential. One should note the large eﬀect of
the potential, with the large gain in the elastic lines intensities at
high Q and the diﬀerent broadenings obtained at the same Q
value. See Figure 6 for an example of the spectra obtained at Q
= 1.85 Å and Figure 7 showing the values of the broadening as
a function of Q. No strong eﬀect was observed at 380 K. At 300
K, two Lorentzians were used, one having a constant width of
15 μeV for all of the detectors to take into account the quasi-
elastic signals from the BD4
− reorientation. This line broad-
ening was obtained for the hydrogenated sample at the same
temperature and is used assuming, from the elastic temperature
scans, that there is no signiﬁcant diﬀerences in the reorientation
rates of the hydrogenated and deuterated tetrahedra. At 380 K,
a constant ﬂat background was used to take into account this
“fast” motion (compared with the resolution of the instrument)
at high temperatures. Henceforth, Q and potential-dependent
quasi-elastic broadenings were found for the two temperatures.
They can be attributed to nonlocalized dynamics,31 and the
hwhm values have been ﬁtted with the Chudley−Elliott
model31 (Figure 7); that is, the dynamics observed were
treated in a ﬁrst approximation as a random walk diﬀusive
mechanism of a defect in the crystal lattice. In the Chudley−
Elliott model, the Q dependence of the hwhm (ΓD) is given by:
τΓ =
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Figure 5. QENS spectra recorded for 7Li(11BD4)0.75I0.25, at 300 K,
without (orange solid line) and with (green dashed line) the
application of a potential ( f = 1 kHz, U = 3 V, and I = 0.4 mA).
Note the pronounced change in the intensity, at high Q, between the
two measurements.
Figure 6. Example of the ﬁtted QENS spectra taken at 300 K with
(orange circles) or without the applied bias potential (green triangles)
at Q = 1.85 Å. The blue and red solid lines are the total ﬁts. The ﬁne
black line is the Lorentzian of width 15 μeV used to model to the
rotation of the BD4 tetrahedra. The broken black line is the
instrumental resolution. The crossed red line is the Lorentzian
modeling the lithium dynamic when the potential is applied, the
dotted blue line with no potential.
Figure 7. Q and potential-dependent half-width at half maximum
(hwhm) of the Lorentzian for the nonlocalized dynamics. Upper plots:
measurement performed at 380 K (hwhm values displayed on the
right-side axis). Lower plots: measurements performed at 300 K
(hwhm values displayed on the left-side axis). Filled circles:
measurements performed with potential ( f = 1 kHz, U = 3 V, and I
= 0.4 mA); open circles: ( f = 1 kHz, U = 3 V, and I = 1 mA); and
triangles: without potential. The solid lines (a−c) are the results of the
ﬁts with the Chudley−Elliott model (eq 2) with L and τD ﬁtted, the
long dashed blue line is the result when only τD was set free to vary (L
ﬁxed to 2.3 Å), and the black broken line is to guide the eye.
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Figure 4.16: QENS spectra recorded by the individual detectors without (orange solid
lines) and with (green dashed lines) an applied potential of 3 V. The measurements
were performed at 300 K on a 0.757Li11BD + 0.257LiI sample. The broadening of the
spectra clearly depends on the scattering vector Q, and the Q-dependence changes with
the application of a potential.
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from 4 to 440 K. At temperatures above ∼220 K, that is,
temperatures at which the solid solution is in the HT hexagonal
crystal structure, quasi-elastic broadenings emerging from the
resolution of the instrument were observed. One Lorentzian
was used to ﬁt the spectra. At 240 and 300 K, for example, with
and without the application of a bias potential ( f = 1 kHz, U =
3 V, I = 0.3 mA and f = 1 kHz, U = 3 V, I = 0.4 mA,
respectively) the widths where found to be Q- and potential-
independent over the measured Q range at values of ∼7.44 and
∼15.0 μeV, respectively. These quasi-elastic lines originate from
localized atomic motion31 and according to previous QENS
studies on hexagonal LiBH4 correspond to the BH4
−
reorientation mechanisms.32 A ﬁt of the experimental elastic
incoherent structure factor (A0 in eq 1)
31 with the theoretical
expression of the “high temperature model”, detailed in ref 32,
conﬁrmed that the observed proton dynamic might originate
from the rotation of the BH4
− anions.
For the hexagonal 7Li(11BD4)0.75I0.25, QENS spectra were
again measured at diﬀerent constant temperatures from 80 to
400 K. Below 300 K and above 380 K, no clear quasi-elastic
signal was observed. At low temperature (<300 K), the signal
could be of too low intensity or embedded in the elastic line; at
high temperature (>380 K), the signal might be too broad and
only present as a ﬂat background. Thus, given the instrumental
resolution, the spectra recorded at 300 and 380 K, temperatures
at which the solid solution is in the HT hexagonal crystal
structure, with and without the application of a potential ( f =
1000 Hz, U = 3 V and I = 0.4 mA and U = 3 V and I = 1 mA,
respectively) yielded a clear diﬀusional broadening. Figure 5
presents the spectra, recorded at 300 K with and without the
application of the potential. One should note the large eﬀect of
the potential, with the large gain in the elastic lines intensities at
high Q and the diﬀerent broadenings obtained at the same Q
value. See Figure 6 for an example of the spectra obtained at Q
= 1.85 Å and Figure 7 showing the values of the broadening as
a function of Q. No strong eﬀect was observed at 380 K. At 300
K, two Lorentzians were used, one having a constant width of
15 μeV for all of the detectors to take into account the quasi-
elastic signals from the BD4
− reorientation. This line broad-
ening was obtained for the hydrogenated sample at the same
temperature and is used assuming, from the elastic temperature
scans, that there is no signiﬁcant diﬀerences in the reorientation
rates of the hydrogenated and deuterated tetrahedra. At 380 K,
a constant ﬂat background was used to take into account this
“fast” motion (compared with the resolution of the instrument)
at high temperatures. Henceforth, Q and potential-dependent
quasi-elastic broadenings were found for the two temperatures.
They can be attributed to nonlocalized dynamics,31 and the
hwhm values have been ﬁtted with the Chudley−Elliott
model31 (Figure 7); that is, the dynamics observed were
treated in a ﬁrst approximation as a random walk diﬀusive
mechanism of a defect in the crystal lattice. In the Chudley−
Elliott model, the Q dependence of the hwhm (ΓD) is given by:
τΓ =
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Figure 5. QENS spectra recorded for 7Li(11BD4)0.75I0.25, at 300 K,
without (orange solid line) and with (green dashed line) the
application of a potential ( f = 1 kHz, U = 3 V, and I = 0.4 mA).
Note the pronounced change in the intensity, at high Q, between the
two measurements.
Figure 6. Example of the ﬁtted QENS spectra taken at 300 K with
(orange circles) or without the applied bias potential (green triangles)
at Q = 1.85 Å. The blue and red solid lines are the total ﬁts. The ﬁne
black line is the Lorentzian of width 15 μeV used to model to the
rotation of the BD4 tetrahedra. The broken black line is the
instrumental resolution. The crossed red line is the Lorentzian
modeling the lithium dynamic when the potential is applied, the
dotted blue line with no potential.
Figure 7. Q and potential-dependent half-width at half maximum
(hwhm) of the Lorentzian for the nonlocalized dynamics. Upper plots:
measurement performed at 380 K (hwhm values displayed on the
right-side axis). Lower plots: measurements performed at 300 K
(hwhm values displayed on the left-side axis). Filled circles:
measurements performed with potential ( f = 1 kHz, U = 3 V, and I
= 0.4 mA); open circles: ( f = 1 kHz, U = 3 V, and I = 1 mA); and
triangles: without potential. The solid lines (a−c) are the results of the
ﬁts with the Chudley−Elliott model (eq 2) with L and τD ﬁtted, the
long dashed blue line is the result when only τD was set free to vary (L
ﬁxed to 2.3 Å), and the black broken line is to guide the eye.
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Figure 4.17: Examples of QENS spectra, measured with (orange circles) and without
(green triangles) an applied potential of 3 V. These sp ctr are measured at 300 K on
a 0.757Li11BD + 0.257LiI sampl . The solid blue and red lines are fits to th measured
data. The individual components of the fit are also shown; the crossed red line is
the Lorentzi n function that mod ls the lithium motion with an applied potential, the
dotted blue line is he Loren zian of the lithium motio w thout an applied potential,
the dashed black line is the instrumental resolution function and the solid black line is
the Lorentzian used to model the rotation of the BH4 tetrahedra.
from 4 to 440 K. At temperatures above ∼220 K, that is,
temperatures at which the solid solution is in the HT hexagonal
crystal structure, quasi-elastic broadenings emerging from the
resolution of the instrument were observed. One Lorentzian
was used to ﬁt the spectra. At 240 and 300 K, for example, with
and without the application of a bias potential ( f = 1 kHz, U =
3 V, I = 0.3 mA and f = 1 kHz, U = 3 V, I = 0.4 mA,
respectively) the widths where found to be Q- and potential-
independent over the measured Q range at values of ∼7.44 and
∼15.0 μeV, respectively. These quasi-elastic lines originate from
localized atomic motion31 and according to p v ous QENS
studies on hexagonal LiBH4 correspond to the BH4
−
reorientation mechanisms.32 A ﬁt of the experimental elastic
incoherent structure factor (A0 in eq 1)
31 with the theoretical
expression of the “high temperature model”, detailed in ref 32,
conﬁrmed that the observed proton dynamic might originate
from the ro ati of the BH4
− anions.
For the hexagonal 7Li(11BD4)0.75I0.25, QENS spectra were
again measured at diﬀerent constant temperatures from 80 to
400 K. Below 300 K and above 380 K, no clear quasi-elastic
signal was observed. At low temperature (<300 K), the signal
could be of too low intensity or embedded in the elastic line; at
high temperature (>380 K), the signal might be too broad and
only present as a ﬂat background. Thus, given the instrumental
resolution, the spectra recorded at 300 and 380 K, temperatures
at which the solid solution is in the HT hexagonal crystal
structure, with and without the application of a potential ( f =
1000 Hz, U = 3 V and I = 0.4 mA and U = 3 V and I = 1 mA,
respective y) yielded a clear diﬀusio al broadening. Figure 5
presents the spectra, r corded at 300 K with and without the
application of the potential. One should note the large eﬀect of
the potential, with the large gain in the elastic lines intensities at
high Q and the diﬀerent broadenings obtained at the same Q
value. See Figure 6 for an example of the spectra obtained at Q
= 1.85 Å and Figure 7 showing the values of the broadening as
a function of Q. No strong eﬀect was observed at 380 K. At 300
K, two Lorentz ans wer used, one having a constant width of
15 μeV for all of the detectors to take into account the quasi-
elastic signals from the BD4
− reorientation. This line broad-
ening was obtained for the hydrogenated sample at the same
temperature and is used assuming, from the elastic temperature
scans, that there is no signiﬁcant diﬀerences in the reorientation
rates of the hydrogenated and deuterated tetrahedra. At 380 K,
a constant ﬂat background was used to take into account this
“fast” motion (compared with the resolution of the instrument)
a high t mperatures. Hen eforth, Q and potential-depende
quasi-elastic broadenings were found for the two temperatures.
They can be attributed to nonlocalized dynamics,31 and the
hwhm values have been ﬁtted with the Chudley−Elliott
model31 (Figure 7); that is, the dynamics observed were
treated in a ﬁrst approximation as a random walk diﬀusive
mechanism of a defect in the crystal lattice. In the Chudl y−
Elliott model, the Q dependence of the hwhm (ΓD) is given by:
τΓ =
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Figure 5. QENS spectra recorded for 7Li(11BD4)0.75I0.25, at 300 K,
without (orange solid line) and with (green dashed line) the
application of a potential ( f = 1 kHz, U = 3 V, and I = 0.4 mA).
Note the pronounced change in the intensity, at high Q, between the
two measurements.
Figure 6. Example of the ﬁtted QENS spectra taken at 300 K with
(orange circles) or without the applied bias potential (green triangles)
at Q = 1.85 Å. The blue and red solid lines are the total ﬁts. The ﬁne
black line is the Lorentzian of width 15 μeV used to model to the
rotation of the BD4 tetrahedra. The broken black line is the
instrume tal r solution. The cr ssed red line is th Lorentzian
modeling the lithium dynamic when the potential is applied, the
dotted blue line with no potential.
Figure 7. Q and potential-dependent half-width at half maximum
(hwhm) of the Lorentzian for the nonlocalized dynamics. Upper plots:
measurement performed at 380 K (hwhm values displayed on the
right-side axis). Lower plots: measurements performed at 300 K
(hwhm values displayed on the left-side axis). Filled circles:
measurements performed with potential ( f = 1 kHz, U = 3 V, and I
= 0.4 mA); open circles: ( f = 1 kHz, U = 3 V, and I = 1 mA); and
triangles: without potential. The solid lines (a−c) are the results of the
ﬁts with the Chudley−Elliott model (eq 2) with L and τD ﬁtted, the
long dashed blue line is the result when only τD was set free to vary (L
ﬁxed to 2.3 Å), and he black br ken li is to guide the eye.
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Figure 4.18: Fits of the Q-dependent broadening of the lorentzians describing the
lithium ion motion, performed us ng th Chudley-Ell o t mode . The open symbols
at the top of the graph we measured at 380 K without (orange triangles) and with
(green circl s) an applied p tenti l. The filled sy bols were me sur d at 300 K, also
with (orange riangles) a d without (green circl s) a potential. The solid lines labelled
a - c are fits to the measured data usi g t e Chudley-Elliott model. The dashed blue
line is the result of such a fit wh re the jump length was fixed to L = 2.3 Å. The dotted
black line only serves as a guide to the eye.
an appli d po ential and the data from the measurem nts at 380 K with and
without potential were fitted successfully. The resulting values for the jump
length L, the jump rate ·≠1D and the di usion coe cient D (calculated using
Equation 2.54) t 380 K are shown in Table 4.2.
68
4.5 Conduction Mechanism
Table 4.2: The jump lengths and jump rates obtained from the Chudley-Elliott fit
of the QENS data on the 0.757Li11BD + 0.257LiI sample at 380 K, with and without
an applied potential. The di usion coe cient of the motion has been calculated from
Equation 2.54 assuming a motion in two dimensions, i.e. in the hexagonal crystal plane.
QENS, 380 K 0 V 3 V
L (Å) 3.6± 0.3 4.3± 0.2
·≠1D · 109 (s≠1) 8.3± 0.3 10± 0.16
D · 10≠6 (cm2/s) for n = 2 2.7± 3 4.6± 3
4.5.3 Combined Analysis of QENS and DFT Results
Density functional theory calculations of various types of lithium ion motion
and vacancy formation were performed, and are presented in Paper B as well
as in [57]. Some of the calculated values are in good agreement with the ex-
perimentally determined values shown in Table 4.2. By combining the results
of the QENS measurements and the DFT calculations, it is possible to gain an
understanding of which type of lithium di usion mechanism takes place in the
solid solution. The DFT results that fit best to the results of the QENS data
analysis are shown in Table 4.3, but a much more detailed account of this can
be found in Paper B.
The formation energy of Frenkel pairs, i.e. a Li+ interstitial and a V≠Li va-
cancy, is found to be rather low, or 0.46 eV. The jump lengths of di usional
motion are on the order of one unit cell length, both for the QENS results and
in the DFT results. The jump rates of the Li+ interstitials and the V≠Li vacancies
correspond well with the observed value without an applied potential, and the
observed jump rate in the QENS sample increases when a potential is applied,
as expected. The application of a potential should also increase the lifetime
of Frenkel pairs, as it drives the Li+ and the V≠Li apart from each other. The
results thus suggest that the lithium di usion takes place in the hexagonal plane
(i.e. that it is two-dimensional), and that interstitials and vacancies (i.e. Frenkel
pairs) play a key role in the conduction mechanism. Such pairs are expected to
be created at electrode-electrolyte interface in a battery cell, where lithium ions
leave and enter the electrolyte.
Table 4.3: Transition barriers, jump lengths and jump rates calculated using DFT.
The results for three di erent processes are shown here; for a Li+ interstitial moving
between two equivalent lattice sites (called 1/3 sites in Paper B), for a Li+ vacancy
moving from an I≠ to a BH≠4 site and for the formation of a Frenkel pair. Di erent
transition barriers depend on the direction of the jumps.
DFT, 380 K Li+ interstitial V+Li vacancy Frenkel pair
Barrier (eV) 0.26 0.33/0.28 0.46/0.02
L (Å) 4.32 4.27 3.32
·≠1D (s≠1) 8.3 · 109 9.8 · 108 2.9 · 106
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4.6 Summary of the Results on the LiBH4-LiI Solid So-
lution
The LiI content and the phase transition temperature between the HT and the
LT phase are linearly dependent up to at least 25% LiI content as measured
using DSC. A decrease in the transition temperature by 70 ¶C for every 10%
of LiI addition is found. DFT calculations show that there is a close to linear
stabilisation of the HT structure with LiI addition up to a LiI content of 25%.
For all samples with a LiI content equal to or greater than 12.5%, the phase
transition temperature lies below room temperature and after ball milling the
samples only contain the HT phase as observed using XRD.
The (1 ≠ x)LiBH4+xLiI solid solutions show a high lithium ion conductiv-
ity. At 30 ¶C the conductivity exceeds 0.1 mS/cm (for the sample with 40%
LiI content) and at 140 ¶C it exceeds 10 mS/cm (for the sample with 18.75%
LiI content) as measured using impedance spectroscopy. Which mixing ratio
of (1 ≠ x)LiBH4+xLiI yields optimal conductivity depends greatly on which
temperature range is in question. The conductivity is equal or higher during
heating than during cooling, with the least di erence between heating and cool-
ing results for a LiI content between 18% and 30%. Impedance spectroscopy
measurements during five temperature cycles show that the conductivity of the
material is stable and reproducible.
Non-annealed samples with a low LiI content have apparent densities of
defects greater than those with a high LiI content, as revealed by analysing the
FWHM of the reflections in the XRD data. This could be an artefact due to
the presence of inhomogeneities and/or intermediate phases with similar but
di erent cell parameters. After annealing, the density of defects appears to be
almost the same for all samples, but the crystallite sizes grow with increasing
LiI content. This could explain why samples with low LiI content tend to have a
higher conductivity at high temperature than the samples with low LiI content,
emphasising the importance of grain boundaries for the conduction.
The least change between the non-annealed and annealed samples is observed
for a LiI content of around 30%. It is found that samples with defect-rich
microstructure, most probably dislocations and/or grain boundary defects, yield
higher conductivity values than those in which the defects have been mended by
heat treatment and where only intrinsic point defects might exist. This shows
that microstructure and heat treatment are important for the conductivity of
the samples. Finally, it is found that the expansion of the lattice parameter c is
not a predominant parameter for increased conductivity.
The combined results of the QENS measurements and the DFT calculations
suggest that the lithium ion di usion in the LiBH4-LiI solid solution is mostly
two-dimensional and takes place in the hexagonal plane of the crystal lattice.
The QENS and DFT results show jump lengths on the order of one unit cell
length for di usion in this plane, as well as comparable jump rates. The forma-
tion of Frenkel pairs, which are found to have a rather low energy of formation,
most likely plays a major role for the conduction. Further QENS measurements
have already been performed, and hopefully their results will shed better light
on the lithium ion conduction mechanism in hexagonal LiBH4-LiI.
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The LiBH4-Ca(BH4)2 Composite
The LiBH4-Ca(BH4)2 composite is the subject of Paper C. This chapter be-
gins with a short introduction of calcium borohydride and its crystal structures.
In the next sections I present the findings of Paper C. Results on the crystal
structure, phase compositions and the ionic conductivity of the composite are
presented and discussed in sections 5.2 and 5.3, respectively. The surprising
formation of orthorhombic and cubic CaH2 during the heat treatment of the
composites is reported in section 5.4, and the implications of this for the con-
ductivity of the samples are discussed. The chapter ends with a brief summary
of the findings on the LiBH4-Ca(BH4)2 composite.
5.1 Calcium Borohydride
5.1.1 The Polymorphs of Ca(BH4)2
Calcium borohydride, Ca(BH4)2, is a white, crystalline solid material, which
has been found to take on three polymorphs at room temperature and atmo-
spheric pressure. It has been investigated extensively as a hydrogen storage ma-
terial [95–102]. The crystal structures of Ca(BH4)2 were only resolved relatively
recently, and four polymorphs of calcium borohydride have been characterised.
–-Ca(BH4)2 has an orthorhombic structure (Fddd [95, 103] or F2dd [104]). —-
Ca(BH4)2 has a tetragonal crystal structure (P -4 [104] or P42/m [103, 105]).
—-Ca(BH4)2 is sometimes referred to as a high-temperature polymorph, as it has
been observed to become the dominant phase above 130 ¶C [105]. “-Ca(BH4)2
has an orthorhombic crystal structure (Pbca) [103,106]. The fourth polymorph,
–Õ-Ca(BH4)2, is a high-temperature modification of the – structure that ap-
pears by a second order phase transition at around 220 ¶C. This polymorph has
a tetragonal crystal structure (I-42d, a supergroup of F2dd) [104] and was not
observed in this work. High-pressure polymorphs of Ca(BH4)2 have furthermore
been proposed based on density functional theory calculations [107]. The layout
of the –, — and “ crystal structures is shown in Figure 5.1.
As the enthalpy di erences between the –, — and “ polymorphs are rather
small (35-135 meV) [106, 108], these usually coexist. The relative quantity of
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Table 5.1: The crystal structure parameters of the –, — and “ structures used for the
Rietveld refinement of the di raction patterns in this chapter. Z denotes the number of
formula units per unit cell. Values for –-Ca(BH4)2 and —-Ca(BH4)2 from [104], values
for “-Ca(BH4)2 from [103].
– — “
Symmetry Orthorhombic Tetragonal Orthorhombic
Space group F2dd P -4 Pbca
a (Å) 8.7759 6.91894 7.525
b (Å) 13.0234 6.91894 13.109
c (Å) 7.4132 4.34711 8.403
Volume (Å3) 847.27 208.1 828.92
Z 8 2 8
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Table 3
!-Ca(BH4)2 crystal data.
Measurement temperature 433K
Space group P42/m (no. 84)
Lattice constant (Å) a=6.9509(5) c=4.3688(3)
Atom g x y z B [Å2]
Ca 1.0 0.5 0.0 0.5 3.44(1)
B 1.0 0.3110(7) 0.2139(6) 0.0 4.19(7)
H1 1.0 0.266(2) 0.348(2) 0.0 9.4(4)
H2 1.0 0.458(2) 0.182(1) 0.0 9.4
H3 1.0 0.229(1) 0.154(1) 0.795(2) 9.4
Rwp =1.76%, RR =6.39%, RI = 2.46%, S=1.421.
diffraction intensity is very weak and not observable, the extinc-
tion rule for!-Ca(BH4)2 is represented by (h0 l:h+ l=2n, 0 0 l:l=2n)
or (0 0 l:l=2n). P42212 in the former case and P4222, P42/m, P42 in
the later case are added to the possible space groups. By analyz-
ing as P42/m among these space groups, the most suitable values
were obtained concerning the reliability factor Rwp, interatomic
distances B–H and hydrogen thermal parameters BH. This result
agrees with the structure of !-Ca(BD4)2 and the theoretical inves-
tigation [29,30]. However, the {100} diffraction intensity, which
should be appeared as P42/m, is not observed. It is expected that the
arrangement of tetrahedron BH4 or hydrogen atom positions are
thermally disordered at high temperature. The obtained structure
parameters for !-Ca(BH4)2 are summarized in Table 3.
3.3. Crystal structure of !-Ca(BH4)2
The structure of"-Ca(BH4)2 was solvedby thePattersonmethod
mainly. In the result of Rietveld analysis (Fig. 3), the second sample
consists of "-Ca(BH4)2,#-Ca(BH4)2, CaO, CaH2 and Ag (an impurity
probably mixed in the sample during the measurement prepara-
tion). The weight percentage of each phase at room temperature
(300K) is 82.1, 10.7, 4.2, 2.0 and 1.0mass%, respectively. The "-
Ca(BH4)2 structure, previously reportedwith space group Pbca [29]
but unsolved, was determined and the crystallographic data are
summarized in Table 4. The arrangement of Ca and B in "-Ca(BH4)2
is the same as the brookite type structure in TiO2.
3.4. Coordination geometry in Ca(BH4)2 polymorphism
In #-, !- and "-Ca(BH4)2 structures, a boron atom bonds with
four hydrogen atoms and forms a BH4 tetrahedron. The inter-
atomic distances shorter than 3.0Å and bond angles of a BH4
tetrahedron in #-, !- and "-Ca(BH4)2 structures are listed in
Tables 5–7. The arrangement of BH4 tetrahedrons within (100)
plane of #-Ca(BH4)2 and the stacking of the planes are illustrated
in Fig. 4. Similarly, (1 01) plane of !-Ca(BH4)2 and (010) plane of
Fig. 3. Rietveld analysis pattern of the second Ca(BH4)2 sample at 300K.
Table 4
"-Ca(BH4)2 crystal structure data.
Measurement temperature 300K
Space group Pbca (no. 61)
Lattice constant (Å) a=7.525(1) b=13.109(2) c=8.403(1)
Atom g x y z B [Å2]
Ca 1.0 0.8634(1) 0.1275(1) 0.1240(1) 2.52(1)
B1 1.0 0.1740(9) −0.0033(4) 0.1572(9) 2.72(9)
B2 1.0 0.5221(7) 0.2296(5) 0.1009(10) 2.72
H1 1.0 0.218(3) −0.006(3) 0.280(3) 2.9(3)
H2 1.0 0.267(4) −0.045(2) 0.086(5) 2.9
H3 1.0 0.170(4) 0.078(2) 0.114(5) 2.9
H4 1.0 0.039(4) −0.039(2) 0.149(4) 2.9
H5 1.0 0.520(3) 0.223(2) -0.031(4) 2.9
H6 1.0 0.648(3) 0.260(2) 0.141(7) 2.9
H7 1.0 0.415(3) 0.281(2) 0.142(6) 2.9
H8 1.0 0.505(2) 0.152(3) 0.152(4) 2.9
Rwp =1.87%, RR =5.53%, RI = 2.98%, S=2.433.
Fig. 4. The arrangement of BH4 tetrahedrons within the parallel plane to (100)
plane and the stacking of planes in #-Ca(BH4)2. The blue and yellow spheres rep-
resent Ca and H atoms. (For interpretation of the references to color in this figure
legend, the reader is referred to the web version of this article.)
"-Ca(BH4)2 are illustrated in Figs. 5 and 6. The layer of cation Ca2+
and anion BH4− are alternately stacking. Each phase of Ca(BH4)2 is
the ionic crystals, and these layers are bound by electrostatic force.
In #-, !- and "-Ca(BH4)2 structures, six boron atoms around a
calciumatomcoordinate in octahedral type. InCa(BH4)2·H2Ostruc-
ture, one boron atom of the CaB6 octahedron is replaced by oxygen
atom. The arrangement of these octahedrons is illustrated in Fig. 7.
Furthermore, three calcium atoms around a boron atom coordi-
nate in plane triangle type in#-,!- and "-Ca(BH4)2 structures. The
#-Ca(BH4)2 structure connectingwith the CaB6 octahedronswhich
share fouredgeswith theneighboringoctahedrons. Twoedges in!-
Ca(BH4)2 and three edges in"-Ca(BH4)2 are sharingwith neighbor-
Fig. 5. The arrangement of BH4 tetrahedrons within the parallel plane to (101)
plane and the stacking of planes in !-Ca(BH4)2.
(a)
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Table 3
!-Ca(BH4)2 crystal data.
Measurement temperature 433K
Space group P42/m (no. 84)
Lattice constant (Å) a=6.9509(5) c=4.3688(3)
Atom g x y z B [Å2]
Ca 1.0 0.5 0.0 0.5 3.44(1)
B 1.0 0.3110(7) 0.2139(6) 0.0 4.19(7)
H1 1.0 0.266(2) 0.348(2) 0.0 9.4(4)
H2 1.0 0.458(2) 0.182(1) 0.0 9.4
H3 1.0 0.229(1) 0.154(1) 0.795(2) 9.4
Rwp =1.76%, RR =6.39%, RI = 2.46%, S=1.421.
diffraction intensity is very weak and not observable, the extinc-
tion rule for!-Ca(BH4)2 is represented by (h0 l:h+ l=2n, 0 0 l:l=2n)
or (0 0 l:l=2n). P42212 in the former case and P4222, P42/m, P42 in
the later case are added to the possible space groups. By analyz-
ing as P42/m among these space groups, the most suitable values
were obtained concerning the reliability factor Rwp, interatomic
distances B–H and hydrogen thermal parameters BH. This result
agrees with the structure of !-Ca(BD4)2 and the theoretical inves-
tigation [29,30]. However, the {100} diffraction intensity, which
should be appeared as P42/m, is not observed. It is expected that the
arrang ment of tetrahedron BH4 or hydrogen tom positions are
thermally disordered at high temperature. The obtained structure
parameters for !-Ca(BH4)2 are summarized in Table 3.
3.3. Crystal structure of !-Ca(BH4)2
The structure of"-Ca(BH4)2 was solvedby thePattersonmethod
mainly. In the result of Rietveld analysis (Fig. 3), the second sample
consists of "-Ca(BH4)2,#-Ca(BH4)2, CaO, CaH2 and Ag (an impurity
probably mixed in the sample during the measurement prepara-
tion). The weight perc ntage of each phase at room temperature
(300K) is 82.1, 10.7, 4.2, 2.0 and 1.0mass%, respectively. The "-
Ca(BH4)2 structure, previously reportedwith space group Pbca [29]
but unsolved, was determined and the crystallographic data are
summarized in Table 4. The arrangement of Ca and B in "-Ca(BH4)2
is the same as the brookite type structure in TiO2.
3.4. Coordination geometry in Ca(BH4)2 polymorphism
In #-, !- and "-Ca(BH4)2 structures, a boron atom bonds with
four hydrogen atoms and forms a BH4 tetrahedron. The inter-
atomic distances shorter than 3.0Å and bond angles of a BH4
tetrahedron in #-, !- and "-Ca(BH4)2 structures are listed in
Tables 5–7. The arrangement of BH4 tetrahedrons within (100)
plane of #-Ca(BH4)2 and the stacking of the planes are illustrated
in Fig. 4. Similarly, (1 01) plane of !-Ca(BH4)2 and (010) plane of
Fig. 3. Rietveld analysis pattern of the second Ca(BH4)2 sample at 300K.
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Ca 1.0 0.8634(1) 0.1275(1) 0.1240(1) 2.52(1)
B1 1.0 0.1740(9) −0.0033(4) 0.1572(9) 2.72(9)
B2 1.0 0.5221(7) 0.2296(5) 0.1009(10) 2.72
H1 1.0 0.218(3) −0.006(3) 0.280(3) 2.9(3)
H2 1.0 0.267(4) −0.045(2) 0.086(5) 2.9
H3 1.0 0.170(4) 0.078(2) 0.114(5) 2.9
H4 1.0 0.039(4) −0.039(2) 0.149(4) 2.9
H5 1.0 0.520(3) 0.223(2) -0.031(4) 2.9
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Fig. 4. The arrangement of BH4 tetrahedrons within the parallel plane to (100)
plane and the stacking of planes in #-Ca(BH4)2. The blue and yellow spheres rep-
resent Ca and H atoms. (For interpretation of t e references to color in this figure
legend, the reader is referred to the web version of this article.)
"-Ca(BH4)2 are illustrated in Figs. 5 and 6. The layer of cation Ca2+
and anion BH4− are alternately stacking. Each phase of Ca(BH4)2 is
the ionic crystals, and these layers are bound by electrostatic force.
In #-, !- and "-Ca(BH4)2 structures, six boron atoms around a
calciumatomcoordinate in octahedral type. InCa(BH4)2·H2Ostruc-
ture, one boron atom of the CaB6 octahedron is replaced by oxygen
atom. The arrangement of these octahedrons is illustrated in Fig. 7.
Furthermore, three calcium atoms around a boron atom coordi-
nate in plane triangle type in#-,!- and "-Ca(BH4)2 structures. The
#-Ca(BH4)2 structure connectingwith the CaB6 octahedronswhich
share fouredgeswith theneighboringoctahedrons. Twoedges in!-
Ca(BH4)2 and three edges in"-Ca(BH4)2 are sharingwith neighbor-
Fig. 5. The arrangement of BH4 tetrahedrons within the parallel plane to (101)
plane and the stacking of planes in !-Ca(BH4)2.(b)
(c)
Figure 5.1: The three polymorphs of Ca(BH4)2 observed in this work. The blue
spheres denote calcium atoms, the yellow spheres denote hydrogen atoms and boron
atoms are located at the center of each tetrahedron. a) The – structure. The arrange-
ment of BH4 tetrahedra in the plane parallel to (100) is shown on the left, and the
stacking of planes is shown on the right. b) The — structure. The arrangement of BH4
tetrahedra in the plane parallel to (101) is shown on the left, and the stacking of planes
is shown on the right. c) The “ structure. The two di erent arrangements of BH4
tetrahedra in the plane parallel to (010) is shown on the left and in the middle, and the
stacking of planes is shown on the right. Figure from [103].
the phases can even di er significantly between batches [102]. As shown in this
work, the addition of LiBH4 possibly has a large e ect on the relative quantities
of the Ca(BH4)2 polymorphs, which depend heavily on the mixing ratio of the
two compounds. Furthermore, the possibility of Ca+2 substitution in LiBH4 is
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discussed in this work, as such introduction of relatively large cations in LiBH4
could lead to compensating vacancies, which would likely enhance the lithium
ion conduction. As an example, divalent doping of chlorides has been found to
increase their ionic conductivity [109].
5.1.2 Mixtures of LiBH4 and Ca(BH4)2
The main idea behind mixing lithium borohydride and calcium borohydride in
this work was that the mixture might have better ionic conductivity than the
precursor materials and possibly exhibit dual ionic conduction, i.e joint conduc-
tion of both lithium and calcium ions. Reports on the structure and hydrogen
storage properties of the LiBH4-Ca(BH4)2 composite have previously been pub-
lished [110,111]. Accounts of the nature of the LiBH4-Ca(BH4)2 mixtures di er,
however, as Z. Fang et al. reported on the formation of a dual-cation borohy-
dride LiCa(BH4)3, while J. Y. Lee et al. concluded that LiBH4 and Ca(BH4)2
coexist as a physical mixture but not as a compound or a solid solution. This
chapter seeks to resolve this controversy by reporting on the structural properties
of the LiBH4-Ca(BH4)2 mixtures using synchrotron x-ray di raction. Further-
more, this chapter reports on the crystal structures and the phase composition
of (1≠ x)LiBH4+xCa(BH4)2 mixtures in various ratios. The main focus of the
chapter is on the ionic conductivity of the composites and on the formation of
CaH2 in both orthorhombic and cubic structures that was observed upon heat
treatment of the LiBH4-Ca(BH4)2 composites. The chapter will also discuss how
the low chemical stability of LiBH4-Ca(BH4)2, illustrated by the formation of
CaH2, a ects the suitability of the mixtures for usage as solid electrolytes, and
how this can increase the risk of a short-circuit in the cell.
5.2 Crystal Structure and Phase Composition
The di raction patterns of pure LiBH4, pure Ca(BH4)2 and four composites of
the two compounds are shown in Figure 5.2, along with a Rietveld refinement
of each di raction pattern. The phase factors, the unit cell parameters as well
as the strain and the size broadening parameters were refined for all phases.
Pseudo-Voigt profiles were used for modelling the shapes of the di raction peaks.
The background signal was modelled using a polynomial expression, and the zero
point was refined. The isotropic thermal motion parameters were refined for
all atoms except hydrogen and preferred di raction orientations in the powder
were modelled if needed. The occupancy of Ca2 was refined in –-Ca(BH4)2
and the “-Ca(BH4)2 phases. The resulting values for “-Ca(BH4)2 are shown
in Table 5.2. For “-Ca(BH4)2 the refinement of the Ca+2 positions showed full
occupancies in all cases. The peak to parameter ratio was greater than two for
all refinements and greater than five for most refinements. The weighted profile
agreement factor Rwp (see Equation 2.15) at the end of the refinements ranged
from 2.2% to 4.25% and the data were refined for convergence, i.e until the
squared sum of all parameter shifts divided by the estimated standard deviation
(i.e q(shift/‡)2) reached < 0.1.
The di raction pattern presented for LiBH4 is from a ball-milled sample.
For Ca(BH4)2, di raction patterns were acquired for as-received and ball milled
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Figure 5.2: Powder x-ray di raction patterns for di erent ratios of (1 ≠
x)LiBH4+xCa(BH4)2. The solid, coloured lines show the measured data, the dashed,
black lines show the Rietveld refinement of each measurement. The tick marks below
the di raction patterns show the locations of the Bragg reflections of –-Ca(BH4)2, —-
Ca(BH4)2 “-Ca(BH4)2 and orthorhombic LiBH4. No other phases were detected in the
samples. The di raction pattern of pure LiBH4 only contains orthorhombic LiBH4. In
the di raction pattern of pure Ca(BH4)2, —-Ca(BH4)2 and “-Ca(BH4)2 coexist, but
no –-Ca(BH4)2 is detected. In the (1 ≠ x)LiBH4+xCa(BH4)2 mixtures, –-Ca(BH4)2,
“-Ca(BH4)2 and orthorhombic LiBH4 coexist, but no —-Ca(BH4)2 is detected. All data
in the figure comes from synchrotron measurements except for the sample with x = 0.75
(see section 3.2).
powders. Only the di raction pattern of the as-received compound is shown
here since the milling alters the crystallinity of the powder, reducing the quality
of the di raction pattern and the Bragg peak intensities of the already poorly
scattering Ca(BH4)2 powder. It was thus not possible to perform a trustworthy
Rietveld refinement of the milled Ca(BH4)2 or to identify its phase composition
in any reliable manner from its di raction pattern.
The relative phase quantities of the mixtures in weight percentage, as ob-
tained by Rietveld refinement, are shown in Table 5.2 and graphically in Fig-
ure 5.3. The milled LiBH4 sample only contains the orthorhombic phase, as
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Table 5.2: The relative phase quantities (in weight percentage) in the (1≠x)LiBH4 +
xCa(BH4)2 samples, obtained from the Rietveld refinement of the XRD data. There are
large variations in the phase quantities of the – and “ phases of Ca(BH4)2 with LiBH4
content, but the — phase is only present in pure Ca(BH4)2. The rightmost column of
the table shows the refined Ca+2 occupancies in the –-Ca(BH4)2 phase, but only for
those mixtures for which synchrotron data were available. The Ca+2 occupancies in the
—-Ca(BH4)2 and “-Ca(BH4)2 phases were found to equal unity in all cases.
Sample –-Ca(BH4)2 —-Ca(BH4)2 “-Ca(BH4)2 LiBH4 LT Ca+2 occ.
(x in mol) (wt%) (wt%) (wt%) (wt%) in –-Ca(BH4)2
0 0.0 0.0 0.0 100.0 N/A
0.125 24.1 0.0 3.2 72.7 0.972
0.1875 22.1 0.0 13.2 64.7 N/A
0.25 39.0 0.0 10.6 50.4 0.931
0.33 6.2 0.0 46.5 47.3 N/A
0.50 8.7 0.0 62.4 28.9 0.975
0.67 18.0 0.0 65.0 17.0 N/A
0.75 15.8 0.0 62.7 21.5 N/A
1.00 0.0 36.9 63.1 0.0 N/A
!
! !
!
! !
! !
!
0 20 40 60 80 1000
20
40
60
80
100
Ca!BH4 "2 content !!"
Ph
as
e
fra
cti
on
!!" α-Ca!BH4 "2!
(a)
! ! ! ! ! ! ! !
!
0 20 40 60 80 1000
20
40
60
80
100
Ca!BH4 "2 content !!"
β-Ca!BH4 "2!
Ph
as
e
fra
cti
on
!!"
(b)
! !
! !
!
! ! ! !
0 20 40 60 80 1000
20
40
60
80
100
Ca!BH4 "2 content !!"
γ-Ca!BH4 "2!
Ph
as
e
fra
cti
on
!!"
(c)
!
!
!
! !
!
!
!
!
"
"
"
"
"
"
" "
"
0 20 40 60 80 1000
20
40
60
80
100
Ca!BH4 "2 content !!"
LiBH4 LT (refined)
LiBH4 LT (actual mixture)
!
"
Ph
as
e
fra
cti
on
!!"
(d)
Figure 5.3: The relative phase quantities in the LiBH4-Ca(BH4)2 samples a function of
Ca(BH4)2 content. The data is obtained from the Rietveld refinement of the di raction
patterns, and is the same as in Table 5.2. The refined phase quantity of LT LiBH4 is
expected to equal the actual LiBH4 weight percentage in each mixture. This means that,
for an optimal refinement, the two curves in Figure d) should be identical. The Rietveld
refinements are, however, somewhat imperfect with regard to this, most probably due
to the low scattering power of LiBH4 relative to Ca(BH4)2.
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expected. The pure, as-received Ca(BH4)2 sample contains —-Ca(BH4)2 and
“-Ca(BH4)2, but no –-Ca(BH4)2 is present. All composites are composed of or-
thorhombic LiBH4, –-Ca(BH4)2 and “-Ca(BH4)2 only; no other phases or new
compounds are formed during the ball milling. Note that the amount of LiBH4
in the composite samples is generally overestimated, as compared to the actual
mixing ratios of the samples. This indicates the accuracy of the Rietveld refine-
ments performed on LiBH4, which is composed of elements with low electron
densities and is thus a poor x-ray scatterer relative to Ca(BH4)2. Small sam-
ple inhomogeneities may also contribute to this discrepancy in the LiBH4 phase
quantities.
As mentioned in the introduction, the enthalpy di erences between the dif-
ferent Ca(BH4)2 phases are small, and therefore the relative phase quantities
of the Ca(BH4)2 polymorphs are very sensitive to modifications of the mixture.
Interestingly, no —-Ca(BH4)2 is detected in the composites although it is present
in pure Ca(BH4)2, which is consistent with the findings of Lee et al. [48]. The
relative quantities of the two remaining Ca(BH4)2 phases are very sensitive to
any modifications of the mixture. –-Ca(BH4)2 is found to have the largest rel-
ative phase quantity for x = 0.25. For samples with large amounts of LiBH4,
only small amounts of “-Ca(BH4)2 are found, but for composites with x Ø 0.5
it becomes the dominant phase with a similar relative phase quantity as in the
pure Ca(BH4)2 sample.
The formation of –-Ca(BH4)2, which is not present in the as-received Ca(BH4)2,
is either facilitated by the introduction of LiBH4 (even in small amounts), or
simply by the ball milling process. As already mentioned, the crystallinity of
the pure, ball-milled Ca(BH4)2 samples was very poor, and it was unfortunately
not possible to deduce the relative quantities of the Ca(BH4)2 polymorphs from
its di raction pattern. It can thus not be inferred with certainty whether the
polymorph changes in Ca(BH4)2 take place due to LiBH4 addition or due to the
milling itself. It is, however, clear that the introduction of LiBH4 increases the
crystallinity of the Ca(BH4)2 polymorphs, as compared to the as-received and
ball-milled Ca(BH4)2 samples.
The lattice parameters in all samples were found to deviate by less than
1% from the previously published values presented in Tables 5.1 and 4.1. The
lattice parameters of the composite samples are in all cases very similar to those
of the phases in the precursor compounds and do not change much with the
mixing ratio x. It is therefore concluded that the (1 ≠ x)LiBH4+xCa(BH4)2
composites are physical mixtures rather than solid solutions. This finding is in
good agreement with those previously reported by Lee et al [48].
After ball milling, a fraction of each sample was annealed in a glass container
at 100 ¶C for 60 hours under Ar atmosphere. XRD measurements of the annealed
powders show that such heat treatment does not change the phase compositions,
which remain very close to those presented in 5.2. It was therefore not expected
that the heat treatment during the impedance spectroscopy measurements would
alter the phase composition of the samples.
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5.3 Conductivity of the LiBH4 - Ca(BH4)2 Composites
The conductivity of (1 ≠ x)LiBH4+xCa(BH4)2 was measured for three mixing
ratios, i.e x œ {1/4, 1/2, 3/4}. Figure 5.4 shows examples of Nyquist plots ob-
tained by impedance spectroscopy. All Nyquist plots showed one arc (a slightly
depressed semi-circle). The explanation for this can be either that only one con-
tribution to the conduction is present, or that two or more arcs of concurrent
bulk and/or grain boundary contributions overlap completely in the Nyquist
plots. Unfortunately, it is not possible to separate di erent contributions to
the conductivity in such a case using only impedance spectroscopy, as discussed
in section 2.3.4. At the highest temperatures, some of the Nyquist plots also
showed a small tail at the low-frequency end, which is attributed to the lithium
electrodes.
As the Nyquist plots only show one arc, they were fitted using an (RQ)
equivalent circuit model, i.e a resistor and a constant phase element (CPE) in
parallel (see section 2.3.3). The Nyquist plots containing a low-frequency tail
were fitted using two such circuits in series. The sample resistance R was taken
to be the point of intersection between the Z Õ axis and the low-frequency end of
the large arc. The conductivity of the samples is given by Equation 2.30.
The ionic conductivities of the (1≠x)LiBH4+xCa(BH4)2 samples are shown
in Figure 5.5. The conductivity of pure LiBH4, both as-received (non-milled)
and ball-milled, is shown for comparison. Attempts were made at measuring the
conductivity of pure Ca(BH4)2. This did, however, not succeed, most probably
due to the ionic conduction of Ca(BH4)2 being too poor for measurements with
this experimental setup (i.e < 10≠9 S/cm).
The ionic conductivity of the samples is very sensitive to defects in the crystal
structure of the powders, as discussed in sections 4.1.3 and 4.4. The ball-milled
LiBH4 has a much higher conductivity (4.6 · 10≠5 S/cm at 40 ¶C) than the non-
milled (as-received) sample (2.4 · 10≠8 S/cm at 40 ¶C), although both samples
are in the orthorhombic, poorly conducting phase. This can be explained by
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Figure 5.4: Examples of Nyquist plots obtained from impedance spectroscopy on
1/2LiBH4+1/2Ca(BH4)2. The red squares are measured during heating, the blue circles
are measured during cooling. a) Measurements performed at 40 ¶C. b) Measurements
performed at 80 ¶C. The Nyquist plots mostly show only one arc, but at the higher
temperatures a small contribution from the electrodes is sometimes observed at the
low-frequency end of the plots.
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Figure 5.5: An Arrhenius plot of the ionic conductivity of the LiBH4-Ca(BH4)2 mix-
tures. The ionic conductivity of non-milled and ball-milled pure LiBH4 is shown for
comparison. The filled symbols denote measurements during heating runs, the empty
symbols denote measurements during cooling runs. The conductivity of the composites
is in all cases lower than that of the ball-milled LiBH4. Note that the conductivity of
the composite samples is in all cases higher during cooling than during heating.
the formation of defects during the milling which may open new lithium ion
conduction pathways, as explained in 4.1.3 and in Paper A. Note that the data
presented in this section is not from the same measurement as the conductivity
data for ball-milled LiBH4 presented in section 4.1.3. As this sample was only
heated up to 100 ¶C, and not above the LiBH4 phase transition temperature
of approximately 110 ¶C, the defects formed during the milling are not mended
by the heat treatment and the conductivity of the ball-milled LiBH4 remains
similar during cooling.
The (1 ≠ x)LiBH4+xCa(BH4)2 pellets consisted of as-milled powders. The
3/4LiBH4+1/4Ca(BH4)2 sample has the highest conductivity of the measured
composites, or 8.8 ·10≠6 S/cm at 40 ¶C. A comparison of the phase compositions
shown in Figure 5.3 with the conductivities of the composite samples shown in
Figure 5.5 indicates that the presence of –-Ca(BH4)2 grain boundaries might be
slightly more favourable for the conductivity than the presence of “-Ca(BH4)2
grain boundaries. The ionic conductivity of all the composite samples is, how-
ever, in the range of 0.001 - 0.01 mS/cm, and thus considerably lower than the
conductivity target of 1 mS/cm discussed in section 1.2.2. This is probably too
low for application as a bulk electrolyte in working battery cells. However, at
100 ¶C the 3/4LiBH4+1/4Ca(BH4)2 sample reaches a conductivity of 1 mS/cm,
which might be of interest in battery applications at elevated temperatures.
The fact that the Nyquist plots only show one arc that can be related to bulk
and/or grain boundary conduction strongly suggests that Li+ is the only charge
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carrier in the composite, i.e that the contribution of Ca+2 to the conduction is
negligible, This hypothesis is further strengthened by the observation that the
conductivities of the (1 ≠ x)LiBH4+xCa(BH4)2 samples are only slightly lower
than that of ball-milled pure LiBH4 in Figure 5.5, while the ionic conduction of
pure Ca(BH4)2 is very poor.
The presence of a small number of Ca+2 vacancies in –-Ca(BH4)2 (which
is indicated by the Rietveld refinement of the synchrotron data, see Table 1)
could indicate that some Ca+2 substitute into LiBH4, or that they form a grain
boundary interface of Ca+2. The formation of such an interface could enhance
the ionic conduction in the LiBH4-Ca(BH4)2 composite. The di erence in the
activation energies, which are derived from the slope of the Arrhenius plots, could
also be an indication that the conduction mechanisms di er slightly between the
pure LiBH4 and the composites. The activation energy of the ball-milled LiBH4
is found to be around 0.55 eV while the activation energies of the composites
are found to be approximately 0.8 eV in all cases. Further work using other
experimental techniques would be needed to determine which conductive species
contribute to the ionic conductivity of the (1≠x)LiBH4+xCa(BH4)2 composite.
5.4 Formation of CaH2
5.4.1 Orthorhombic and Cubic CaH2
When the samples were heated up to 100 ¶C during the impedance spectroscopy
measurements (under Ar atmosphere), a new phase formed over the course of a
few hours. This phase consisted of a black layer, growing at the interfaces be-
tween the Li electrodes and the electrolyte. This surprising finding was observed
even if no potential was applied to the sample.
In order to identify this phase, synchrotron XRD was performed on a black
coloured part of a sample. The resulting di raction pattern is shown in Figure
5.6, along with a Rietveld refinement of the data. The majority of the powder
consists of –-Ca(BH4)2 and orthorhombic LiBH4. However, the refinement re-
veals two additional phases that were not detected in the di raction patterns
of the as-milled samples shown in Figure 5.2. One of the phases was identified
as calcium hydride, CaH2 in its regular orthorhombic (Pnma) crystal structure
(3.6 wt%). The second phase was indexed as a cubic structure with the space
group Fm-3m, isostructural with CaF2. Its lattice parameter is 5.490 Å, com-
pared to 5.464 Å for CaF2 [112]. After further investigations, this cubic phase
was identified as CaH2 (4.2 wt%). The crystal structures and the lattice param-
eters of the detected phases in the di raction pattern in Figure 5.6 are shown
in Table 5.3. No other phases or unexplained Bragg peaks were detected in the
di raction pattern. That does, however, not fully exclude the presence of small
amounts of poorly scattering phases such as elemental boron or lithium.
5.4.2 The Stability of Cubic CaH2
Solid solutions of CaH2≠xFx in the cubic CaF2 crystal structure with various con-
centrations of hydrogen have previously been reported, first by Brice et al. [113]
and more recently in connection with research on Ca(BH4)2 thermal decom-
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Table 5.3: The crystal structures and the lattice parameters of the refined structures
shown in Figure 5.6.
Phase Crystal structure a (Å) b (Å) b (Å)
LiBH4 LT Pnma 7.201 4.452 6.857
–-Ca(BH4)2 F2dd 8.815 13.184 7.543
CaH2 orthorh. Pnma 5.974 3.617 6.849
CaH2 cubic Fm-3m 5.488 5.488 5.488
position [98, 114]. Smithson et al. [115] have performed ab-initio calculations
that show that at zero pressure, the formation energies for orthorhombic CaH2
and cubic CaH2 are very similar. Pinatel et al. [116] have recently calculated
the phase diagram of the CaH2≠xFx solid solution and found that the cubic
and orthorhombic phases can coexist near room temperature with very a low
concentration of fluoride. Furthermore, Li et al. have detected a high-pressure
phase of CaH2 using in-situ Raman scattering, which reportedly starts forming
at about 15.5 GPa and is thought to possess a higher symmetry than orthorhom-
bic CaH2 [117].
To investigate the possibility of the formation of cubic CaH2 without any
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Figure 5.6: Synchrotron XRD data (from SNBL) and a Rietveld refinement of a black-
coloured part of a 7/8LiBH4+1/8Ca(BH4)2 sample after it had been heat treated up to
a temperature of 100 ¶C during the impedance spectroscopy measurements. The blue,
solid line shows the measured data, the black, dashed line shows the Rietveld refinement
of the data and the red, solid line on the bottom shows the di erence between the
measured data and the refinement. The Rietveld refinement reveals that the di raction
pattern consists of –-Ca(BH4)2, and the LT phase of LiBH4, along with 3.6 wt% of
orthorhombic CaH2 and 4.2 wt% of cubic CaH2 (in a CaF2 crystal structure). No other
phases were detected. The tick marks below the di raction patterns show the locations
of the di raction peaks for the four phases according to the Rietveld refinement.
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Figure 5.7: The calculated stability of cubic CaH2 relative to orthorhombic CaH2 for
structures with no defects and for structures with a 1/8 density of charged hydrogen
vacancies. The cubic structure is found to be more stable than the orthorhombic struc-
ture with the introduction of the H vacancies. The calculations were performed by Jón
Steinar Gararsson M˝rdal.
fluoride content, the relative stability of the orthorhombic and the cubic CaH2
phases was calculated by Jón Steinar Gararsson M˝rdal. The calculations were
performed for structures with and without a 1/8 density of hydrogen vacancies.
Calculations were carried out both for neutral vacancies and charged vacancies.
In the case of neutral vacancies, a proton and an electron were removed from the
cell. In the case of charged vacancies, only ap proton was removed from the cell,
but a compensating positive background charge was smeared uniformly over the
cell to prevent an infinite charge build-up over the periodic images of the cell.
The results of the calculations without vacancies and with charged vacancies are
shown in Figure 5.7. For the structures with no vacancies, orthorhombic CaH2
is found to be more stable than cubic CaH2 by 0.23 eV. However, when the
hydrogen vacancies are introduced, cubic CaH2 is found to be more stable than
orthorhombic CaH2 by 0.02 eV for neutral vacancies and 0.34 eV for charged
vacancies. This indicates that for structures with crystal defects, cubic CaH2
could form and probably coexist with orthorhombic CaH2.
Note that the particular density of vacancies used for the calculations was
simply chosen as a representative number for the possible density of defects in
the structure, and is not based on experimental findings. The main goal of the
calculations was to see if the presence of vacancies would increase the stability
of the orthorhombic phase relative to the cubic phase. The actual density of
defects in the structure, if any, cannot be determined using the experimental
techniques presented here, but could be measured using neutron di raction as a
part of further studies on this subject.
5.4.3 XPS and SEM Measurements
To gain more information on the surface composition, chemical bonds and mor-
phology of the black-coloured powder, X-ray photoelectron spectroscopy (XPS)
measurements and Energy-Dispersive X-ray Spectroscopy (EDS) measurements
were performed. The XPS measurements were performed at Uppsala University
in Sweden by Reza Younesi, a post-doctoral fellow at DTU Energy Conversion.
He also handled the analysis of the results. The EDS measurements were per-
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Figure 5.8: The XPS results for calcium and boron. The chemical bonds corresponding
to the measured peaks are marked in the figure. Left: The binding energy of calcium
bonds at the surface of the sample. Due to spin-orbital coupling, two peaks are ob-
served for each bond type in calcium. The only observed chemical bonds of calcium are
either Ca-H or Ca-OH bonds, and since the sample is not expected to contain oxygen
(except possibly in very small amounts due to air contamination), we conclude that this
binding energy corresponds to hydrogen bonds. The low peaks correspond to plasmon
interactions, and no other chemical bonds of calcium are found. Right: Boron is almost
exclusively found to have hydrogen bonds, although a small amount of oxygen bonds
(related to impurities in the sample) is observed. The binding energy of B-B bonds is
very similar to that of B-H bonds, and the possible presence of B-B bonds may thus be
drowned out by the strong signal from the B-H bonds. The presence of elemental boron
in the sample can therefore not be excluded based on these results.
Figure 5.9: A SEM image of a black-coloured part of a 7/8LiBH4+1/8Ca(BH4)2
sample after heat treating it up to a temperature of 100 ¶C during the impedance spec-
troscopy measurements. Elemental mapping using EDS revealed that the bulk of the
powder is a physical mixture of LiBH4 and Ca(BH4)2, possibly along with some ele-
mental boron, while areas that appear light gray in the were found to be calcium-rich.
The light gray particle in the middle of the image is approximately 10 µm in diameter.
The result of an elemental mapping line scan is shown. A clear increase in calcium
concentration is detected at the position of the light gray area, but no increase in the
concentration of boron (or any other element) is detected. Note that the EDS equip-
ment cannot detect hydrogen or lithium. Also note that the colours of the SEM image
do not represent the actual colours of the sample, and that the light gray area in the
figure may thus well be black in reality.
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formed using a scanning electron microscope (SEM) with the assistance of Marc
Overgaard, a MSc student at DTU Energy Conversion. Further information
about the XPS and the EDS measurements can be found in Paper C.
XPS measures the binding energy of atoms at or near the surface of the
sample and thus yields information about which chemical bonds are present.
Due to the low concentration of calcium atoms on the surface of the sample, it is
di cult to analyze the results for Ca. The calcium is detected by looking at the
p orbital, and due to spin-orbital coupling two peaks are observed for each type
of bonds for calcium atoms. The two low intensity peaks between 355 eV and
360 eV do not denote chemical bonds, but originate from plasmon interactions.
The two larger peaks between 345 eV and 355 eV represent one type of bond;
Ca-H or Ca-OH bonds. Since the powder is expected to contain Ca-H bonds
but no Ca-OH bonds, and since the XRD and EDS results do not suggest that
Ca-OH bonds are present, we conclude that these two peaks correspond to Ca-H
bonds. No other chemical bonds involving calcium are detected. This strongly
suggests that the two CaH2 phases are the only new calcium phases that have
been formed in the sample during the heat treatment, and that no CaF2 or
amorphous phases are present.
The only chemical bonds of boron detected in the XPS measurements were
B-H bonds and B-O bonds. A very small signal of the latter bond type was
detected, most likely originating from slight impurities in the sample. It should,
however, be noted that B-B bonds have a binding energy very similar to B-H
bonds, and a possible signal from boron bonds may therefore be drowned out by
the signal from hydrogen bonds. It can thus not be stated with certainty based
on the XPS results that no elemental boron is present in the sample.
Figure 5.9 shows a SEM image of a black coloured part of 7/8LiBH4+1/8Ca(BH4)2
powder after the heat treatment during the impedance spectroscopy measure-
ment. Elemental mapping of the microscope image was performed using the
EDS technique. The bulk of the powder appears dark gray on the image and is
found to have a rather constant concentration of both calcium and boron. This
area is expected to be a physical mixture of LiBH4 and Ca(BH4)2. The powder
also contains small areas that appear light gray and were found to be calcium-
rich. These areas are, however, not boron-rich, excluding the possibility that
they consist of Ca(BH4)2. The EDS instrument is unfortunately not capable
of detecting hydrogen, which is limiting for the conclusions that can be drawn
from the SEM/EDS measurements in this study. But since the XPS results only
indicate the presence of Ca-H bonds and no other bonds involving calcium, it is
reasonable to assume that the calcium-rich areas in the SEM image are in fact
CaH2. It is of course also possible that these areas consist of pure calcium, but
after the heat treatment this is not considered very likely. Although the EDS
results are not strictly conclusive on their own, they are in good agreement with
the XRD and XPS data, and strengthen the hypothesis that CaH2 is formed.
5.4.4 The Part of Boron in the CaH2 Formation Reaction
In the light of the combined results from XRD, calculations, XPS and EDS,
we consider it very likely that the local environment in the powder, the heat
treatment up to 100 ¶C and the direct contact of the (1≠ x)LiBH4+xCa(BH4)2
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sample with the lithium electrodes facilitates the formation of both orthorhombic
and cubic CaH2 with hydrogen defects. Further research would be needed to
clarify the exact mechanism for such a formation. Note that it cannot be fully
excluded that trace amounts of fluoride are present in this phase, and that it
is in fact a CaH2≠xFx solid solution with a very small fluoride concentration.
However, since the only source of fluoride would in this case be a TEFLON
rig in the impedance spectroscopy experimental setup, with which the sample
was never in direct contact, this is considered very unlikely. It can also not be
excluded that some of the detected CaH2 is indeed Ca1≠xLixH2≠x, since the
formation of the new phase takes place in close proximity with the Li electrodes.
No indications of this could, however, be found in the Rietveld refinement of
the di raction pattern in Figure 5.6, and the formation of such a phase is not
expected as LiH2 and CaH2 do not easily form a new compound, but rather
form a eutectic mixture [118].
The two CaH2 phases detected in the di raction pattern in Figure 5.6 are
expected to be a product of a reaction between some combination of Ca(BH4)2,
LiBH4 and/or Li. It must therefore be assumed that one or more phases con-
taining the corresponding amount of boron are formed as well. No such phase is
observed in the XRD data, and the formation of CaB6 or some other phase con-
taining the relatively highly scattering calcium atom is therefore not expected.
As already mentioned, elementary boron would not necessarily be detectable in
the di raction pattern, and could be present although no di raction peaks are
assigned to it. Crystalline boron is black and could possibly be responsible for
the black colour of the layers that form at the interface between the composites
and the lithium electrodes. Its formation along with the formation of CaH2
cannot be fully excluded. It must, however, be noted that elementary boron is
considered very di cult to obtain, and is generally not observed as a reaction
product of thermal decomposition of borohydrides below temperatures around
250 ¶C [119,120]. Therefore, we do not consider it very likely that the majority
of the boron atoms that become available during the reaction that forms CaH2
go into the formation of elemental boron.
It is, on the other hand, considered very likely that diborane (B2H6) gas is
released along with the formation of CaH2. Diborane is typically released during
thermal decomposition of borohydrides below 250 ¶C [68, 70, 121], but dissoci-
ates at that temperature [122]. It has proven di cult to avoid its formation
in research on borohydrides for reversible hydrogen storage applications [120],
and was very likely formed during this work as well. Its formation could not
be observed with the experimental methods used in this work, but this could
be addressed using mass spectroscopy in further studies on this topic. It should
be noted that Fang et al. [111] state that no diborane is formed during thermal
decomposition of the LiBH4-Ca(BH4)2 composite, but because they do not re-
port any release of hydrogen from the composite below 250 ¶C, such formation is
not to be expected [65,96]. Although the reaction responsible for the formation
of CaH2 in this work does not necessarily involve thermal decomposition of the
borohydrides, we still consider it very likely that diborane is released during
the formation of CaH2, possibly along with the precipitation of some elemental
boron.
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5.4.5 A Possible E ect of CaH2 Formation on the Conductivity
In the impedance spectroscopy measurements, the conductivity of the compos-
ites is in all cases found to be higher during cooling runs (see Figure 5.5), i.e after
the samples have been heated to 100 ¶C in the impedance spectroscopy setup
and the black powder discussed has formed. If one or both of the CaH2 phases
were electronically conducting, so that the resistivity of the layers in which they
form were negligible compared to the resistivity of the (1≠x)LiBH4+xCa(BH4)2
composites, the contribution of the CaH2 containing layers would not be visible
in the impedance spectroscopy measurements. This also holds true if elemental
boron is formed, as boron has an electronic conductivity of 0.1 mS/cm at room
temperature, which is almost two orders of magnitude higher than the composite
samples. Furthermore, since the thickness of the pelletised samples is used to es-
timate the conductivity of the composites (see Equation 2.30), the formation of
such electronically conducting layers would result in a reduction of the e ective
thickness of the sample that can be related to the ionic conduction. Conse-
quently, the measured pellet thickness d would no longer have the right value
for Equation 2.30 and the ionic conductivity ‡ would be overestimated. With a
continuing formation of such electronically conducting layers in the electrolyte,
the pellet would eventually short circuit.
To investigate if this could be the case, and if the increased conductivity
of the black layer could originate from the formation of CaH2, the density of
electron states for the two CaH2 phases were calculated. The calculations were
performed by Jón Steinar Gararsson M˝rdal. Further details about the calcu-
lations can be found in Paper C. The band structure of cubic CaH2 is shown in
Figure 5.10. In the case of cubic CaH2, the calculations were performed with
no crystal defects and with a 1/8 density of hydrogen vacancies. The band gap
of orthorhombic CaH2 was calculated to be 5.84 eV and the band gap of defect-
free, cubic CaH2 was calculated to be 2.26 eV, which makes it a semi-conductor.
These values are in good agreement with the results of Weaver et al. [123] who
calculated the band structure of orthorhombic Ca2 and a ‘hypothetical’ CaH2
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Figure 5.10: The calculated density of states of CaH2 in the cubic CaF2 crystal
structure. EF denotes the Fermi energy of the system. The results are shown for a
structure without vacancies (blue, dashed lines), and for a structure with 1/8 density
of negatively charged hydrogen vacancies (red, solid lines). In the structure containing
vacancies, there are states that extend below the Fermi level, which suggests that the
phase is electronically conducting.
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phase with a cubic CaF2 structure but a slightly smaller lattice parameter. Fur-
thermore, as shown in Figure 5.10, cubic CaH2 with 1/8 density of hydrogen
vacancies has electronic states that reach below the Fermi level and is therefore
electronically conducting, according to the calculations. This is the case both
for charged (see Figure 5.10) and charge neutral vacancies. This could explain
the increase in conduction of the samples that takes place upon the formation
of CaH2.
The total thickness of the two black layers in each pellet was, in most cases,
estimated to be around 50% of the total thickness of the pellet. Assuming that
Assuming that these layers are electronically conducting (with an electronic
conduction that is much higher than the ionic conduction of the samples), one
would expect the measured conductivity to double compared to the original pel-
let (according to Equation 2.30). A comparison of the conductivity values of
the composite samples near room temperature before and after the heat treat-
ment shows that this estimate is not far o . As an example, the conductivity
of 3/4LiBH4+1/4Ca(BH4)2 at 35 ¶C is measured to be 6.4 · 10≠6 S/cm before
the heat treatment and 1.21 · 10≠5 S/cm after the heat treatment, which is an
increase by a factor of 1.9. If a thicker conducting layer were to be formed in
the cell, or if the cells had a thinner layer of electrolyte to begin with, this e ect
would pose a serious risk of an internal short circuit in the cell.
The conclusion is therefore, that the measured conductivity after the heat
treatment is always higher than prior to the heat treatment because of the un-
wanted formation of electronically conducting cubic CaH2 with hydrogen defects
near the lithium electrodes of the pelletised samples, and/or because of the pos-
sible formation of elemental boron. Further research will be needed to identify
which of the two materials is responsible for the increased conduction, and to
clarify if elemental boron is formed or not. This artifact, which arises due to
a low chemical stability of the composites, poses a serious risk that the pel-
letised samples would eventually short-circuit with continued formation of the
conducting layer. This observation is not encouraging for the idea of develop-
ing working battery cells containing the composite, but could nonetheless be
of fundamental scientific interest. This finding furthermore highlights a serious
general issue, namely that a slow formation of an electronically conducting layer
in any solid electrolyte might eventually lead to a short-circuit. The chemical
stability of any potential solid electrolyte material must therefore be investigated
thoroughly before its introduction in commercial battery cells.
5.5 Summary of the Results on the LiBH4-Ca(BH4)2 Com-
posites
The (1 ≠ x)LiBH4+xCa(BH4)2 composite forms a physical mixture of three
phases, as measured with synchrotron x-ray di raction; –-Ca(BH4)2, “-Ca(BH4)2
and orthorhombic LiBH4. The formation of a solid solution is not observed. Ri-
etveld refinement of the di raction patterns reveals that the relative fractions
of the two Ca(BH4)2 phases changes considerably with LiBH4 content, and “-
Ca(BH4)2 is found to be the dominant phase for x Ø 0.5. No —-Ca(BH4)2 is
observed in the composite samples, although a third of the precursor Ca(BH4)2
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powder had that crystal structure. Instead, a considerable fraction of the powder
takes on the –-Ca(BH4)2 structure when small amounts LiBH4 are added.
The formation of small amounts of two di erent phases of CaH2 is observed
upon heat treatment up to 100 ¶C during the impedance spectroscopy measure-
ments. These are CaH2 in its regular orthorhombic (Pnma) crystal structure
and CaH2 in a cubic (Fm-3m) CaF2-type crystals structure. This result from
the Rietveld refinement of synchrotron x-ray data is further supported by XPS
and SEM/EDS data. The possibility of the formation of elemental boron is
not excluded, and further research would be needed to clarify that. The rel-
ative stability of CaH2 was calculated for both phases. The results indicate
that cubic and orthorhombic CaH2 with a 1/8 density of hydrogen defects are
approximately equally stable, supporting the observed coexistence of the two
phases.
As no hexagonal LiBH4 was observed in the composites, the ionic conduc-
tivity of (1 ≠ x)LiBH4+xCa(BH4)2 is not as high as for example that of the
LiBH4+LiI solid solution (see section 4.4). Defects induced by ball milling
do, however, increase the ionic conduction of orthorhombic LiBH4 considerably
(4.6 · 10≠5 S/cm at 40 ¶C). The ionic conduction of (1 ≠ x)LiBH4+xCa(BH4)2
is, for all measured values of x, lower than that of the ball-milled LiBH4. The
3/4LiBH4+1/4Ca(BH4)2 mixture has the best conductivity of the composites;
8.8 ·10≠6 S/cm at 40 ¶C and 1 mS/cm at 100 ¶C. Near room temperature, this is
considerably lower than the conductivity target of 1 mS/cm, which is often men-
tioned as the minimum conductivity required for an electrolyte in a consumer
battery. The composite, might, however, be of potential interest for battery
applications at elevated temperatures.
It is not clear if lithium ions are the only charge carrier in the composites, or
if calcium ions also participate in the conduction. The single-arc Nyquist plots
and the slightly lower conductivity than ball-milled LiBH4 suggest that Li+ is
the only charge carrier. However, the di erence in the activation energy of the
conduction between LiBH4 and the composites indicates that the systems do not
share the exact same conduction mechanism. Further work would be needed to
clarify this.
The results of electronic band structure calculations for orthorhombic and
cubic CaH2, with and without hydrogen defects, indicate that the cubic structure
with defects is electronically conducting. Elemental boron, if present, is also
electronically conducting. This most probably explains the high conductivity
observed for the heat-treated composites. The formation of an electronically
conducting layer within the electrolyte in the cells is an unwanted artifact in
the conductivity measurements, which increases the risk of short-circuiting in
the cells. This finding reveals a more general issue that could be detrimental to
other solid electrolytes and is thus of interest for further studies.
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Li4Ti5O12 Batteries with a
LiBH4-LiI Electrolyte
All-solid-state batteries with lithium titanate positive electrodes and the LiBH4-
LiI solid solution as the electrolyte are the topic of Paper D. This chapter starts
with a very short discussion of LiBH4-LiI and lithium titanate as battery ma-
terials. The next section presents results on the electrochemical stability of
LiBH4-LiI, which was an important part of the decision to use lithium titanate
for the positive electrodes. Section 6.3 shows the charge and discharge results of
a cell with a liquid electrolyte, which are used for comparison with the results
of the all-solid-state cells.
Section 6.4 presents and discusses the charge and discharge performance
of the all-solid-state cells, as well as the resistance of the cells. In the same
section, the development of the cell capacity and resistance is observed over 200
charge and discharge cycles, and the relationship between these two parameters
is investigated. Lithium transfer through the solid electrolyte is discussed in
section 6.5, in order to investigate which factors are limiting for the capacity of
the cells. The last section of this chapter gives a summary of the results on the
battery cells.
6.1 Lithium Titanate and the LiBH4-LiI Solid Electrolyte
In my MSc project [46] and a during a large part of this PhD project, I have
thoroughly investigated the crystal structure and the lithium ion conductivity of
the LiBH4-LiI solid solution (see Chapter 4 and Papers A and B). Considering
the interesting results of that work, it was an important step for me to take the
development of this solid electrolyte material to the next level by testing it in all-
solid-state working battery cells. By doing so, the PhD project not only covers
fundamental research on the properties of the solid solution, but also addresses
the more practical matter of how it performs as an actual solid electrolyte. This
report is, to my best knowledge, the first account of the usage of LiBH4-LiI as an
electrolyte in a working battery cell. It is very clear to me that many questions
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are left unanswered in this chapter, but the main aim here is to provide a basic
understanding of some of the advantages, limitations and challenges of this solid
electrolyte material.
Working all-solid-state battery cells using LiBH4 (without the addition of
LiI) in the HT phase as an electrolyte and LiCoO2 as a positive electrode has
recently been reported by Takahashi et al. [124, 125]. They report that LiBH4
has excellent chemical stability towards lithium metal negative anodes, but that
it has a risk of decomposing if in contact with highly oxidative positive elec-
trodes. This is due to the fact that LiBH4 is a strong reducing agent, as already
mentioned in section 4.1.1. In their work, the best results are obtained by coat-
ing the positive electrode with a very thin layer of Li3PO4 in order to protect it
from reacting with LiBH4. The reported charge and discharge measurements of
this battery cell were, however, all performed at 120 ¶C, in order to obtain the
highly conducting HT phase of LiBH4.
In this work, lithium titanate (Li4Ti5O12, also denoted LTO) was used as the
positive electrode. It has a spinel type crystal structure (Fd-3m) and exhibits
no volume change during the insertion of up to three Li+ per formula unit [126].
This property is particularly advantageous for all-solid-state cells, as a large
volume change during intercalation could lead to a loss of contact at the interface
of the electrode and the electrolyte. Li4Ti5O12 has a theoretical lithium insertion
capacity of 175 mAh/g, with the intercalation reaction taking place at around
1.56 V vs. Li+/Li. The open circuit voltage of the cells in this work is close to
this value, and this relatively low voltage allows for the operation of the battery
within the electrochemical stability window of LiBH4-LiI, as discussed in the
next section. Further information on the di erent kinds of cells discussed in this
chapter can be found in section 3.4.2 and in Paper D.
6.2 Electrochemical Stability of LiBH4-LiI
As mentioned in section 4.1.2, LiBH4 has been shown to be electrochemically
stable up to voltages of 5 V [87]. In order to investigate the electrochemical
stability of the LiBH4-LiI solid solution, cyclic voltammetry measurements were
performed on a Steel | LiBH4-LiI | Li cell containing 3/4LiBH4 + 1/4 LiI. These
measurements were performed by Rasmus Viskinde, a MSc student at DTU
Energy Conversion [62]. The results of the measurements are shown in Figure
6.1. Almost no current is drawn in the voltage range of 0 - 2 V, indicating that
the electrolyte is stable in this range. No increase in current flow was observed
in the range of 0 - 3 V until towards the end of the third (and last) cycle in
that range, during which a small increase in the current flow was observed.
This indicates that the electrolyte may be unstable under prolonged exposure to
voltages close to 3 V. In the voltage ranges of 0 - 4 V and 0 - 5 V, a considerable
current flows. In the measurement from 0 ? 5 V, the observed current decreases
with each cycle, indicating that a passivating process takes place.
During the measurement from 0 - 5 V, a total charge of 9.1 · 10≠3 C is found
to accumulate in the system. A charge accumulation of this magnitude cannot
be explained simply by capacitative e ects in the cell [62]. It is therefore most
likely that the charge accumulation during the measurements up to 4 V and 5
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Figure 6.1: The results of a cyclic voltammetry measurement on a 3/4LiBH4 + 1/4LiI
solid solution. A scan rate of 1 mV/s was used. The open circuit voltage of the cell at the
start of the measurement was 1.12 V. Each graph shows three consecutive measurement
cycles. The first cycle is shown with a solid, blue line, the second cycle is shown with
a purple, dashed line and the third cycle is shown with a dashed, red line. Very low
current values are observed when potentials up to 3 V are applied. However, when
potentials up to 4 V and 5 V are applied, a larger current flows, indicating electrolysis
of the solid solution. It is considered most likely that this corresponds to an extraction
of iodine from the electrolyte.
V occurs because of a decomposition of the electrolyte. Since pure LiBH4 is
electrochemically stable across a wider voltage range, it is most likely that it is
iodine that begins to be drawn out of the solid solution already at a voltage of
3 V. It therefore seems that the operating voltage of batteries with LiBH4-LiI
as an electrolyte must be constrained to voltages smaller than 3 V.
In addition to the present work, the authors have also assembled all-solid-
state batteries with LiFePO4 as a positive electrode instead of LTO. Such cells
have an open circuit voltage (OCV) of approximately 3.3 V. These cells did not
accept charging, and after trying to charge, the OCV dropped to around 2 V.
However, a short plateau at around 3.5 V was observed during the attempts
to charge the cells. Interestingly, the standard hydrogen electrode potential for
I2 (s) + 2e≠ Ωæ 2I≠ is 0.54 V, and for Li+ + e≠ Ωæ Li (s) the standard
potential is -3.04 V. This suggests that extraction of iodine from the electrolyte
takes place close to a voltage of 3.5 V, which has also been reported to occur in
similar systems [127, 128]. These observations on the LiFePO4 cells strengthen
our conclusion that operating voltages above 3 V should be avoided in cells
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containing LiBH4-LiI.
6.3 A LTO Battery with a Liquid Electrolyte
Cells containing a liquid electrolyte were measured for comparison with the all-
solid-state cells. The assembly and measurements of this cell were carried out
by Ane Sælland Christiansen, a fellow PhD student at DTU Energy Conversion.
Figure 6.2 shows the results of the first seven discharge and charge cycles of a
battery cell containing a liquid electrolyte. The LTO | LiPF6 | Li cells have a
discharge capacity corresponding to approximately 82% of the theoretical capac-
ity and retain this capacity over the first seven cycles, at least. The cells have
an open circuit voltage (OCV) of 1.56 V. Both the charge and the discharge
curves are very flat. The overvoltage is very low, or on the order of 10 mV.
This overvoltage can, at least partly, be explained by noting that Li7Ti5O12 has
a slightly lower conductivity that Li4Ti5O12 [129]. The resistance of the cells
is very low compared to the all-solid-state cells, or in the range of 10 - 100  .
The charge and discharge curves are highly reproducible, with only very small
changes in capacity and overvoltage over the seven cycles. The excellent charge
and discharge properties of this cell show that the experimental methods and
the preparation of the LTO electrode work as expected, and provide a good
reference point for the results on the all-solid-state cells presented in section 6.4.
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Figure 6.2: The first seven discharge/charge cycles of a LTO | LiPF6 | Li battery. The
measurement was performed at room temperature with a constant current of 10 µA.
The inset shows the development of the discharge capacity with increasing discharge
cycle number. The discharge capacity and the overvoltage do not change significantly
during the first seven cycles.
6.4 Batteries with a LiBH4-LiI Electrolyte
6.4.1 Charge and Discharge
The charge and discharge curves for the first ten cycles of a LTO | LiBH4-
LiI | Li cell are shown in Figure 6.3. During the second discharge, the cell
has a discharge capacity of around 142 mAh/g, corresponding to 81% of its
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Figure 6.3: The first ten discharge and charge curves for a LTO | LiBH4-LiI | Li
battery cell. The measurements were performed at 60 ¶C with a constant current of 10
µA. During the first two charge runs, the upper voltage limit was set to 3.0 V, but was
changed to 2.6 V for the remaining runs. The lower voltage limit was set to 1.0 V for
all runs. A significant overvoltage and slope are observed, especially during discharge.
The first discharge curve is much longer than the subsequent ones and continues until
a capacity of 277 mAh/g is reached. The gray, dashed curve serves as a guide to the
eye and shows how the first discharge curve would lie if it were translated to the left
so that it starts from 1.54 V. The vertical, dashed line at 175 mAh/g indicates the full
theoretical lithium ion intercalation capacity of the LTO positive electrode. The inset
shows how the capacity, expressed as a percentage of the theoretical capacity, decreases
with every discharge cycle, starting from the second discharge.
theoretical discharge capacity. This is similar to the discharge capacity of the
LTO | LiPF6 | Li cells. The performance of the all-solid-state cell does, however,
di er considerably from the cell containing a liquid electrolyte (see Figure 6.2) in
that it has a larger overvoltage, the curves have a steeper slope and a higher loss
of capacity is observed with cycling. An average discharge capacity loss of 1.6%
per cycle was observed for an all-solid-state cell that was charged and discharged
200 times (see section 6.4.5). One likely reason for the di erences between the
two cell types is that in the LTO | LiPF6 | Li cell, the electrodes are soaked in
the liquid electrolyte, but in an all-solid-state cell the electrodes have relatively
well defined interfaces with the solid electrolyte. This is likely to cause contact
issues that would increase the resistance to Li+ transport in the all-solid-state
cell, which in turn may reduce the charge and discharge performance of the cell.
6.4.2 The First Discharge Curve
As shown in Figure 6.3, the first discharge run is much longer than the successive
discharge runs, and even greatly surpasses the theoretical discharge capacity of
the cell. The presence of three distinct regions in the first discharge curve can
be noted by observing the changes in its slope and shape. The first part of the
curve lies above the expected open circuit voltage of the cell, and is therefore not
expected to correspond to the intercalation of Li+ in LTO, but rather to other
electrochemical reactions or formation of interface layers in the cell. The curve
has an almost constant slope until reaching 1.54 V, which is very close to the
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expected open circuit voltage of the cell. Here the second region begins, as the
slope of the curve changes and its shape becomes very similar to the shape of the
subsequent discharge curves. This is indicated by the grey, dashed line in Figure
6.3, which is the first discharge curve shifted along the x-axis. This region is
expected to correspond to the actual discharge of the cell, i.e. Li+ intercalation
in LTO. The third region of the first discharge curve begins at around 1.3 V,
where the curve deviates from the shape of the subsequent discharge curves and
again takes on a slope that is very similar to the slope of the first region.
The reason for this may be that the Li+ intercalation reaction and the for-
mation of the passivating layer possibly become concurring reactions at 1.3 V.
In that case, the passivating layer formation may take over again during the
last region of the curve. The total intercalation of Li+ during the first discharge
curve is thus expected to amount to approximately 140-150 mAh/g. The ca-
pacity exceeding this is expected to correspond to the electrochemical formation
of new species close to the surface of the positive electrode, which may have a
passivating e ect.
This surprising finding was observed for the first discharge curves of all LTO
| LiBH4-LiI | Li cells measured during this work. This is, however, not observed
for the LTO | LiPF6 | Li cells, and is therefore expected to be related to the
solid electrolyte. LiBH4 is known to have a very good chemical stability towards
lithium metal electrodes [124]. LiBH4 is a strong reducing agent and is known to
have a risk of reacting with oxidative positive electrodes, but we do not expect
that LiBH4 will reduce the LTO in the positive electrode at the potentials used
in this work. The fact that more than 80% of the theoretical discharge capacity
is available during the second discharge cycle supports the claim that LiBH4 has
not reacted with LTO during the first discharge run.
LiBH4 does, however, react readily with water and oxygen. We do not con-
sider it unlikely that trace amounts of atmospheric oxygen and/or moisture were
present in the samples when the cells were assembled, although the assembly took
place inside an argon-filled glove box. It is also possible that such impurities can
enter the cell in trace amounts during its operation. When a potential is applied
to the cells, those impurities would most likely oxidise LiBH4 in an electrochem-
ical redox reaction. In this reaction, charge would be transferred through the
electrodes without any lithium intercalation in LTO taking place, which would
explain how the first discharge can appear to have a capacity greatly exceeding
the lithium intercalation capacity of the LTO electrode. The species formed in
the reaction would form especially at the interface with the positive electrode. It
should be noted that the mass of the electrolyte exceeds the mass of LTO in the
cell by more than a factor of 100. The reaction of trace amounts of impurities
with LiBH4 can therefore easily have a large e ect on the measured electron
transport through the cell. Further research is needed in order to explain the
behaviour during the first discharge with full certainty.
6.4.3 Coulombic E ciency of the Cells
Each discharge curve in Figure 6.3 is slightly longer than the preceding charge
curve. As a result, the Coulombic e ciency of the cell, defined in Equation 2.5,
appears to be slightly higher than 100% for each cycle. A graph of the Coulombic
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Figure 6.4: The Coulombic e ciency of a LTO | LiBH4-LiI | Li cell. The Coulombic
e ciency appears to be greater than 100% for each discharge, but this is most likely
because a part of the charge that is transferred during discharge goes into the formation
of an interface layer between the LTO electrode and the electrolyte. As a consequence,
not all charge that is transferred takes part in the actual discharge of the cell by Li+
intercalation into LTO.
e ciency as a function of cycle number is provided as supporting information.
As discussed above, the measured charge transfer during the discharge run is
a combination of the charge transfer due to the formation of a passivating ar-
eas and the charge transfer due to the intercalation of lithium ions in LTO.
During charge, the current is reversed and less (if any) fraction of the charge
contributes to the formation of the passivating areas. Because the formation of
the passivating areas is a non-reversible process, the charge fraction that is used
for the formation of those areas rather than for the lithium ion intercalation
reaction appears as a Coulombic e ciency above 100% when calculated using
Equation 2.5. The Coulombic e ciency thus gives an indication of the extent of
the passivating layer formation during each cycle.
6.4.4 Cell Resistance
The impedance to lithium ion conduction in the cells was measured directly after
assembling the cells as well as after each discharge. A Nyquist plot for a newly
assembled cell is shown in Figure 6.5a. Nyquist plots measured after the ten first
discharge cycles are shown in Figure 6.5b. Additional Nyquist plots, measured
after each discharge of an all-solid-state cell that was charged and discharged 200
times, are provided as supporting information. The Nyquist plots were fitted
using the equivalent circuit model discussed in section 2.3.3 and shown in Figure
2.10b, which is composed of an (RQ) circuit and a Randles circuit connected in
series.
The large, high-frequency arc in each Nyquist plot was fitted with the (RQ)
sub-circuit. The large arc of the newly assembled cell arises due to the impedance
to lithium ion conduction through the bulk and the grain boundaries of the solid
electrolyte, as discussed in section 4.4 and Paper A. The electrolyte is expected
to have the largest impedance contribution of the cell components in the newly
assembled cell, based on its thickness and lithium ion conductivity. The presence
of smaller, additional arcs that completely overlap with the electrolyte contribu-
tion to the impedance can not be excluded, as it may not be possible to distin-
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Figure 6.5: a) A Nyquist plot from an impedance spectroscopy measurement of a
newly assembled LTO | LiBH4-LiI | Li cell. The frequency ranges from 300 kHz to 1 Hz
and decreases from left to right in the plot. Only the right side of the high-frequency
impedance arc is visible in this frequency range, as higher frequencies than 300 kHz
would be needed for the measurement to display the whole arc. The resistance of the
cell is taken as the intercept of the arc with the Z Õ axis. The cell was measured in
the charged state, i.e. before the first cell discharge. The impedance spectrum can be
fitted using the equivalent circuit model in Figure 2.10b. The long tail arises due to
di usion and is described by the Warburg element. The di usion is of a finite length
and therefore the slope of tail increases towards its end. The red, dashed line has a
slope of 45 ¶and is only drawn as a guide to the eye. b) Nyquist plots from impedance
spectroscopy measurements of the LTO | LiBH4-LiI | Li cell in Figure 6.3 after each
of the first 10 discharge runs. The inset shows how the resistance increases with every
discharge cycle.
guish them from the arc corresponding to the electrolyte in the Nyquist plots, as
discussed in section 2.3.4. The long tail at the low frequency end in Figure 6.5a
and the small tails at the low-frequency end of each Nyquist plot in Figure 6.5b
are described by the Randles circuit. The Randles circuit describes an arc and a
tail, and small arcs are most likely hidden within the tails in the Nyquist plots.
As discussed in section 2.3.3, the circuit describes the impedance spectrum of
a lithium intercalation electrode, i.e. the LTO electrode. The components in
the circuit correspond to a lithium ion charge transfer resistance in the LTO
electrode (Rct), a double-layer capacitance at the LTO electrode interface (Cdl)
and a finite-length di usion of Li+ to and from the reaction interface between
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the LTO electrode and the electrolyte (Wd). No contribution to the impedance
spectrum is observed from the lithium electrodes, as shown in section 4.4 and
Paper A.
The impedance of the low-frequency tails in Figure 6.5b is smaller than
that of the high-frequency arcs by approximately a factor of 100, and it proved
di cult to obtain reliable values for the resistance Rct in the equivalent circuit
fits. Furthermore, the impedance of the large, high-frequency arcs in the Nyquist
plots increases substantially with each charge and discharge cycle number, while
the impedance of the low-frequency tails shows very small changes. Because of
this, the small, constant contribution from the resistance Rct is neglected in the
following discussion and the cell resistance R ¥ Rse is taken to be the point
of intersection between the Z Õ axis and the low-frequency end of the large arc.
Using this approximation, the cell resistance after the first discharge is found to
be around 3.2 k . This is a very large resistance compared to the LTO | LiPF6
| Li cell, but can be explained mostly by the fact that the conductivity of the
LiBH4-LiI solid solution at 60 ¶C is at least 12 times lower than that of 1 M
LiPF6 in EC:DMC [21].
Further evidence for the formation of passivating areas in the cell can be
found by considering the Nyquist plots in Figure 6.5. Figure 6.5a shows that
the cell has a considerably lower resistance (approximately 2.5 k ) in the newly
assembled state than after it has been discharged once (approximately 3.2 k ).
The plot also features a long tail with an initial slope of around 45 ¶and a slightly
increasing slope with decreased frequency. As discussed earlier, the tail arises
due to finite-length di usion of lithium ions to the reaction surface of the LTO
electrode and the electrolyte. This tail is not observed in any of the other
impedance spectra, which suggests that the time dependence of this di usion
changes during the first discharge of the cell, so that it is not observed within the
measured frequency range. This change in the di usion time dependence, as well
as the increase in resistance, could be explained by the formation of passivating
areas in the cell during the first discharge. The impedance of those areas would
not necessarily be identified in the impedance spectra of the discharged cell,
because its contribution to the impedance could easily be overshadowed by the
larger contribution from the electrolyte impedance.
The charge and discharge curves in Figure 6.3 do not exhibit flat plateaus,
but all have a considerable slope. Towards the end of the curves, the discharge
curves are observed to have a steeper slope than the charge curves. The slope
can probably partially be explained by contact issues between the LTO electrode
and the electrolyte. It is possible that during discharge, some channels across
the electrode-electrolyte interface get blocked. This could for example happen if
poorly conducting layers grow too thick and hinder the transport of lithium ions
across the interface. This would make Li+ intercalation in the LTO electrode
increasingly di cult as the discharge proceeds. The increased slope towards the
end of the discharge curves probably arises because it would be natural for Li+
to first be intercalated into the areas of the LTO electrode that are in good
contact with the electrolyte. As the discharge proceeds, the intercalation must
take place in areas with ever less contact, resulting in an ever-greater overvoltage
and consequently a steeper slope of the discharge curve. At the set potential
limit of 1.0 V, this development is probably still taking place and some discharge
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capacity remains in the cell. This may explain why there is not a sudden change
in the slope of the discharge curves at the end of each discharge run, as there is
for the charge runs.
6.4.5 The Relationship between Capacity and Resistance
The inset in Figure 6.3 shows how the discharge capacity of the LTO | LiBH4-LiI
| Li cell decreases with the number of charge and discharge cycles. Furthermore,
the inset in Figure 6.5b shows how the cell resistance, as determined from the
Nyquist plots, increases with the number of charge and discharge cycles. For a
closer look at the correlation between the cell capacity and resistance, data from
measurements of 200 charge and discharge cycles of a single LTO | LiBH4-LiI |
Li cell, shown in Figure 6.6 can be considered. Figure 6.6a shows the discharge
capacity of the cell over 200 charge and discharge cycles. The capacity generally
decreases with each cycle, with an average capacity degradation (see Equation
2.6) of 1.6% per cycle. The cell retains around 5% of its theoretical capacity after
200 cycles. Figure 6.6b shows the resistance of the cell after each discharge. The
resistance generally increases with cycle number, and increases by more than a
factor of 10 over 200 cycles. Figure 6.6c shows a plot of the discharge capacity of
the cell as a function of its resistance. As seen the figure, the discharge capacity
and the resistance values are highly correlated, with the plot of the two closely
resembling a straight line. The Pearson product-moment correlation coe cient1
of the two variables is ﬂc,R = ≠0.975, which indicates an almost linear negative
correlation. The excellent correlation of the discharge capacity and the cell
resistance strongly suggests that the development of both parameters with the
number of charge and discharge cycles mostly has its roots in the same physical
process in the cell.
The process that provides the most probable explanation for the correlation
of the discharge capacity and resistance is a decrease in contact between the LTO
electrode and the solid electrolyte with cycle number, and a possible formation of
passivating areas in the cell that hinder lithium ion transport and intercalation.
This can be explained as follows: The slope of each discharge curve, especially
towards its end, governs how quickly the voltage limit of 1.0 V is reached upon
discharge. The slope thus has a major influence on how large the discharge
capacity of the cell will be. As discussed in sections 6.4.1 and 6.4.4, the slope is
most likely a consequence of insu cient contact between the electrolyte and the
LTO electrode or of the formation of passivating areas. The increase in slope
with every discharge curve is probably due to further loss of contact areas on this
interface or an increased growth of the poorly conductive areas. However, such
loss of contact would also manifest as an increase in the measured resistance. If
the e ective contact area A between the electrolyte and one of the electrodes
decreases, this leads to an increase in R (see Eq. 2.30), assuming that the
thickness and the conductivity of the electrolyte material are constant. Thus,
1The Pearson product-moment correlation coe cient is a measure of the linear correlation
of two variables x and y. It is defined as ﬂx,y = cov(x, y)/‡x‡y, i.e. the covariance of the
two variables divided by the product of their standard deviations. It takes on values ranging
from -1 to 1, where 1 denotes full positive linear correlation, -1 denotes full negative linear
correlation and 0 means no correlation.
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Figure 6.6: a) The development of the discharge capacity of a LTO | LiBH4-LiI | Li
cell over 200 discharge/charge cycles. The inset shows the discharge curves of every
tenth measurement from cycles number 2 to 102. The red line is an exponential decay
least-squares fit to the data. The average discharge capacity retention per cycle is
98.4%, which means a capacity degradation of 1.6% per charge-discharge cycle. b) The
development of the cell resistance after discharge of the same cell as in a). The resistance
increases by more than a factor of 10 over the course of 200 charge and discharge cycles.
The inset shows the Nyquist plots of every 20th measurement from cycles number 1 to
191. c) The discharge capacity as a function of the cell resistance from a measurement
of 200 charge and discharge cycles. The arrow indicates how the number of discharge
cycles increases. The two variables follow a near-linear relationship, with a Pearson
correlation coe cient of -0.975.
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the loss of contact between the LTO electrode and the solid electrolyte most
probably explains both the development of the cell resistance and of the discharge
capacity with the number of cycles.
Using Equation 2.30, it can be estimated how much contact area would need
to be lost (or rendered passive) on the electrode-electrolyte interface for such
change to fully explain the increased cell resistance. In Figure 6.6b, the measured
cell resistance is 3.65 k  after the first discharge, but has increased to 47.6 k 
after the 200th discharge. This corresponds to a loss of 92% of the contact
area between the LTO electrode and the electrolyte, assuming that all other
contributions to the resistance remain constant. That assumption is, however,
probably not strictly true, as other e ects might contribute to an increase in the
cell resistance. An example of this could be decreased grain boundary conduction
within the electrolyte. The lithium ion conduction within the electrolyte is
thought to take place at least partly along its internal grain boundaries, and a
loss of such boundaries due to sintering (as the batteries operate at 60 ¶C for
long periods of time) might somewhat decrease the lithium ion conductivity in
the electrolyte (see section 4.4.2 and Paper A). Such contribution to an increased
resistance would lower the estimated loss in contact area needed to account for
the change in resistance. The contact issues and possible passivation issues do,
however, probably mostly explain the excellent correlation observed between the
increase in resistance and the decrease in discharge capacity. They are therefore
thought to be the major factors in the development of the cell resistance with
an increased number of charge and discharge cycles.
6.4.6 The E ect of Current Density on the Overvoltage
To see how the charge and discharge rate a ects the performance of the all-
solid-state cells, a LTO | LiBH4-LiI | Li cell was charged and discharged using
various current densities. As shown in Figure 6.7, the slope of the curves and
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Figure 6.7: Charge and discharge curves of a LTO | LiBH4-LiI | Li cell, measured for
various charge rates. As expected, the overvoltage grows with increasing current, and
correspondingly the capacity decreases. At a current of 2 µA, the charge and discharge
curves are rather flat, but the curves quickly become steeper with increased current.
This is most probably an indication that the conductivity in the cell, or the contact at
the interface of the electrolyte and the LTO electrode, are not good enough to sustain
higher currents than 10 µA without greatly compromising the performance of the cell.
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the capacity of the cells are heavily dependent on the current density. This
was somewhat expected, as battery overvoltage usually increases with increased
operating current. It is, however, very interesting to see how flat the charge and
discharge curves at 2 µA are, and that the cell reaches 96% of its theoretical
discharge capacity at that rate. Such slow charge and discharge cycles were,
however, considered unpractical for the measurements in this work, as one charge
and discharge cycle at 2 µA takes up to 60 hours to complete. It is also interesting
that increasing the operating current to 10 µA, which is the value used in all
other measurements presented in this chapter, already has a substantial negative
e ect on the shape of the discharge curves and the capacity of the cell. At a
current of 15 µA, the capacity of the cell is down to around 50% of the theoretical
capacity. It should, however, be noted that these measurements were performed
during subsequent charge and discharge cycles on a single cell, and the capacity
of the cell is expected to decrease slightly with each cycle, as shown in Figure 6.3.
This heavy dependence on the current density, even at the rather low current
densities used in this work, is most probably a consequence of contact issues at
the electrode-electrolyte interfaces and due to the large impedance of the cell
compared to conventional battery cells.
6.5 Lithium Ion Transfer Through LiBH4-LiI
To investigate which processes could be limiting for the capacity of the Li |
LiBH4-LiI | LTO cells, a galvanostatic signal was applied to a Steel | LiBH4-
LiI | Li cell. This cell can be viewed as a half-cell where the LTO electrode
has been removed. Figure 6.8 shows the voltage over the cell as a function of
capacity while a constant current of 10 µA was applied. Approximately 490 µAh
of Li+ are transferred, corresponding to a charge transfer of 1.76 C, before the
voltage drops and the lithium ion transport stops. The lithium-steel interface
was subsequently examined. It was clearly observed that a thin layer of lithium
had been plated onto the steel electrode during the charge transfer. It is not
clear why Li+ transfer stopped at this point, but this could be due to contact
issues between the electrodes and the solid electrolyte. Such issues could arise
in the all-solid-state cell when a large number of Li have been removed from one
side and deposited on the other, as the electrodes in such a cell are not soaked
in a liquid electrolyte.
As already mentioned, the theoretical capacity of the LTO electrodes is 175
mAh/g. As discussed in section 6.4.1, it proved possible to reach 81% of this
capacity by using LTO electrodes with a thickness of 3 µm and a mass of 0.37
mg. This capacity corresponds to a charge transfer of around 0.20 C. However,
if the thickness of the electrode is increased, the percentage of the theoretical
capacity that can be reached decreases. During this work, LTO | LiBH4-LiI |
Li cells with electrodes with a thickness of 140 µm and a mass of 17 mg were
also assembled and measured. Interestingly, these cells only reached less than
5% of their theoretical capacity, corresponding to a charge transfer of around
0.4 C. Since the theoretical charge transfer capacity of these cells is around 9.5
C, one would expect them to transfer charge at least equal to that of the Steel
| LiBH4-LiI | LTO cells, or 1.76 C.
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The observation that the charge transfer capacity in the all-solid-state cells
is much greater without the LTO electrode than with it, leads to the conclusion
that a capacity limiting process in the Li | LiBH4-LiI | LTO batteries is on
the LTO electrode side and most probably has to do with Li+ intercalation in
LTO. Such problems are not observed in the LTO | LiPF6 | Li cell discussed
in section 6.3, but in the all-solid-state cells, the LTO electrode is not soaked
in the electrolyte. This could give rise to contact issues, which prevent the
intercalation from taking place in LTO layers far away from the electrolyte-
electrolyte interface. A formation of an inactive layer at the electrode-electrolyte
interface could also lead to di culties with lithium ion intercalation.
6.6 Summary of the All-Solid-State Battery Results
The LiBH4-LiI solid solution has a conductivity close to 1 mS/cm at 60 ¶C and
is a promising solid electrolyte material for all-solid-state lithium batteries. It is,
however, not stable at potentials above 3 V, as observed using cyclic voltammetry
measurements. Lithium titanate (Li4Ti5O12) was used as a positive electrode in
this work, both because it has an open circuit voltage against lithium of 1.56 V
(i.e. well below 3 V), and because it shows virtually no volume expansion upon
lithium intercalation.
The Li | LiBH4-LiI | LTO battery cells measured for this work have an
initial discharge capacity of around 142 mAh/g, which is around 81% of the
theoretical capacity of LTO. This is very similar to a Li | LiPF6 | LTO cell,
which was measured for comparison and has a discharge capacity of around 82%
of its theoretical capacity. The all-solid-state cells do, however, have a higher
overvoltage and a steeper slope in the charge and discharge curves than the cell
with the liquid electrolyte. Furthermore, their discharge capacity retention is
worse than that of the liquid cell, and 1.6% of the capacity is lost on average
during each charge/discharge cycle.
The resistance of the all-solid-state cells was measured after each discharge
using impedance spectroscopy. The resistance is observed to be on the order of
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Figure 6.8: The voltage across a Steel | LiBH4-LiI | Li cell during lithium ion transfer
from the lithium electrode to the steel electrode (lithium plating on steel) at a constant
current of 10 µA. Approximately 490 µAh of Li+ are transferred, corresponding to
a charge transfer of 1.76 C. This is almost nine times the amount of charge transfer
observed in the LTO | LiBH4-LiI | Li cells, which shows that lithium transfer through
the electrolyte is not a limiting factor in the capacity of the all-solid-state battery cells.
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a few k , which is typically considered rather large in a battery cell. The elec-
trolyte provides by far the largest resistance contribution of the cell components.
Interestingly, there is an almost linear correlation between the development of
the discharge capacity of the cells and the change in the measured resistance
after discharge when the cells are charged and discharged numerous times. This
indicates that the increased resistance is responsible for most of the loss in dis-
charge capacity.
The most likely explanation for this is insu cient contact between the elec-
trolyte and the LTO electrode, due to e.g. a rough interface with some empty
space between the two components, and a possible formation of a passivating in-
terface layer. This would hinder Li+ intercalation into some areas of the interface
and cause an increased overpotential at the LTO electrode. As each discharge
proceeds, the most energetically favourable intercalation spots are filled up first
and the intercalation process becomes increasingly di cult, causing an increased
overvoltage. This leads to a steeper slope in the discharge curves, which in turn
decreases the discharge capacity. Furthermore, such contact issues decrease the
e ective electrode area in the cell, causing an increase in the measured resistance.
Due to the excellent linear correlation between the capacity and the resistance,
it can be assumed that the contact issues between the electrolyte and the LTO
electrode are mostly responsible for both the increase in cell resistance and the
decrease in capacity as the cells are charged and discharged multiple times.
This work (and Paper D) is, to my best knowledge, the first report of a
battery using the LiBH4-LiI solid solution as an electrolyte. Further research
is needed in order to better understand this battery cell, especially regarding
the interface of the electrolyte and the positive electrode. The solid electrolyte
is chemically well suited for use with the LTO electrodes, and it is chemically
and electrochemically stable below 3 V. The cells show a very satisfactory initial
discharge capacity and charging and discharging works rather well. Although
there are many challenges related to the usage of this material in a battery,
many of them could probably be solved by optimising the fabrication methods
of the cells. More sophisticated techniques than mechanical pressing, such as
deposition or cold rolling, could allow for a much thinner layer of electrolyte,
thereby reducing the resistance of the cells substantially. Further research on the
interface between the electrolyte and the LTO electrode will hopefully give better
insight into the relevant processes and more knowledge about how to prevent
contact issues from a ecting the performance of the all-solid-state battery cells.
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Chapter 7
Summary and Outlook
In this thesis I have presented the results of my research during the last three
years. I have divided the results of into three chapters, and a summary of the
findings has been given at the end of each chapter. It is not my intention to fully
repeat those summaries here, but only to emphasise a few of the most important
aspects of the work and briefly discuss the outlook of this research.
7.1 Summary of Main Results
During the PhD project I have, together with my co-workers, investigated solid
lithium ion conducting materials with the aim of identifying and developing
suitable solid electrolytes for all-solid-state lithium based batteries. This project
has been focussed on metal borohydrides. I have intensively investigated the
crystal structure, conductivity, conduction mechanism and battery performance
of the LiBH4-LiI solid solution, and have also searched for fast ionic conduction
in other borohydrides. The main outcome of this work can be summarised as
follows:
• The use of solid electrolytes could improve the safety, energy density and
the cycle lifetime of lithium based batteries, and the highly Li+ conducting
LiBH4-LiI solid solution is a promising material for that purpose.
• In this work the LiBH4-LiI solid solution has been tested in working bat-
tery cells for the first time, showing that the solid solution is chemically
stable towards lithium metal and Li4Ti5O12 electrodes. Batteries contain-
ing the solid solution can be cycled up to 200 times, but with a significant
overvoltage and capacity fade. The electrochemical stability of LiBH4-LiI
is found to be limited to potentials under 3 V.
• LiBH4-LiI has a lithium ion conductivity close to 1 mS/cm at 60 ¶C, as
measured using impedance spectroscopy. The conductivity of both pure
LiBH4 and the solid solutions is sensitive to LiI content and to changes in
the microstructure of the powder due to ball milling and heat treatment.
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Solid solutions with LiI content between 18% and 30% yield the highest
conductivity near room temperature.
• The lithium ion conduction in LiBH4-LiI mostly takes place in the hexago-
nal plane of the crystal structure and the formation of Frenkel pairs proba-
bly plays a major role for the conduction, as found by combining QENS and
DFT. The conductivity of pure LiBH4 and the solid solutions is found to
increase with increased density of crystal defects, which implies that grain
boundaries and dislocations are important for the conduction of lithium
ions in the solid solution.
• No formation of a solid solution is observed in the LiBH4-Ca(BH4)2 com-
posite and its conductivity remains similar to that of pure LiBH4. How-
ever, the formation of an electronically conducting cubic CaH2 phase within
the samples can occur during heat treatment, as observed using XRD,
XPS, SEM/EDS and DFT. Continued formation of such a layer would
eventually lead to a short circuit in the cell, revealing a more general issue
that must receive attention in further development of solid electrolytes.
7.2 Outlook
All-solid-state battery technology has the potential of substantially improving
the safety, energy density and cycle lifetime of lithium-ion batteries, but contin-
ued research e orts are needed to make this possible. It is especially important
to gain a more detailed fundamental understanding of what governs the lithium
ion conductivity of crystalline solids, and to use that knowledge for design-
ing better solid-state lithium ion conductors. It is also important to find new
methods for fabricating all-solid-state batteries so that contact problems at the
electrode-electrolyte interfaces can be avoided.
Mixtures involving LiBH4, the main subject of this thesis, currently meet
some of the requirements for solid electrolyte materials listed in section 1.2.2,
but not all. The LiBH4-LiI solid solution has a negligible electronic conductivity,
but its ionic conductivity is currently around one order of magnitude lower than
the target of 1 mS/cm close to room temperature. It is chemically stable towards
electrodes that are not highly oxidative, but an electrochemical stability limit of
only 3 V limits the applications of LiBH4-LiI as an electrolyte material. LiBH4
is, however, a very interesting and versatile material, and I remain confident that
further research on new material combinations involving LiBH4 (but probably
excluding iodine) can result in materials with adequate lithium ion conduction
and excellent electrochemical stability. Continued research on its conduction
mechanism could furthermore guide the way for discovering new and better
lithium ion conductors. Last but not least, further test of battery cells containing
LiBH4 are needed to determine how its performance as an electrolyte may be
optimised and to investigate its safety in a battery setting.
Solid electrolytes could e.g. be useful in lithium air batteries. A large, in-
ternational research project on Li-air batteries is among the current battery
research activities at DTU Energy Conversion. Li-air batteries could open up
the possibility of batteries with energy densities up to ten times those of Li-ion
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batteries, but the Li-air technology still faces a number of challenges [12, 130].
These include lithium dendride formation from the lithium metal electrode and
the decomposition of liquid electrolytes at the interface of the positive electrode
and the electrolyte. The usage of solid electrolytes in Li-air batteries could help
to solve some of these challenges.
As mentioned in chapter 1, both Denmark and the EU have established
ambitious aims of vastly increasing the share of sustainable energy in the next
decades, and improved battery technology is needed to meet those targets. It is
encouraging to see that battery research e orts are currently being increased in
Denmark and elsewhere in Europe. Horizon 2020, the next EU framework pro-
gram for research and innovation, started a few days before this was written and
will hopefully provide opportunities for increased research on solid electrolytes
and improved battery technology. Although the development of solid electrolytes
will not resolve all challenges of lithium based batteries, and although batteries
alone will probably not solve the whole challenge of finding new and e cient
energy storage methods, it is my hope that all-solid-state batteries can form an
important piece in the vast puzzle of moving towards a new era of sustainable
energy usage.
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ABSTRACT: The LiBH4−LiI solid solution is a good Li+ conductor
and a promising crystalline electrolyte for all-solid-state lithium based
batteries. The focus of the present work is on the eﬀect of heat
treatment on the Li+ conduction. Solid solutions with a LiI content of
6.25−50% were synthesized by high-energy ball milling and annealed at
140 °C. Powder X-ray diﬀraction and scanning electron microscopy
were used for characterizing the samples and for comparing their
crystallite sizes and the density of defects before and after the annealing.
The Li+ conductivity was measured using impedance spectroscopy,
resulting in conductivities exceeding 0.1 mS/cm at 30 °C and 10 mS/cm at 140 °C. It was found that the formation of defect-rich
microstructures during ball milling increased the speciﬁc conductivities of these compounds signiﬁcantly. The phase transition
temperatures between the orthorhombic and hexagonal structures of LiBH4 were measured using diﬀerential scanning
calorimetry (DSC). The measured transition temperatures range from 100 to −70 °C and show a linear decrease of 70 °C for
every 10% of LiI addition up to a LiI content of 25%. The relative stability of the two structures was calculated using density
functional theory, and together with the DSC measurements, the calculations were used to evaluate the change in entropic
diﬀerence between the structures with LiI content.
1. INTRODUCTION
Lithium battery research is growing ever more important as the
need for more eﬃcient and more sustainable methods for
energy storage continues to grow rapidly. This is in particular
true for the energy and transportation sectors. Today, the
primary application of lithium batteries is in the portable
electronics sector. But, when it comes to applications in systems
on a larger scale, existing battery technologies fall short on
price, energy density, safety, and charge−discharge cycle
lifetime. Commercial Li ion batteries use ﬂammable organic
liquid or gel electrolytes. Their main attractive property is their
high Li+ conductivity. Examples of such electrolytes include 1
M LiPF6 in EC-DMC (organic liquid, 12 mS/cm at 27 °C),
1 1
M LiBF4−EMIBF4 (ionic liquid, 9 mS/cm at 27 °C)2 and 1 M
LiPF6 in EC-DMC and PVDF-HFP (gel, 3 mS/cm at 27 °C).1
However, the main disadvantage of such electrolytes is their
inﬂammability, which causes safety issues that only grow worse
as the demands on the energy density of the systems increase.3,4
Furthermore, the usage of liquid or gel electrolytes can result in
diminished cell capacity and limited charge−discharge cycle life
due to dendrite formation at the electrode−electrolyte
interface.5
Replacing the currently used liquid and gel electrolytes with
solid-state electrolytes would enhance the safety and extend the
cycle life of the batteries. However, designing a suitable solid
electrolyte material with suﬃcient chemical and electrochemical
stability, as well as oﬀering a suﬃciently high lithium ion
conduction and negligible electronic conduction, remains a
challenge.6
Various types of crystalline solid-state Li+ conducting
materials are known.3 Among these are Li3N,
7 perovskite
type oxides such as lithium lanthanum titanate (LLTO),8−11
garnet-type structures such as Li6BaLa2Ta2O12,
12 NASICON-
type structures,13,14 LISICON-type structures,15 and
Li10GeP2S12.
16 However, there are some problems with the
usage of many of these materials as solid electrolytes in lithium
batteries. The decomposition voltage of Li3N is too low for
practical use. LLTO and NASICON are not stable in contact
with elemental lithium, and reducible Ti4
+ ions make the
electronic conductivity of LLTO too high.17 The Li+
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conductivity of LISICON is rather low and in some cases
decreases with time.18
A Li+ conductivity of at least 1 mS/cm is often mentioned as
the minimum conductivity required for an electrolyte to work
well in consumer batteries.19,20 The conductivity of the above-
mentioned crystalline solid electrolytes is considerably lower
than this, with the exception of Li10GeP2S12 that has a Li
+
conductivity of 12 mS/cm at 27 °C.16 The search for other
crystalline electrolyte materials with Li+ conductivities above 1
mS/cm is of both fundamental and practical interest for
secondary lithium battery research.
Lithium borohydride, LiBH4, is lightweight (0.666 g/cm
3)
and has been investigated extensively as a possible hydrogen
storage material.21−27 In recent years, lithium borohydride has
also gained increased attention as a potential crystalline solid
electrolyte material for lithium batteries.28−30 At room
temperature, LiBH4 has a poorly Li
+ conducting orthorhombic
crystal structure (Pnma, approximately 10−8 S/cm at 30 °C),
but around 110 °C, it undergoes a reversible structural
transition to a highly Li+ conducting hexagonal structure
(P63mc, approximately 1 mS/cm at 120 °C).
28,31 In the
following, the two polymorphs will be referred to as the LT
phase (orthorhombic) and HT phase (hexagonal), respectively.
LiBH4 is an electrical insulator in both structures, with
calculations showing a large band gap of approximately 6.7
eV.32,33 A working all-solid-state battery cell using LiBH4 in the
HT phase as an electrolyte has recently been reported.34
The HT phase of LiBH4 can be stabilized at room
temperature by adding lithium halides (LiI, LiBr, and LiCl),
with the LiI addition giving the best Li+ conduction results.35 It
should be noted that the low-temperature modiﬁcation of LiI
below 0 °C, known as β-LiI, has a P63mc structure
36 and is thus
isostructural with the HT phase of LiBH4. The LiBH4−LiI
system forms a solid solution,37 and studies on its structure and
properties have recently been published. Rude et al.38 have
investigated the LiBH4−LiI solid solution as a hydrogen storage
material, and Miyazaki et al.39 have studied its properties as a
Li+ conductor.
In the present work, we present a systematic study on the (1
− x)LiBH4+xLiI solid solutions: on their crystalline structure,
Li+ conduction properties, relative phase stabilities, and phase
transition temperatures for a wide range of LiI content x. In a
continuation and complementary to the work of Miyazaki et
al.,39 the present work provides a thorough understanding of
the correlations between LiI content, microstructure, and Li+
conductivity, as well as addressing phase stabilities and entropic
behavior. The aim is both to provide a fundamental
understanding of the microstructural properties of the solid
solution and to address the more practical question of how its
Li+ conductivity can be optimized. The results are based both
on experimental work and on density functional theory
calculations.
2. EXPERIMENTAL SECTION
2.1. Synthesis. LiBH4 powder (purity 95%) and LiI beads
(purity 99%) were purchased from Alfa Aesar Co. The (1 −
x)LiBH4+xLiI samples were synthesized by planetary ball
milling under Ar atmosphere. Pure LiBH4 was also ball milled
for comparison. In each milling, a stainless steel vial with an
inner volume of 250 mL was rotated at 650 rpm for 2 h using a
Fritsch Pulverisette P6. A total of 2 g of precursor powder was
inserted into the vial for each milling. Twenty-ﬁve tungsten
carbide balls were used, and the sample to ball mass ratio was
1/100. No contamination from the milling vial or the balls was
found in the diﬀraction patterns of the milled samples.
For the sample used in the impedance spectroscopy
temperature cycling measurement (see Figure 7), the procedure
was the same as described above, except that a total of 0.5 g of
precursor powder was rotated in a 45 mL vial on a Fritsch
Pulverisette P7. Here, the sample to ball mass ratio was 1/180.
2.2. Powder X-ray Diﬀraction. After ball milling, the
samples were characterized using a Cu Kα Bruker D8
diﬀractometer with a Bragg−Brentano geometry and a LynxEye
detector, operating at 40 kV and 40 mA. All X-ray diﬀraction
(XRD) measurements were performed at room temperature
and under Ar atmosphere using an airtight polyethylene sample
holder from Bruker Co. The exposure time was 3 s/step with a
step size of 0.02°. The measurements were performed using a
variable slit size. After the measurement, the data intensity was
corrected for the variable slit size and the Kα2 signal was
subtracted.
A fraction of each sample was annealed in a furnace at 140
°C for 70 h. XRD measurements were subsequently performed
on the annealed powder in order to detect, by comparison with
the nonannealed powder, the anticipated sintering eﬀect of the
heat treatment.
The diﬀraction peak positions were found using the GSAS
reﬁnement software. The full width at half-maximum (fwhm) of
the diﬀraction peaks was calculated using the peak ﬁtting
software FITYK.40 The contributions to the fwhm from the
crystallite size and from the crystallographic defects were
separated by ﬁtting the size and strain parameters in
θ λ θ η θ= + +
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to the measured fwhm values in each diﬀractogram. This
expression for the peak broadening is a combination of the
Scherrer equation for size broadening41 and the Stokes and
Wilson expression for strain broadening,42 where D is the
average crystallite size and η is the strain. The shape factor k
was assumed to be 0.9, and the instrumental broadening B0 was
0.01.
2.3. Scanning Electron Microscopy. The microstructure
was characterized using a JEOL 840 scanning electron
microscope (SEM) with an acceleration voltage of 10 kV.
The samples were transferred under vacuum from the glovebox
to the microscope using a portable vacuum transference system.
2.4. Impedance Spectroscopy. The conductivity of the
samples was determined by AC impedance spectroscopy using
a PARSTAT 2273 potentiostat. The ball-milled powder was
pressed into pellets with a diameter of 13 mm and a thickness
of approximately 2.5 mm. Lithium foil was placed onto both
faces of the pellets as electrodes. The powder and the lithium
foil were pressed simultaneously at 1 ton/cm2. The porosity of
the pellets was estimated to be around 0.5. All preparation and
measurements were carried out under Ar atmosphere. The
frequency range of the impedance measurements was set from
100 mHz to 1 MHz. The samples were heated up from 30 to
140 °C in steps of 5 or 10 °C and then cooled back down to 30
°C using the same step size. The samples were equilibrated at a
constant temperature for at least 40 min prior to each
measurement.
For the measurement of the conductivity of the
1/2LiBH4+
1/2LiI sample during ﬁve heating and cooling cycles
(see Figure 7), a Hioki 3532-80 potentiostat was used, and the
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pellet dimensions were 8 mm in diameter and 0.9 mm in
thickness.
2.5. Diﬀerential Scanning Calorimetry. The phase
transition temperatures of the (1 − x)LiBH4+xLiI samples
were determined by diﬀerential scanning calorimetry (DSC),
using a Netzsch DSC 200 F3 calorimeter. For each measure-
ment, 10 mg of sample was sealed in an aluminum crucible
under Ar atmosphere. The samples were heated from room
temperature to 140 °C at 2 °C/min, kept at 140 °C for 30 min,
and thereafter, cooled to −170 °C at 2 °C/min. A liquid
nitrogen cryostat was used to control the temperature.
3. COMPUTATIONAL SECTION
Calculations were performed using density functional theory as
it is implemented in the Vienna Ab-initio Simulation Package
(VASP)43 with a plane wave basis set. For exchange and
correlation, we used the PBE functional.44 All lithium electrons
were included in the calculation, but for nonvalence boron
electrons, we used the projector augmented wave method
(PAW).45,46 The energy cutoﬀ was set to 350 eV, and a 4 × 4 ×
4 Monkhorst−Pack k-point mesh was used. The preparation of
atomic structures and the setup of computational parameters
was performed using the atomic simulation environment
(ASE).47
The ground-state energy for the (1 − x)LiBH4+xLiI system
was calculated for seven diﬀerent values of x, that is, x = 0, 1/16,
1/8,
3/16,
1/4,
1/2, or 1, both in the LT (Pnma) and HT (P63mc)
crystal structures of LiBH4. For structural optimization, all
atomic forces were relaxed down below 0.01 eV/Å.
4. RESULTS AND DISCUSSION
4.1. Density Functional Theory. Figure 1 shows the
calculated energy diﬀerence between the P63mc (HT) and
Pnma (LT) structures as a function of LiI content in the (1 −
x)LiBH4+xLiI system. Up to a LiI content of 25%, there is a
close to linear stabilization with increasing LiI content, about 33
kJ/mol of I. There seems to be little addition in stability by
going from 25% LiI content to 50%, but for pure LiI, the HT
structure has become more stable than the LT structure.
However, this increased stability of the HT structure versus the
LT structure is a poor indicator of the real HT stability for pure
LiI because the LT structure of LiBH4 is not the ground-state
structure of LiI. Nonetheless, we do believe that, for smaller
iodine contents, the ground-state energy calculations give a
good estimate of the real stabilization in the (1 − x)LiBH4+xLiI
system, since we expect them to have a similar entropy behavior
as a function of temperature. This claim is supported further in
Section 4.5 by comparing the calculation results with the results
of DSC measurements.
4.2. X-ray Diﬀraction. The diﬀraction patterns of both the
annealed and the nonannealed (1 − x)LiBH4+xLiI samples are
shown in Figure 2. A diﬀraction pattern of nonannealed LiBH4
that has been ball milled for 2 h is also shown for comparison.
The pure ball-milled LiBH4 has the LT structure, while the
sample with 6.25% LiI is a blend of the LT and HT structures.
For all samples with LiI content equal to or greater than 12.5%,
only the HT phase is detected.
The positions of the reﬂections from the crystallographic
planes (hk0), parallel to the hexagonal plane, are only slightly
shifted to higher values when the LiI content is increased,
reﬂecting a small expansion of the a axis with increased LiI
content. The c axis, perpendicular to the hexagonal plan, is
found to shrink with increasing LiI content up to 30% and then
to expand with increasing LiI content between 30% and 50%
(see Figure 2, in which a line is drawn to emphasize the shift of
the (002) reﬂection).
The evolution of the lattice parameter c is plotted as a
function of the LiI content in Figure 3a. The nonmonotonic
evolution of the c axis is unexpected, and the contraction of c
with increasing LiI content below a LiI content of 30% diﬀers
from what has previously been reported by Miyazaki et al.39 For
a LiI content above 30%, the c axis expands as expected when
compared with the unit cell parameters of the hexagonal phases
of pure LiBH4 and pure LiI, respectively, and is in agreement
with the values reported by Miyazaki et al.39 and Rude et al.38
One possible explanation for this behavior is the presence of
solid solutions containing diﬀerent amounts of iodine and
diﬀerent lattice constants that merge into one upon heating as
reported by Rude et al.38 Another possibility is the existence of
some intermediate phases as described by Oguchi et al.37 These
eﬀects could be the origin of the very asymmetric peak shapes
and large peak broadening visible in Figure 2 for low LiI
content. Such broadening at low LiI content is also visible in
the diﬀraction patterns of refs 25 and 26.
Sintering and/or annealing eﬀects are observed for the
annealed LiBH4−LiI solid solutions in the form of narrower
peaks for the annealed samples than for the nonannealed ones.
However, the peculiar behavior of the c axis is still present in
the annealed samples. As an example of the peak sharpening,
the evolution of the fwhm of the (002) reﬂection with LiI
content is shown in Figure 3b. The fwhm of the nonannealed
powder varies with the LiI content and has a minimum at
around 30% LiI content. This is also the LiI content for which
the cell parameter c (see Figure 3a) is closest to the value
reported for the cell parameters of pure LiBH4.
31 After the
annealing, the fwhm values are almost independent of the LiI
content.
The broadening contribution from the strain and the
crystallite sizes was analyzed using eq 1. This analysis was
performed on the fwhm of four to six peaks depending on the
diﬀraction patterns. Due to the limited quality of the data, no
absolute values for D and η are reported herein. However, their
relative contribution and evolution will be commented on in
connection with the LiI content and the eﬀect of the annealing.
It was found that, before the annealing, the broadening due
to the strain is dominant over the size eﬀect up to a LiI content
of 25%. Knowing that the fwhm values are larger for the sample
Figure 1. Ground-state energy diﬀerence between the P63mc (HT)
and Pnma (LT) structures of LiBH4 as a function of the content of LiI
that has been substituted into the system. The stabilization of the HT
structure relative to the LT structure is approximately linear up to a LiI
content of 25%. The dotted line shows a linear ﬁt of the data points for
LiI contents from 0% to 25% to emphasize this.
The Journal of Physical Chemistry C Article
dx.doi.org/10.1021/jp310050g | J. Phys. Chem. C 2013, 117, 3249−32573251
with 18.75% LiI content than for samples with a higher content
of LiI, the density of defects is greater for the former than for
the latter. After annealing, the strain values are smaller and
almost independent of the LiI content. Furthermore, the
crystallite sizes of the annealed powders are found to be around
three times greater than those of the nonannealed powders for
samples with LiI contents larger than 25%. Overall, the fwhm
are found to be lowered by the heat treatment.
It should be noted that the diﬀerence in strain before and
after the annealing is found to be smallest for the sample with
30% LiI content, which is the LiI content at which the minima
in the cell parameter c and the fwhm before annealing are
observed (see Figure 3). It should also be noted that the sample
with 6.25% LiI content contains two coexisting structures with
overlapping diﬀraction peaks at the position of the (002)
reﬂection of the HT phase. Therefore, the measured fwhm
values are probably not accurate for this sample and have been
left out for this analysis.
4.3. Scanning Electron Microscopy. Figure 4 shows SEM
images of 1/2LiBH4+
1/2LiI powder. The sample in Figure 4a
was ball milled (as described in Section 2.1) but did not receive
any heat treatment. The sample in Figure 4b was ball milled
and annealed in a furnace at 140 °C for 70 h. A comparison of
the two images shows that sintering does occur during the heat
treatment, as the average size of the particles and the
agglomerates in the powder are larger after the annealing
than before it. This supports the results on the fwhm of the
XRD data shown in Figures 2 and 3b.
4.4. Conductivity. The impedance spectroscopy measure-
ments resulted in a Nyquist plot showing a single arc. The
explanation for this can either be that only one contribution to
the conduction is present or that two or more arcs, each
corresponding to concurrent bulk and/or grain boundary
Figure 2. XRD patterns of (1 − x)LiBH4+xLiI solid solutions. The black, dashed lines show diﬀraction patterns of nonannealed samples, and the
colored, solid lines show diﬀraction patterns of samples that have been annealed at 140 °C for 70 h. The black, solid line shows the diﬀraction
pattern of pure ball-milled, nonannealed LiBH4 for comparison. The vertical line at around 25° is drawn to emphasize the shift of the (002)
reﬂection with LiI content. All measurements were performed at room temperature. The broad bump at the lowest angles is due to the polyethylene
sample holder. The intensity of the diﬀraction pattern of pure LiBH4 has been scaled down by
1/3 in order to better ﬁt the intensities of the
remaining patterns in the ﬁgure. The molar percentage of LiI is shown in parentheses after the sample name for easier comparison with other ﬁgures
in this work.
Figure 3. (a) Evolution of the unit cell parameter c in (1 −
x)LiBH4+xLiI with LiI content. (b) The fwhm of the (002) reﬂection
of the (1 − x)LiBH4+xLiI diﬀraction patterns as a function of LiI
content. The fwhm of the samples with 6.25% LiI content are shown
with empty dots; their values are not reliable because of overlapping
diﬀraction peaks from the LT and HT structures of LiBH4.
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contributions, overlap completely in the Nyquist plots. In such
a case, however, it is not possible to separate the contributions
from the bulk and the grain boundary conductivities using only
impedance spectroscopy.48,49 Therefore, the conductivity values
presented in the following are to be taken as the total
conductivity of the sample. No contribution to the Nyquist
plots from the Li electrodes was observed. The Nyquist plots
were all ﬁtted using an (RQ) equivalent circuit model, that is, a
resistor and a constant phase element in parallel. The
conductivity of the samples is given by
σ = d
AR (2)
where R is the resistance obtained from the ﬁt, d is the
thickness of the sample, and A is its area.
Figure 5 shows an Arrhenius plot of the Li+ conductivities
measured for the diﬀerent samples during heating and cooling
(Nyquist plots and additional Arrhenius plots can be found in
the Supporting Information). The pellets consisted of the as-
milled powders, and the measurements were performed while
ﬁrst heating the pellets from room temperature to 140 °C and
then cooling them back down to room temperature. The (1 −
x)LiBH4+xLiI solid solutions show very high ionic conductivity,
with the sample with 40% LiI content exceeding 0.1 mS/cm at
30 °C and the 18.75% LiI containing sample exceeding 10 mS/
cm at 140 °C.
Generally, the slopes of the Arrhenius plots vary with both
LiI content and temperature. There is a general trend that the
slope of the plots decreases with increasing LiI content. This
indicates that the activation energy of the Li+ conduction
decreases with increasing LiI content. Furthermore, as a result
of the decreasing slopes with increasing LiI content, the
samples with a low LiI content generally have a higher Li+
conductivity at the highest measured temperatures than the
samples with high LiI content.
Ball milling and heat treatment of the samples are also
important for their conductivity. The as-received (nonmilled)
LiBH4 is in its poorly conducting LT phase. At around 120 °C,
the sample changes to the HT phase, and the conductivity
increases by more than 2 orders of magnitude, as expected.28
This trend in the conductivity is fully reversible upon cooling,
with a very small hysteresis. The ball-milled LiBH4 is also in the
poorly conducting LT phase (see Figure 2). However, defects
arising during the ball milling may open up new Li+ conduction
pathways. This causes an increase in conductivity by almost 3
orders of magnitude close to room temperature, compared to
the nonmilled LiBH4. When the ball-milled LiBH4 is heated up
above the phase transition temperature, it takes on the HT
structure, presumably mending some of the defects caused by
the ball milling. The return to the LT phase when cooling the
sample down should mend the defects even further. Some of
the conduction pathways present during the heating run are
then closed as illustrated by the large fall of the conductivity
between the heating and the cooling runs. After the thermal
treatment, however, the sample is not defect-free, and the
conductivity of the ball-milled sample is still higher than that of
the as-received LiBH4.
The conductivity values at 50 °C are shown as a function of
the LiI content in Figure 6. This temperature is chosen because
it represents an approximate temperature at which a lithium
battery could be operated. At 50 °C, the conductivity is 0.3 mS/
cm for LiI contents of 18% and 40%. Although this temperature
is at the upper limit of consumer battery usage, the LiBH4−LiI
Figure 4. SEM images of 1/2LiBH4+
1/2LiI. The scale in the lower left
corner of the images shows the length of 10 μm. (a) After ball milling
but before annealing. (b) After ball milling and annealing. It is clear
that the average particle and agglomerate sizes are larger in the
annealed sample than in the nonannealed sample.
Figure 5. Li+ conductivities of pure LiBH4, both ball-milled and
nonmilled, and of two mixing ratios of (1 − x)LiBH4+xLiI, obtained
from impedance spectroscopy. For each sample, the ﬁlled symbols
denote heating runs, and the empty symbols denote cooling runs.
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solid solution is still at least a factor of 3 away from the 1 mS/
cm target.
The conductivity values at 50 °C are equal or higher during
the heating runs than during the cooling runs. The diﬀerence in
the conductivity between the heating and the cooling
measurements is smallest for samples with LiI content between
18% and 30%. This result is in good harmony with the result
shown in Figure 3b, namely, that the particle size and/or
density of defects in the nonannealed samples are closest to
those in the annealed samples for solid solutions with moderate
LiI content.
Together, the XRD and conductivity results indicate that the
microstructure of the samples is important for their
conductivity and that freshly ball-milled samples with defect-
rich microstructure yield higher conductivity values than those
in which the defects have been mended by annealing. This is
also emphasized by the fact that the measured conductivity
does not follow the evolution of the lattice parameter c (see
Figure 3a), which has a minimum at a LiI content of 30%. If the
left part of Figure 3a is omitted (as it most probably does not
reﬂect the trend of a single phase), one would expect an
increase in conductivity in connection with the lattice
expansion in the c direction. However, this is not found to be
the case here and strongly suggests that a part of the Li+
conduction might occur along the defects, for example, grain
boundaries or dislocations. However, the exact Li+ conduction
mechanism in the (1 − x)LiBH4+xLiI solid solution is currently
under investigation.
Figure 7 shows the conductivity of the sample with 50% LiI
content measured during ﬁve consecutive heating and cooling
cycles. As shown for the sample with 50% LiI content in Figure
6, the conductivity during cooling is lower than that during
heating. However, during the next four temperature cycles, the
conductivity performance is very stable and reproducible,
conﬁrming the good thermal stability of the HT phase of the
solid solution. As explained in Section 2, this sample was
prepared and measured using diﬀerent ball-milling conditions
and a diﬀerent impedance spectroscopy experimental setup
than the other samples used in this work. Because the density of
defects and particle size are important parameters for the
conductivity of the samples, it was to be expected that the
conductivity values from this measurement could diﬀer from
those presented in Figures 5 and 6. This explains why the
conductivity of the sample in Figure 7 is higher at 50 °C than
shown for the sample with 50% LiI content in Figure 6. This
also gives an indication of how reproducible the conductivity
results are between diﬀerent laboratory equipment.
4.5. Diﬀerential Scanning Calorimetry. Figure 8 shows
the results of the DSC measurements. Some of the DSC spectra
show two maxima of diﬀerent intensity, most probably due to
microstructural inhomogeneity in the samples. In these cases,
the phase transition temperature is taken to be that at which the
greater maximum is located.
In Figure 9, the phase transition temperature between the
HT and the LT phases of the LiBH4−LiI system is shown as a
function of LiI content. For the measured LiI content, there is a
clear linear dependency, with the transition temperature
decreasing by approximately 70 °C for every 10% of LiI
addition. For all measured mixtures with a LiI content equal to
or above 12.5%, the transition temperature lies below room
temperature.
In Figure 10, the calculated energy diﬀerences ΔE(x)
between the HT and LT phases (shown in Figure 1) are
plotted against the transition temperatures measured using
DSC. Here, x denotes the LiI content of the samples. At each
phase transition temperature, the Gibbs free energy diﬀerence
between the two phases is zero. Since contributions from the
zero point energy diﬀerence and the volume change between
the two phases are small, we set ΔH(x) ≈ ΔE(x), where
Figure 6. Li+ conductivity of the (1 − x)LiBH4+xLiI samples at 50 °C
as a function of LiI content for nonannealed (red rectangles) and
annealed (blue circles) samples. The data points for pure LiBH4 (0%
LiI content) in this ﬁgure are from a measurement on ball-milled
LiBH4.
Figure 7. Li+ conductivity of 1/2LiBH4+
1/2LiI obtained by impedance
spectroscopy during ﬁve heating/cooling cycles. The red rectangles
and blue circles show the results of the ﬁrst heating and cooling runs,
respectively. The diamonds show the results of the four subsequent
heating and cooling cycles.
Figure 8. DSC results for diﬀerent mixing ratios of (1 −
x)LiBH4+xLiI, obtained during cooling.
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ΔH(x) is the enthalpy change for a given ratio of iodine x.
Therefore, we can write
Δ = ΔE x T S x( ) ( ) (3)
As a result, the slopes of the lines in Figure 10 represent the
entropy diﬀerence ΔS between the two phases.
For the iodine free system, we get an entropy diﬀerence
between the two phases of ΔS(0) = 34.7 J/(mol K). If the
addition of iodine was purely an enthalpy eﬀect, ΔS(x) should
remain constant for the diﬀerent contents of iodine, and all data
points should fall on the dashed line in Figure 10. It is apparent
that the entropic diﬀerence ΔS(x) is reduced with addition of
iodine by roughly 0.5 J/(mol K) per percentage point of
increased iodine content in the system, but it is not possible to
quantify how much should be attributed to the changes in the
LT or HT, respectively, resulting from, for example, changes in
directional bonding or conﬁgurational entropy.
The calculated value of ΔE(0) = 12.8 kJ/(mol K) is also
signiﬁcantly higher than the published enthalpy values from
Kharbachi et al.50 (ΔHKharbachi = 5.1 kJ/(mol K)) and
Gorbunov et al.51 (ΔHGorbunov = 6.2 kJ/(mol K)). This
overestimate of the ground-state energy diﬀerence also leads
to an overestimate of the entropy diﬀerence between the two
phases. Our calculated value is ΔS(0) = 34.4 J/(mol K)
compared to the published values from Pistorius et al.52
(ΔSPistorius = 16.5 J/(mol K)) and from Kharbachi et al.50
(ΔSKarbachi = 13.1 J/(mol K)). Assuming that ΔE(x) is similarly
overestimated, ΔS(x) should probably be scaled down by a
factor of 2.0−2.5. Although ΔS(x) varies with iodine content,
the governing factor comes from the change in the ground-state
energy diﬀerence ΔE(x), which can be used as a predictor for
the change in stability between the two phases.
5. SUMMARY AND OUTLOOK
The LiI content and the phase transition temperature between
the HT and the LT phases are linearly dependent up to at least
25% LiI content as measured using DSC. A decrease in the
transition temperature by 70 °C for every 10% of LiI addition
was found. Density functional theory calculations also show
that there is a close to linear stabilization of the HT structure
with LiI addition up to a LiI content of 25%. For all samples
with a LiI content equal to or greater than 12.5%, the phase
transition temperature lies below room temperature, and after
ball milling, the samples only contain the HT phase as observed
using XRD.
The (1 − x)LiBH4+xLiI solid solutions show a high Li+
conductivity. At 30 °C, the conductivity exceeds 0.1 mS/cm
(for the sample with 40% LiI content), and at 140 °C, it
exceeds 10 mS/cm (for the sample with 18.75% LiI content) as
measured using impedance spectroscopy. Which mixing ratio of
(1 − x)LiBH4+xLiI yields optimal conductivity depends greatly
on which temperature range is in question. The conductivity is
equal or higher during heating than during cooling, with the
least diﬀerence between heating and cooling results for a LiI
content between 18% and 30%.
Nonannealed samples with a low LiI content have apparent
densities of defects greater than those with a high LiI content,
as revealed by analyzing the fwhm of the reﬂections in the XRD
data. This could be an artifact due to the presence of
inhomogeneities and/or intermediate phases with similar but
diﬀerent cell parameters. After annealing, the density of defects
appears to be almost the same for all samples, but the crystallite
sizes grow with increasing LiI content. This could explain why
samples with low LiI content tend to have a higher conductivity
at high temperature than the samples with low LiI content,
emphasizing the importance of the grain boundaries for the
conduction mechanism.
The least change between the nonannealed and annealed
samples is observed for a LiI content of around 30%. By
combining information obtained from XRD and from
impedance spectroscopy, it is found that samples with defect-
rich microstructure, most probably dislocations and/or grain
boundary defects, yield higher conductivity values than those in
which the defects have been mended by heat treatment and
where only intrinsic point defects might exist. This shows that
microstructure and heat treatment are important for the
conductivity of the samples. Finally, it is found that the
expansion of the lattice parameter c is not a predominant
parameter for increased conductivity.
The Li+ conductivity must be high if the (1 − x)LiBH4+xLiI
solid solution should be used as an electrolyte in a working
battery cell. However, the performance of the electrolyte must
also remain stable during the lifetime of the battery. In this
work, a LiI content around 30% yields the optimal combined
room-temperature performance in terms of microstructural
stability under heat treatment and in terms of high Li+
conductivity. Impedance spectroscopy measurements during
ﬁve temperature cycles show that the conductivity of the
material is stable and reproducible. However, working battery
cells using this system as an electrolyte are still to be tested and
characterized, and the exact Li+ conduction mechanism must
still be determined.
Figure 9. Phase transition temperatures between the hexagonal HT
phase and the orthorhombic LT phase in the (1 − x)LiBH4+xLiI solid
solution as a function of LiI content. For all measured mixtures with x
≥ 12.5%, the transition temperature lies below room temperature.
Figure 10. Calculated ground-state energy diﬀerence between the HT
and the LT structures, ΔE(x), for diﬀerent iodine contents x as a
function of the measured phase transition temperature. The slopes of
the lines in the ﬁgure represent the entropy change ΔS(x) between the
two phases. The dashed line shows the limit of ΔS(x) = 0.
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S1. CONDUCTIVITY RESULTS 
 
S1.1. Nyquist plots 
 
Figure S.1. Typical examples of Nyquist plots obtained from the impedance spectroscopy measurements 
on the (1-x)LiBH4+xLiI samples. The impedance measurements were performed during heating/cooling 
cycles from 30°C to 140°C and back to 30°C. The red squares were measured at 40°C at the beginning of 
such a heating/cooling cycle and the blue circles were measured at 40°C at the end of the cycle. The 
Nyquist plots all show a single arc and were fitted using an (RQ) equivalent circuit model. 
 
 
 
 
 
 
 
 
 
!!!
!!
!!
!!!
!!!
!!
!
!!
!
!
!
!
!
!
!
!
!
!
!
!!
!!!!!
!
!
!
"""
""
""
""
""
""
""
"
"
"
"
"
"
"
"
"
"
"
"
"
"
""
"""""
"
"
"
0 1000 2000 3000 4000
0
500
1000
1500
2000
Z' !!"
"Z
''!!"
!
"
At 40°C during heating
At 40°C during cooling
7/8LiBH4 + 1/8LiI (12.5% LiI)
225 kHz
1 Hz
80 kHz
25 kHz
 3 
S1.2. Arrhenius plots 
 
Figure S.2. Additional Arrhenius plots obtained from impedance spectroscopy measurements. For each 
sample, the filled symbols denote heating runs and the empty symbols denote cooling runs. 
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Li-ion Conduction in the LiBH4:LiI System from Density Functional
Theory Calculations and Quasi-Elastic Neutron Scattering
Jon Steinar Gardarsson Myrdal,†,‡ Didier Blanchard,† Dadi Sveinbjörnsson,† and Tejs Vegge*,†
†Department of Energy Conversion and Storage, Technical University of Denmark, Frederiksborgvej 399 Building 238, DK-4000
Roskilde, Denmark
‡Center for Atomic-Scale Materials Design and Department of Physics, Technical University of Denmark, DK-2800 Lyngby,
Denmark
ABSTRACT: The hexagonal high-temperature polymorph of LiBH4 is stabilized by solid
solution with LiI to exhibit superionic Li+ ionic conductivity at room temperature.
Herein, the mechanisms for the Li+ diﬀusion are investigated for the ﬁrst time by density
functional theory (DFT) calculations coupled to quasi-elastic neutron scattering (QENS)
measurements with and without an applied bias potential of 3 V. DFT calculations show
that lithium defects such as Frenkel pairs are easily formed at room temperature
(formation energy of 0.44 eV) and low energy barriers (0.2 to 0.3 eV) are found between
stable defect sites, giving rise to high defect mobility. QENS results at 380 K show long-
range diﬀusion of Li+, with jump lengths of one unit cell and jump rates in agreement
with those obtained from DFT, and the application of the bias potential increases the
diﬀusion constant by a factor of 2. At 300 K, the QENS data reveal jump events of shorter
length (∼2 Å), which could correspond to a jump process of Li+ interstitials to an intermediate lattice site, in agreement with
DFT calculations.
1. INTRODUCTION
Consumer demands for better reliability, longer lifetime, and
sustainability is fueling the need for advanced energy storage
technologies in a broad range of applications. Today, the
battery market is driven by consumer electronics and
dominated by Li-ion batteries,1 but since their commercializa-
tion in 19912,3 only small improvements have been made1,4 and
new developments are needed to reduce battery prices and
improve the reliability, safety, and energy/power density. The
typical limitations of the Li-ion batteries are well known: the
liquid electrolytes are ﬂammable, the cathodes tend to dissolve
and reduce the overall eﬃciency of the batteries, and short
circuits between the electrodes can occur due to lithium
dendrite formation over cycling. Solid-state electrolytes with
suﬃcient chemical and electrochemical stability could oﬀer
better safety and enhanced cycle life, but ﬁnding suitable
materials with suﬃciently high lithium ion conduction and
negligible electronic conduction remains a challenge.5
Lithium borohydride (LiBH4) could oﬀer a possible solution
and represents a promising class of solid, crystalline materials
with super-ionic Li+ conduction. At room temperature, LiBH4
has a slow Li+-conducting orthorhombic Pnma structure
(∼10−8 S/cm at 30 °C), but at ∼110 °C it undergoes a
reversible structural transition to a highly Li+ conducting
hexagonal phase6 (∼10−3 S/cm at 120 °C), generally ascribed
to space group P63mc. In the following, these polymorphs will
be referred to as the LT phase (orthorhombic) and HT phase
(hexagonal), respectively. The HT polymorph can be stabilized
at room temperature by solid solution of lithium halides (e.g.,
LiI, LiBr, LiCl) in the borohydride, with LiI giving the best Li
ion conductivities.7,8 We have recently shown that an optimal
conductivity is reached near the Li(BH4)0.8I0.2 mixture.
9
The mechanisms of the super-ionic conduction in the HT
phase of LiBH4 have previously been investigated with
molecular dynamics by Ikeshoji et al.10 and Aeberhard et al.11
In their publications, they report a double splitting in the Li+
lattice sites along the z axis and the existence of metastable Li+
interstitial sites playing a large role in the high ionic
conductivity. Furthermore, a molecular dynamic study and
NMR measurements suggest that the conduction is two
dimensional (2D), taking place in the hexagonal plane.6,11,12
Here we report the ﬁrst combined results from density
functional theory (DFT) calculations and quasi-elastic neutron
scattering (QENS) measurements13−15 performed to study the
fast Li+ conduction in the HT polymorph of the Li(BH4)0.75I0.25
system as a function of temperature and applied bias potential.
2. COMPUTATIONAL DETAILS
All calculations presented here were prepared and executed
using the atomic simulation environment (ASE).16 DFT
calculations17,18 are performed with the real-space grid code
GPAW.19,20 GPAW uses the projector-augmented wave
method21 with a frozen core approximation. The PBE exchange
and correlation functional,22 a 4 × 4 × 4 Monkhorst-Pack k-
point mesh, and a grid spacing of 0.15 Å are used in the
calculations. For ground-state energy calculations, the atomic
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positions were relaxed until all atomic forces were <0.01 eV/Å.
The formation of Li+ interstitials (Li+int) and vacancies (V
−
Li)
have been studied by the addition/removal of Li plus a hole to
the supercell, made of 2 × 2 × 1 lattice units (i.e., 8 f.u.); see
Figure 1. The supercell was kept neutral by adding a
compensating, uniform background charge.
Transition barriers were identiﬁed using the nudged elastic
band (NEB) method,23,24 which is a method to ﬁnd minimum
energy paths between two (local) minima. The climbing image
method25 was used to ﬁnd the highest energy point along the
ridge, that is, the transition state (TS). Reaction rates were
evaluated using harmonic transitional state theory (HTST).26
In the harmonic approximation, the prefactor is given as the
ratio between the products of the vibrational frequencies of the
initial state and the vibrational frequencies of TS,23 yielding a
reaction rate of
ν
ν
=
∏
∏
−k ei
i
E k THTST
IS
TS
/TS B
(1)
The vibrational frequencies of both the initial and TSs are
calculated using a ﬁnite-diﬀerence approximation with displace-
ments of 0.01 Å.
The structure of the high-temperature polymorph of LiBH4
remains an open question due to the complex role of dynamical
disorder in the system.10,11,27−29 The presented calculations
were performed on a system of Li(BH4)0.75I0.25, with an atomic
conﬁguration based on the hexagonal LiBH4 HT structure, as
characterized by Filinchuk et al.29 Our reference system is
composed of 2 × 2 × 1 lattice units (8 f.u.) (see Figure 1),
where every fourth BH4
− group has been substituted for I− and
the cell parameters and atomic conﬁguration relaxed. The
relaxed lattice unit lengths are a = 4.31 Å, b = 4.19 Å, and c =
6.95 Å. In the case of Frenkel pair formation, the super cell was
extended to 4 × 2 × 1 lattice units.
3. EXPERIMENTAL SECTION
7Li11BH4 (purity >94%),
7Li11BD4 (purity >94%), and
7LiI
(purity >98%) were purchased from Katchem. 7Li, 11B, and D
isotope-enriched compounds were used to avoid the high
neutron absorption by natural B and Li and the high incoherent
cross section of H that would screen the quasi-elastic signal
from 7Li. The hydrogenated compound is used as a benchmark
for the BH4
− and H dynamics to separate the signal from the
dynamics of the proton and other dynamics, for example, the
lithium ion diﬀusion. The 7Li(11BH4)0.75I0.25 and
7Li-
(11BD4)0.75I0.25 solid solutions were obtained by mechanical
milling of 2 g of the precursors in a stainless-steel vial, inner
volume 250 mL, and rotating speed 650 rpm for 2 h. Twenty-
ﬁve tungsten carbide balls were used, giving a powder-to-ball
ratio of 1/100. The crystal structure of the obtained solid
solution was conﬁrmed by X-ray diﬀraction to be the HT
hexagonal phase (space group P63mc). The transition temper-
ature from the LT to the HT was determined by diﬀerential
scanning calorimetry to be 200 K.9
The QENS measurements were performed at IN10, the
backscattering spectrometer located at the Institut Laue-
Langevin, Grenoble, France. We loaded 0.5 to 1 g of sample
in a specially designed aluminum ﬂat cell of dimensions 30 × 40
× 0.5 mm3. The two sides of the cell, separated by a Teﬂon
ﬂange, used as sealing and electrical insulator, were connected
to a potentiostat combining in situ impedance measurements as
well as the application of a potential to the solid electrolyte
during the QENS spectra acquisition. The Al container was
oriented at 135° with respect to the direct beam. Si(111)
monochromator and analyzer crystals were used in a back-
scattering geometry, giving a ﬁnal neutron wavelength of 6.271
Å and an energy resolution of 1 μeV with an energy-transfer
range of ±13.5 μeV. The spectra were recorded by seven
detectors corresponding to a scattering vector ranging from
0.50 to 1.96 Å−1. The spectra were analyzed by using the curve
ﬁtting utility (PAN) included in the DAVE package.30
4. RESULTS AND DISCUSSION
4.1. Density Functional Theory. To study the origin and
the mechanisms for the Li+ conduction, we performed DFT
calculations on lithium interstitials and vacancies in the
Li(BH4)0.75I0.25 solid solution. The model structure used in
the calculations includes diﬀerent local environments to mimic
the diﬀerent conﬁgurations that can exist in the solid solution.
These local environments include iodide-rich areas close to
neighboring I− ions, iodide-sparse areas in every other crystal
plane that does not include any I− ions, and areas with
moderate iodide concentration between neighboring BH4
− and
I− ions; see Figure 1. The relationships between the local iodide
concentration and the stability of defect sites and the diﬀusion
barriers between these sites were also investigated.
In the HT hexagonal crystal structure, triangular areas exist
between all groups of three neighboring Li+ ions. Each Li+ ion
has an anion neighbor placed directly below it, ∼2.5 Å for the
pure BH4
− layers and ∼2.9 Å for the layers that include I−.
Together, these neighboring anions and cations form a
triangular prism. The crystal layers then have an ABAB
stacking, which means that centered above (∼0.8 Å) every
other triangular prism there is an anion from the next layer.
(See Figures 1−3.)
Figure 1. Supercell used in the DFT calculations along with a few neighboring atoms for better visualization of the model structure. Diﬀerence in
local environments, iodide -rich areas close to neighboring I− ions, iodide-sparse areas in iodide-free crystal planes, and areas with moderate iodide
concentration between neighboring BH4
− and I− ions. Li: pale purple, I: dark purple, B: pink, and H: white.
The Journal of Physical Chemistry C Article
dx.doi.org/10.1021/jp311980h | J. Phys. Chem. C 2013, 117, 9084−90919085
We performed calculations on Li+int placed inside previously
explained triangular prism structures with four diﬀerent local
environments (three of which can be seen in Figure 3); the
calculated sites will be referred to as 1/3, 2/3, 3/3, and 1/3*,
respectively. The labeling refers to the ratio of surrounding
BH4
− ions in the prism grid. The ﬁrst three sites do not have
ions from the neighboring crystal planes positioned directly
above or below the site, whereas the 1/3* site is centered
between ions from neighboring layers. In the three “non-
sandwiched” sites, the Li+int can be found 0.8 to 1.1 Å above
(depending on the ratio of I− neighbors) the central position
between the three neighboring anions in the hexagonal plane.
In the 1/3* site, the Li+int is located signiﬁcantly closer to the
two neighboring I− ions than the in-plane BH4
− ion.
The 1/3 site is the energetically most favorable, whereas the
3/3 and the 2/3 sites are almost equal in energy, being 0.14 and
0.15 eV, respectively, less favorable than the 1/3 site. The 1/3*
site is the least favorable one, 0.18 eV less favorable than the 1/
3 site.
Calculations were performed on lithium vacancies (V−Li) in
two diﬀerent local environments, that is, with a neighboring I−
ion (an I− site) and a second site without I− neighbors (a BH4
−
site). The BH4
− site is more favorable than the I− site, but the
energy diﬀerence is small, only 0.05 eV.
A Frenkel pair is created when a lattice Li+ ion is moved into
an interstitial site, thereby creating a V−Li and Li
+
int defect pair.
A calculation on a Frenkel pair, where the interstitial is sitting in
a 1/3 site, was performed, giving a formation energy for the
defect pair as low as EFrenkel = 0.44 eV. Figure 2 shows the
minimum energy path from a NEB calculation for the
formation of the Frenkel pair, starting from the defect-free
system. The transition barrier to form the defect is EFrenkel_TS =
0.47 eV, meaning that there is a very small threshold for the
interstitial to recombine with the vacancy, unless the oppositely
charged defects become further separated, for example, by an
applied bias.
We have also performed NEB calculations on diﬀerent
possible diﬀusion mechanisms for individual Li+int and V
−
Li
originating from the electrodes; all TS energies and jump
lengths are presented in Table 1.
Possible Li+int conduction pathways were investigated from a
1/3 site to the four diﬀerent, neighboring sites. An interstitial
jump from a 1/3 site to an identical 1/3 site, one lattice unit
away, has a transition barrier of E1/3−1/3_TS = 0.26 eV. During
the jump, a clear shift of a neighboring lattice Li+ ion is visible
along the z axis of ∼0.6 Å to make room for the diﬀusing
Figure 2. Minimum energy path for the formation of a Frenkel defect
pair and the corresponding atomic structure. The created Li+
interstitial, seated in a 1/3 site, and vacancy are shown as red and
black spheres, respectively. The transition barrier for creating the
defect pair is 0.46 eV. The lattice atoms are displayed as follows: Li:
pale purple, I: dark purple, B: pink, and H: white.
Figure 3. Minimum energy path from a 1/3 to a 2/3 interstitial site,
passing through a 1/3* interstitial site. The atomic positions of the
interstitial in the three diﬀerent sites are shown from left to right in the
same order that the sites occur along the path. The 1/3* site opens up
the possibility for interstitials with lower kinetic energy. The lattice
atoms are displayed as follows; Li: pale purple, I: dark purple, B: pink,
and H: white.
Table 1. Calculated Transition Barriers, Jump Lengths, and Rates for Diﬀerent Diﬀusion Mechanisms in the Li(BH4)0.75I0.25
Systema
defect mechanism transition barrier (eV) jump length (Å) rate 300 K (s‑1) rate 380 K (s‑1)
Li+ interstitial 1/3 to 1/3 site 0.26 4.32 1.0 × 109 8.3× 109
1/3 to 2/3 site 0.28/0.14 4.31 4.6 × 108 4.5× 109
1/3 to 3/3 site 0.32/0.18 4.36 9.8 × 107 1.3× 109
exchange 1/3 to 1/3 site 0.44 3.00/4.07 9.4 × 105 3.4 × 107
1/3 to 1/3* site 0.20/0.02 2.34 7.3× 109 3.7 × 1010
1/3* to 2/3 site 0.09/0.15 3.30 7.7 × 1012 9.1 × 1012
Li+ vacancy I− to I− site 0.23 4.27 3.2× 109 2.1 × 1010
I− to BH4
− site 0.33/0.28 4.27 6.6 × 107 9.8 × 108
Frenkel pair formation 0.46/0.02 3.32 4.4 × 105 2.9 × 106
aAll mechanisms are single-particle jumps except for the exchange mechanism. Diﬀerent transition barriers depending on the direction of the jumps
are caused by relative energy diﬀerences between diﬀerent sites.
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interstitial. This shift along the z axis is analogous to the double
splitting previously reported.10,11 Similarly, a rotational motion
of neighboring BH4
− ions around the z axis and in the direction
following the moving interstitial is visible. Whether the
diﬀusion between 1/3 sites could take place through an
exchange mechanism was also analyzed, where a lattice ion
moves from its lattice site to a 1/3 interstitial site while the
interstitial ion moves into the lattice site. This exchange
mechanism is possible but signiﬁcantly more expensive than the
single particle jump, with a transition barrier of Eexchange_TS =
0.44 eV. The exchange gives two diﬀerent jump lengths, 3.00 Å
for the lattice ion moving to the interstitial site and 4.07 Å for
the interstitial ion moving into the lattice site.
An interstitial jump from a 1/3 site to a 2/3 site has a similar
barrier as the jump between 1/3 sites with E1/3−2/3_TS = 0.28
eV. Because the 2/3 site is less stable than the 1/3 site, the
transition barrier for going from 2/3 to 1/3 site is lowered by
E2/3−1/3_TS = 0.14 eV. (See Figure 3.)
The 1/3* site lies in between the 1/3 and the 2/3 sites, and
because the transition barrier for going from the 1/3 site to the
1/3* site is only E1/3−1/3*_TS = 0.20 eV, there is a possibility
that at lower temperatures the interstitials will equilibrate in the
shallow 1/3* site. If the interstitial is then to continue from the
1/3* site to the 2/3 site it has to overcome a second transition
barrier of E1/3*‑2/3_TS = 0.09 eV. It is, however, more likely that
the interstitial will jump back to the 1/3 site because the 1/3*
sites stability toward the 1/3 site is very low (E1/3*‑1/3_TS = 0.02
eV) or to other intermediate sites not identiﬁed here, for
example, due to a diﬀerent distribution of I− in the lattice.
A jump from a 1/3 site to a 3/3 site is diﬀerent from the
previously addressed jumps because it is a jump between crystal
planes, whereas the others are jumps in the same hexagonal
plane. Going from the 1/3 site to the 3/3 site gives E1/3−3/3_TS
= 0.32 eV, whereas the opposed direction yields E3/3−1/3_TS =
0.18 eV.
V−Li vacancy diﬀusion calculations were performed for a
jump between two I− sites as well as a jump between an I− site
and a BH4
− site. The transition barrier between the I− sites is
found to be EI−I_TS = 0.23 eV, while the barriers for the second
mechanism are EI‑BH4_TS = 0.33 eV and EBH4‑I_TS = 0.28 eV. For
both mechanisms the jump lengths are 4.27 Å.
The calculations show that the most favorable mechanisms
for the Li+ conduction are taking place in the hexagonal plane,
the jumps with a component in the c direction having higher
energy barriers; this supports the previously proposed 2D
conductivity.6,11,12
4.2. Quasi-Elastic Neutron Scattering. Figure 4 displays
the temperature dependence of the normalized elastic intensity
for 7Li(11BH4)0.75I0.25 and
7Li(11BD4)0.75I0.25 and the deduced
mean-square displacement <u2> for 37Li11BH4+
7LiI, collected
during temperature scans performed from T = 3 to 430 K at a
heating ramp of 2 K·min−1. For each temperature, the intensity
is the summation of the intensities collected on the seven
detectors. The plots for the hydrogenated and deuterated
samples display similar trends. The loss of intensity for the
hydrogenated sample is more important because of the large
incoherent cross section of hydrogen (σH ≈ 80 barns), but the
changes occur at the same temperatures, showing that there are
no signiﬁcant shifts detectable with this instrument in the
characteristic times of the observed dynamics because of the
isotope exchange. In Figure 4, three diﬀerent regions can be
distinguished with diﬀerent evolution of <u2> with T,
corresponding to the existence of the two polymorphs (LT
structure from 3 to 180 K, HT structure from 220 to 430 K)
and the transition region from ∼180 to 220 K. For the
deuterated sample at ∼350 K, the evolution of the elastic
intensity shows deviations when compared with the nearly
monotonic decrease in the intensity obtained for the hydro-
genated sample in that temperature range, indicating dynamical
events not seen in the presence of hydrogen. These ﬁrst
measurements conﬁrmed the two temperature ranges, where
the diﬀerent polymorphs exist, LT below 180 K and HT above
220 K, and show the diﬀerences between the evolution with
temperature of the elastic lines of the hydrogenated and
deuterated solid solutions. For the hydrogenated sample, the
large drop of the elastic intensity when the temperature is
increased is mainly related to the dynamics of the hydrogen
atoms because of the large incoherent scattering cross section
of hydrogen (σH ≈ 80 barns). Deuterium has a much smaller
scattering cross section than hydrogen (σD ≈ 2 barns);
therefore, it is possible to observe the dynamics of other
atoms in the deuterated sample and especially of lithium, with a
scattering cross section of σLi ≈ 0.8. Boron (11B) has a
scattering cross section of σB ≈ 0.22, and iodine has a scattering
cross section of σI ≈ 0 barns.
QENS spectra were collected at diﬀerent temperatures and
were ﬁtted with one or two Lorentzian functions, L(Γ,ω), of
half-width at half-maximum (hwhm), Γ, modeling the inelastic
signal and a Dirac delta function, δ(ω), modeling the elastic
signal. Both functions were convoluted with the instrumental
resolution function, R(Q,ω), obtained from measurements at 4
K, a temperature at which no dynamical motions were observed
on the time scale of the instrument. If needed, a linear baseline
B(Q) was used to model the inelastic background in the quasi-
elastic region, which originates from processes much faster than
those observable within the time scale of the instrument used.
Thus the following expression was applied:31
∑
ω ω δ ω
ω
= ⊗
+ Γ +
S Q R Q A Q
A Q L B Q
( , ) ( , ) ( ( ) ( )
( ) ( , )) ( )i i
inc
tot
0
(2)
For the hexagonal 7Li(11BH4)0.75I0.25 mixture, a series of
QENS spectra were recorded at constant temperatures, ranging
Figure 4. Evolution of the normalized elastic intensities as a function
of the temperature for 7Li(11BD4)0.75I0.25 (green circles) and
7Li-
(11BH4)0.75I0.25 (blue squares), from 3 to 430 K, heating ramp 2
K·min−1, measured with a IN10 spectrometer. Evolution of the
deduced mean-square displacement for 7Li(11BH4)0.75I0.25 in the same
temperature range (red triangle). <u(T)2> is obtained from the ﬁt of
the elastic intensity with the following expression I(T) = I(0)·exp-
[−Q2·<u(T)2>], where Q is taken as the average momentum transfer
for the seven detectors.
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from 4 to 440 K. At temperatures above ∼220 K, that is,
temperatures at which the solid solution is in the HT hexagonal
crystal structure, quasi-elastic broadenings emerging from the
resolution of the instrument were observed. One Lorentzian
was used to ﬁt the spectra. At 240 and 300 K, for example, with
and without the application of a bias potential ( f = 1 kHz, U =
3 V, I = 0.3 mA and f = 1 kHz, U = 3 V, I = 0.4 mA,
respectively) the widths where found to be Q- and potential-
independent over the measured Q range at values of ∼7.44 and
∼15.0 μeV, respectively. These quasi-elastic lines originate from
localized atomic motion31 and according to previous QENS
studies on hexagonal LiBH4 correspond to the BH4
−
reorientation mechanisms.32 A ﬁt of the experimental elastic
incoherent structure factor (A0 in eq 1)
31 with the theoretical
expression of the “high temperature model”, detailed in ref 32,
conﬁrmed that the observed proton dynamic might originate
from the rotation of the BH4
− anions.
For the hexagonal 7Li(11BD4)0.75I0.25, QENS spectra were
again measured at diﬀerent constant temperatures from 80 to
400 K. Below 300 K and above 380 K, no clear quasi-elastic
signal was observed. At low temperature (<300 K), the signal
could be of too low intensity or embedded in the elastic line; at
high temperature (>380 K), the signal might be too broad and
only present as a ﬂat background. Thus, given the instrumental
resolution, the spectra recorded at 300 and 380 K, temperatures
at which the solid solution is in the HT hexagonal crystal
structure, with and without the application of a potential ( f =
1000 Hz, U = 3 V and I = 0.4 mA and U = 3 V and I = 1 mA,
respectively) yielded a clear diﬀusional broadening. Figure 5
presents the spectra, recorded at 300 K with and without the
application of the potential. One should note the large eﬀect of
the potential, with the large gain in the elastic lines intensities at
high Q and the diﬀerent broadenings obtained at the same Q
value. See Figure 6 for an example of the spectra obtained at Q
= 1.85 Å and Figure 7 showing the values of the broadening as
a function of Q. No strong eﬀect was observed at 380 K. At 300
K, two Lorentzians were used, one having a constant width of
15 μeV for all of the detectors to take into account the quasi-
elastic signals from the BD4
− reorientation. This line broad-
ening was obtained for the hydrogenated sample at the same
temperature and is used assuming, from the elastic temperature
scans, that there is no signiﬁcant diﬀerences in the reorientation
rates of the hydrogenated and deuterated tetrahedra. At 380 K,
a constant ﬂat background was used to take into account this
“fast” motion (compared with the resolution of the instrument)
at high temperatures. Henceforth, Q and potential-dependent
quasi-elastic broadenings were found for the two temperatures.
They can be attributed to nonlocalized dynamics,31 and the
hwhm values have been ﬁtted with the Chudley−Elliott
model31 (Figure 7); that is, the dynamics observed were
treated in a ﬁrst approximation as a random walk diﬀusive
mechanism of a defect in the crystal lattice. In the Chudley−
Elliott model, the Q dependence of the hwhm (ΓD) is given by:
τΓ =
ℏ −
⎛
⎝⎜
⎞
⎠⎟Q
QL
QL
( ) 1 Sin( )D
D (3)
Figure 5. QENS spectra recorded for 7Li(11BD4)0.75I0.25, at 300 K,
without (orange solid line) and with (green dashed line) the
application of a potential ( f = 1 kHz, U = 3 V, and I = 0.4 mA).
Note the pronounced change in the intensity, at high Q, between the
two measurements.
Figure 6. Example of the ﬁtted QENS spectra taken at 300 K with
(orange circles) or without the applied bias potential (green triangles)
at Q = 1.85 Å. The blue and red solid lines are the total ﬁts. The ﬁne
black line is the Lorentzian of width 15 μeV used to model to the
rotation of the BD4 tetrahedra. The broken black line is the
instrumental resolution. The crossed red line is the Lorentzian
modeling the lithium dynamic when the potential is applied, the
dotted blue line with no potential.
Figure 7. Q and potential-dependent half-width at half maximum
(hwhm) of the Lorentzian for the nonlocalized dynamics. Upper plots:
measurement performed at 380 K (hwhm values displayed on the
right-side axis). Lower plots: measurements performed at 300 K
(hwhm values displayed on the left-side axis). Filled circles:
measurements performed with potential ( f = 1 kHz, U = 3 V, and I
= 0.4 mA); open circles: ( f = 1 kHz, U = 3 V, and I = 1 mA); and
triangles: without potential. The solid lines (a−c) are the results of the
ﬁts with the Chudley−Elliott model (eq 2) with L and τD ﬁtted, the
long dashed blue line is the result when only τD was set free to vary (L
ﬁxed to 2.3 Å), and the black broken line is to guide the eye.
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where L is the eﬀective jump length and τD is the resident time
between two jumps. In this equation, the prefactor (ℏ/τD),
determines the amplitude of the maxima, whereas their abscissa
are determined by the argument of the sinus (QL). When τD
increases, the amplitude of the maxima decreases, and when the
jump length L increases, the value of the abscissa decreases.
4.3. Combined Analysis. At 300 K and with an applied
potential, it is not possible to ﬁt the experimental data
satisfactorily with eq 2. For the broadening obtained in the
absence of an applied potential, an unconstrained ﬁtting of the
two parameters, L and τD, yields a short jump length of 1.7 ±
0.3 Å. This distance does not correspond to any interatomic Li
distances or local minima as obtained from the DFT
calculations. A ﬁt with L ﬁxed to 2.34 Å, the shortest jump
value identiﬁed with DFT calculations, that is, for the 1/3 to 1/
3* defect diﬀusion, was therefore performed. Any longer jump
length, and particularly one corresponding to the cell parameter
in the hexagonal plan (4.31 Å), would lead to the presence of a
ﬁrst maximum around Q ≈ 1 Å−1, and no such maximum is
visible in the experimental data. The Chudley−Elliott least-
squares ﬁts from the constrained and unconstrained ﬁtting
yields similar values for the jump frequency, τD
−1 ≈ 1 × 109 s−1,
which is not surprising because it relates to the maximum of the
plot. This value is in quite good agreement with the value
obtained from DFT for the 1/3 to 1/3* defect diﬀusion. (See
Table 1.) From the shallow 1/3* site, the next available site is
the 2/3, but at a longer jump distance, 3.3 Å, and as previously
discussed, the atom will most probably jump to the 1/3 site
again. Jumps between these inequivalent sites (1/3 and 1/3*)
should, however, appear in the QENS data as a localized
motion and give Q-independent quasi-elastic broadenings, as
would, for example, the double splitting in the Li+ lattice sites
along the z axis.10,11 It is therefore diﬃcult to pair the
experimentally observed short jumps deﬁnitely with those
determined from DFT, but because of the short distance, they
are expected to originate from jumps to interstitial sites. It
should be noted that the DFT calculations are eﬀectively
performed at 0 K, and the role of, for example, dynamical
disorder may be signiﬁcant at higher temperatures, as observed
for LiBH4.
10 This could aﬀect the stability of intermediate sites,
as could a diﬀerent distribution of the iodine ions in the lattice,
but given the complexity of the LiBH4:LiI system, it is beyond
the scope of this manuscript to quantify this eﬀect; see ref 9. It
is also possible that a more complex mechanism, which is not
captured by the simple Chudley−Elliott model, is needed to
describe the short jumps.
The ﬁts for the measurements at 380 K were applied
successfully, especially with an applied bias, which displays a
well-deﬁned maximum in the plot. As seen in Table 2, the
numerical values of τD
−1 and L obtained for the diﬀerent ﬁts at
300 (τD
−1 ≈ 109 s−1 and L ≈ 2 Å) and 380 K (τD−1 ≈ 1010 s−1
and L ≈ 4 Å) indicate diﬀerent mechanisms at the two
temperatures. Furthermore, it should be noted that the
application of the potential is inﬂuencing the observed
dynamics.
If the dynamics is diﬀusion-related, then the diﬀusion rates
can be calculated from31
τ=D L n/( )2 D (4)
where n = 2, 4, or 6 depending on the dimensionality of the
diﬀusion, that is, 1, 2, or 3, respectively. Because the DFT
calculations show favorable results for a 2D conductivity, only
the values of D obtained for n = 4 are presented in Table 2. At
300 K, the values are, not surprisingly, lower than those
published for the high-temperature phase of pure LiBH4 at 535
K,11 (5.82 and 2.28) × 10−6 cm2/s,6 but when translated to 535
K and assuming an Arrhenius temperature dependency, values
>10−4 cm2/s are obtained, in agreement with the higher
conductivity measured for the solid solution compared with
that of the pure compound.9 At 380 K, the diﬀusion rates are
found to be on the same order of magnitude as the published
one even though the temperature is lower. Again, this is in
agreement with the higher conductivity measured for the solid
solution than that for the pure compound9 and a likely
consequence of the changes in directional bonding associated
with the I/BH4 substitution.
5. CONCLUSIONS
To summarize, the QENS results show that two diﬀerent jump
lengths were observed at 300 and 380 K. At 300 K, the
observed diﬀusion events have shorter jump length than the
unit cell dimensions, and at 380 K, the lengths correspond to
the unit cell dimensions.
The strong eﬀect due to the applied bias potential at 300 K
on the observed broadening and intensities of the QENS
spectra should be noted. Because of the limited data available, it
is, unfortunately, not possible to quantify this eﬀect, but the
application of the potential is expected to increase the V−Li/
Li+int defect concentrations and mobilities. Under an applied
bias, a signiﬁcant number of additional defects will be created at
the electrode interfaces, and the lifetime of the Frenkel pairs
will also increase due to the charge diﬀerence (outlined below),
but further experiments are needed to quantify these eﬀects.
The super-ionic conductivity in the Li(BH4)(1−x)Ix must
originate from the high mobility of lithium defects in the
hexagonal crystal lattice. The DFT calculations show that
Frenkel pairs have a low formation energy (0.44 eV) and are
thus present in a concentration of ∼5 × 1018 cm−3 in a
Li(BH4)0.75I0.25 solid solution at room temperature, even
without an applied bias. The formation energy of individual
interstitials and vacancies is therefore expected to be very low,
and the solid solution can be classiﬁed as a Type I ionic
conductor, after Rice and Roth classiﬁcation of ionic solids33,34
and for which the conduction mechanism is governed by
Table 2. Values for the Jump Length (L) and Rate (τD
−1) Obtained from the Chudley−Elliott Fit (eq 2) of the Experimental
hwhm (Γ) of the QENS Spectra Plotted versus Q for the 7Li(11BD4)0.75I0.25 Solid Solution at 300 and 380 K with or without the
Application of a Potential (3 V)a
temp. (K) 300 380
potential (V) 0 0 0 3
L (Å) 1.7 ± 0.3 2.34 (ﬁxed) 3.6 ± 0.3 4.3 ± 0.2
τD
−1 × 109 (s−1) 1.25 ± 0.16 1 ± 0.2 8.3 ± 0.3 10 ± 0.16
D × 10−7 (cm2/s) for n = 4 0.9 ± 0.3 1.4 ± 0.4 27 ± 3 46 ± 3
aValues of the corresponding diﬀusion rate for the diﬀerent dimensionality.
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vacancy migration. The DFT results for the defect diﬀusion are
nicely supported by the QENS results obtained at 380 K.
Indeed, we observe diﬀusional motion with jump lengths of
about one unit cell and diﬀusion rates of ∼8 × 109 s−1, in
agreement with the calculated direct jumps between the more
favorable interstitial and vacancy sites, with comparable jump
lengths and rates of 8.3 × 109 s−1 for the direct Li+int 1/3 to 1/3
site jumps and 9.8 × 108 s−1 for the V−Li, I− to BH4− migration.
As mentioned, the typically short lifetime of the thermal
Frenkel pairs will increase under an applied bias, which will
drive the oppositely charged Li+int and V
−
Li defects apart. In a
real battery application, the main source of defects in that case
will be generated at the electrolyte/electrode interfaces, where
Li+ ions leave and enter the electrolyte.
The calculations show that the most favorable mechanism for
the Li+ conduction is taking place in the hexagonal plane, with
the jumps with a component in the z direction having higher
energy barriers, supporting a 2D conductivity, as previously
suggested.6,11,12 It should also be noted that the D values are
almost doubled when a 3 V potential was applied.
An approach to directly determine the dimensionality of the
conductivity would be to perform QENS measurements using a
single crystal of the borohydride, but suﬃciently large single
crystals are diﬃcult to obtain. Finally, more QENS experiments
at diﬀerent temperatures or energy resolution combined with
further calculations on the role of disorder could yield even
more insight into this promising electrolyte.
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a b s t r a c t
LiBH4–Ca(BH4)2 composites were prepared by ball milling. Their crystal structures and phase composi-
tion were investigated using synchrotron X-ray diffraction and Rietveld reﬁnement, and their ionic
conductivity was measured using impedance spectroscopy. The materials were found to form a physical
mixture. The composites were composed of α-Ca(BH4)2, γ-Ca(BH4)2 and orthorhombic LiBH4, and the
relative phase quantities of the Ca(BH4)2 polymorphs varied signiﬁcantly with LiBH4 content. The
formation of small amounts of orthorhombic CaH2 and cubic CaH2 in a CaF2-like structure was observed
upon heat treatment. Concurrent formation of elemental boron may also occur. The ionic conductivity of
the composites was measured using impedance spectroscopy, and was found to be lower than that of ball
milled LiBH4. Electronic band structure calculations indicate that cubic CaH2 with hydrogen defects is
electronically conducting. Its formation along with the possible precipitation of boron therefore has an
effect on the measured conductivity of the LiBH4–Ca(BH4)2 composites and may increase the risk of an
internal short-circuit in the cells.
& 2013 Elsevier Inc. All rights reserved.
1. Introduction
Research on lithium batteries is an important part of develop-
ing more sustainable and more efﬁcient energy storage methods.
Lithium batteries are dominant in the portable electronics sector
today. However, for applications on a larger scale, such as in the
transportation sector, substantial improvements are needed in
terms of energy density, safety, charge–discharge cycle lifetime
and price. Conventional Li-ion batteries use electrolytes made of
organic liquids or gels. The main advantage of such electrolytes is
their high Liþ conductivity. They are, however, ﬂammable and can
cause safety issues. They can also allow for dendrite formation at
the electrode–electrolyte interface, resulting in a decrease in cell
capacity and a limited charge–discharge cycle life [1–3].
The usage of solid-state electrolytes, instead of the currently
used liquids or gels, would increase the safety and should lead to
an extended cycle life of the batteries. It is, however, challenging to
develop solid electrolyte materials with sufﬁcient chemical and
electrochemical stability while offering high Liþ conduction but
negligible electronic conduction [4]. There are many currently
known crystalline solid-state Liþ conductors [2]. Among these are
Li3N [5], perovskite type oxides such as lithium lanthanum titanate
(LLTO) [6–8], garnet type structures such as Li6BaLa2Ta2O12 [9],
NASICON type structures [10,11], LISICON type structures [12] and
Li10GeP2S12 [13]. Most of these materials, however, have problems
such as too low decomposition voltage (Li3N), instability towards
contact with elemental lithium (LLTO and NASICON) or too high
electronic conductivity (LLTO) [14].
A Liþ conductivity of 1 mS/cm is often cited as the minimum
conductivity required for electrolytes to function well in consumer
batteries [15,16]. For comparison 1M LiPF6 in EC-DMC (ethylene
carbonate plus dimethyl carbonate), a widely used organic liquid
electrolyte, has a Liþ conductivity of 12 mS/cm at 27 1C [17]. All
above-mentioned crystalline solid electrolytes have considerably
lower Liþ conductivities, with the exception of Li10GeP2S12 which
has a Liþ conductivity of 12 mS/cm at 27 1C [13].
Lithium borohydride has been investigated extensively in
recent years, both as a hydrogen storage material [18–23] and as
a crystalline solid electrolyte material for lithium batteries [24–
26]. It is lightweight (0.666 g/cm3) and has been shown to be
electrochemically stable up to 5 V [27]. At room temperature,
LiBH4 has an orthorhombic crystal structure (Pnma) with a low Liþ
conduction (approx. 10"8 S/cm at 30 1C), but undergoes a rever-
sible phase transition at around 110 1C to a hexagonal crystal
structure (P63mc) with a high Liþ conduction (approx. 10"3 S/cm
at 120 1C) [24,28]. The hexagonal structure can be stabilized at
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room temperature by adding lithium halides (LiI, LiBr and LiCl)
[29,30]. Such addition has been found to result in an even higher
Liþ conductivity than seen in hexagonal LiBH4. Studies on the
structural and Liþ conduction properties of the LiBH4–LiI solid
solution have recently been published [31–34].
Calcium borohydride has also been investigated extensively as
a hydrogen storage material [35–42]. The crystal structures of
Ca(BH4)2 were only resolved relatively recently, and four polymorphs
of calcium borohydride have been characterized. α-Ca(BH4)2 has
an orthorhombic structure (Fddd [35] or F2dd [43]). β-Ca(BH4)2 has
a tetragonal crystal structure (P-4[43] or P42/m [44]). β-Ca(BH4)2 is
sometimes referred to as a high-temperature polymorph, as it has
been observed to become the dominant phase above 130 1C [44].
γ-Ca(BH4)2 has an orthorhombic crystal structure (Pbca) [45]. The
fourth polymorph, α0-Ca(BH4)2, is a high-temperature modiﬁca-
tion of the α structure that appears by a second order phase
transition at around 220 1C. This polymorph has a tetragonal
crystal structure (I-42d, a supergroup of F2dd) [43] and was not
observed in this work.
As the enthalpy differences between the α, β, and γ poly-
morphs are rather small (35–135 meV) [45,46], these usually
coexist. The relative quantity of the phases can even differ
signiﬁcantly between batches [42]. As shown in this work, the
addition of LiBH4 possibly has a large effect on the relative
quantities of the Ca(BH4)2 polymorphs, which depend heavily on
the mixing ratio of the two compounds. Furthermore, the possi-
bility of Ca2þ substitution in LiBH4 is discussed in this work, as
such introduction of relatively large cations in LiBH4 could lead to
compensating vacancies, which would likely enhance the Liþ
conduction. As an example, divalent doping of chlorides has been
found to increase their ionic conductivity [47].
Reports on the structure and hydrogen storage properties of
the LiBH4–Ca(BH4)2 composite have been published [48,49].
Accounts of the nature of the LiBH4–Ca(BH4)2 mixtures differ,
however, as Fang et al. reported on the formation of a dual-cation
borohydride LiCa(BH4)3, while Lee et al. concluded that LiBH4 and
Ca(BH4)2 coexist as a physical mixture but not as a compound or a
solid solution. We shall seek to resolve this controversy by
reporting on the structural properties of the LiBH4–Ca(BH4)2
mixtures using synchrotron X-ray diffraction. In the present work
we report on the crystal structures and the phase composition of
(1"x)LiBH4þxCa(BH4)2 mixtures in various ratios. The main focus
of the work is on the ionic conductivity of the composites and on
the formation of CaH2 in both orthorhombic and cubic structures
that was observed upon heat treatment of the LiBH4–Ca(BH4)2
composites. Furthermore, we will discuss how the low chemical
stability of LiBH4–Ca(BH4)2, illustrated by the formation of CaH2,
affects the suitability of the mixtures for usage as solid electro-
lytes, and how this can increase the risk of a short-circuit in
the cell.
2. Experimental and computational methods
2.1. Preparation of the composites
LiBH4 powder (purity 95%) and Ca(BH4)2 were purchased from
Alfa Aesar Co. and Sigma Aldrich Co. respectively. The (1"x)
LiBH4þxCa(BH4)2 samples were prepared in nine different ratios,
with x ¼{0, 0.125, 0.1875 0.25, 0.33, 0.5, 0.67, 0.75, 1.0}. The mixing
was performed by planetary ball milling under Ar atmosphere. In
each milling, a stainless steel vial with an inner volume of 250 ml
was rotated at 650 rpm for 2 h on a Fritsch Pulverisette P6. 1.0,
1.5 or 2.0 g of precursor powder were inserted into the vial for
each milling along with 25 tungsten carbide balls, resulting in a
sample to balls mass ratios of 1/400, 1/300 or 1/200 respectively.
2.2. Powder X-ray diffraction (XRD)
The samples were characterized using powder X-ray diffraction
(XRD). The measurements were performed on the as-milled
samples. The diffraction patterns used in this work were obtained
at three different instruments.
The diffraction patterns of the (1"x)LiBH4þxCa(BH4)2 samples
with x¼{0.125, 1.0} were measured at the BM01A beam line of the
Swiss-Norwegian Beamlines (SNBL) located at the European
Synchrotron Radiation Facility (ESRF) in Grenoble, France. The samples
were mounted in glass capillaries sealed under Ar atmosphere
using an epoxy adhesive. The two-dimensional diffraction data
were collected at the Pilatus@SNBL diffractometer, using a Pilates
2 M detector, with a distance of 310 mm between the sample and
the detector. The wavelength was 0.69386 Å. Data processing was
carried out using the SNBL Tool Box [50]. The two-dimensional
data were calibrated with a NIST LaB6 standard sample.
The diffraction patterns of the samples with x¼{0.25, 0.5} were
measured at the beamline I11 located at the Diamond Light Source
in Oxfordshire, England. The sample mounting was the same as
described above. A Mythen II PSD detector was used at 2θ angles
ranging from 11 to 911. The wavelength was 0.82712 Å. The data
were calibrated using Si as an external standard.
The diffraction patterns of the samples with x¼{0,.1875, 0.33,
0.67, 0.75} were measured using a Cu Kα Bruker D8 diffractometer
with a Bragg–Brentano geometry, operating at 40 kV and 40 mA.
The samples were sealed under Ar atmosphere in an airtight
polyethylene sample holder from Bruker Co. The exposure time
was 3 s/step with a step size of 0.021. The measurements were
performed using a variable divergence slit. After the measurement,
the intensity of the data was corrected for the variable slit size and
the Kα2 signal was subtracted. All XRD measurements were
performed at room temperature. The synchrotron data were
integrated into one-dimensional powder diffraction patterns using
the Fit2D software [51].
For all diffraction patterns, Rietveld reﬁnement was carried out
using the GSAS software [52]. The phase factors, the unit cell
parameters as well as the strain and the size broadening para-
meters were reﬁned for all phases. Pseudo-Voigt proﬁles were
used for modeling the shapes of the diffraction peaks. The back-
ground signal was modeled using a polynomial expression, and
the zero point was reﬁned. The isotropic thermal motion para-
meters were reﬁned for all atoms except hydrogen and preferred
diffraction orientations in the powder were modeled if needed.
The occupancy of Ca2þ was reﬁned in α-Ca(BH4)2 and the γ-Ca
(BH4)2 phases. The resulting values for γ-Ca(BH4)2 are shown in
Table 1. For α-Ca(BH4)2 the reﬁnement of the Ca2þ positions
showed full occupancies. The peak to parameter ratio was greater
than 2 for all reﬁnements and greater than 5 for most reﬁnements.
The weighted proﬁle agreement factor Rwp at the end of the
reﬁnements ranged from 2.2% to 4.25% and the data were reﬁned
for convergence, i.e. until the squared sum of all parameter shifts
divided by the estimated standard deviation (i.e. Σ(shift/s)2)
reached o0.1.
2.3. Impedance spectroscopy (EIS)
The conductivities of the samples were measured by AC
impedance spectroscopy using a PARSTAT 2273 potentiostat. The
ball-milled powder was pressed into pellets with a diameter of
13 mm and a thickness of approx. 2 mm. Lithium foil was pressed
onto both faces of the pellets as electrodes. The powder and the
lithium foil were pressed simultaneously at 1 t/cm2. The porosity
of the pellets was found to be around 0.4. All preparation and
measurements were carried out under Ar atmosphere. The
frequency range of the impedance measurements was set from
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100 mHz to 1 MHz. The samples were heated up from 30 1C to
100 1C in steps of 5 1C and cooled down to 30 1C using the same
step size. The samples were equilibrated at a constant temperature
for at least 40 min prior to each measurement.
2.4. Energy-dispersive X-ray spectroscopy (EDS)
A Hitachi TM3000 scanning electron microscope (SEM) operat-
ing at 15 kV was used for performing EDS on a 0.875LiBH4þ
0.125Ca(BH4)2 sample after heat treating it up to a temperature of
100 1C during the impedance spectroscopy measurements. The
EDS samples were prepared by applying a thin layer of powder on
carbon tape. The samples were transferred to the SEM instrument
under Ar atmosphere. Elemental mapping was performed after
each area scan or line scan of the sample.
2.5. X-ray photoelectron spectroscopy (XPS)
XPS measurements were performed on a 0.875LiBH4þ0.125Ca
(BH4)2 sample after heat treating it up to a temperature of 100 1C
during the impedance spectroscopy measurements. A PHI 5500
spectrometer was used, with monochromatic Al Kα radiation
(1487 eV) and an electron emission angle of 451. All the XPS
spectra were energy calibrated by the hydrocarbon peak posi-
tioned at the binding energy of 285.0 eV. The XPS samples were
prepared by applying a thin layer of powders on copper tape. The
samples were transferred from a glove box to the XPS analysis
chamber using a specially built airtight argon-ﬁlled chamber to
avoid contamination from the air.
2.6. Electronic structure calculations
All electronic structure calculations presented in this work
were performed using density functional theory (DFT) [53,54] as
it is implemented in the GPAW code [55,56], using the atomic
simulation environment (ASE) [57]. GPAW is based on real space
grids and uses the projector-augmented wave method (PAW) to
describe non-valence electrons [58,59]. All atomic structural
relaxations were calculated using the PBE exchange and correla-
tion functional [60] with a 0.15 Å grid spacing and a (4,4,4) k-point
mesh. Each calculation was continued until all forces were below
0.01 eV/Å. Calculations of charged vacancy defects were performed
with an extra electron in the computational supercell. The extra
electron was treated exactly like all other electrons in the DFT
calculations, but to prevent an inﬁnite charge build-up over the
periodic images of the cell, an equal opposite charge was smeared
uniformly over the cell. Because of the uniform distribution of the
compensation charge, its effect on the chemistry of the cell is
negligible. Band gap calculations were performed using the GLLB-
sc exchange and correlation functional [61], which has been
shown to improve band gap description signiﬁcantly from stan-
dard GGA functionals [62].
3. Results and discussion
3.1. Crystal structure and phase composition
The diffraction patterns of pure LiBH4, pure Ca(BH4)2 and four
composites of the two compounds are shown in Fig. 1, along with
a Rietveld reﬁnement of each diffraction pattern. The diffraction
pattern presented for LiBH4 is from a ball-milled sample. For Ca
(BH4)2, diffraction patterns were acquired for as-received and ball
milled powders. We present only the diffraction pattern of the as-
received compound since the milling alters the crystallinity of the
powder, reducing the quality of the diffraction pattern and the
Bragg peak intensities of the already poorly scattering Ca(BH4)2
powder. It was thus not possible to perform a trustworthy Rietveld
reﬁnement of the milled Ca(BH4)2.
The relative phase quantities of the mixtures in weight percen-
tage, as obtained by Rietveld reﬁnement, are shown in Table 1.
The milled LiBH4 sample only contains orthorhombic LiBH4,
as expected. The pure, as-received Ca(BH4)2 sample contains
β-Ca(BH4)2 and γ-Ca(BH4)2, but no α-Ca(BH4)2 is present.
Table 1
The relative phase quantities (in weight percentage) in the (1"x)LiBH4þxCa(BH4)2
samples, obtained from the Rietveld reﬁnement of the XRD data. There are large
variations in the phase quantities of the α and γ phases of Ca(BH4)2 with LiBH4
content, but the β phase is only present in pure Ca(BH4)2. The phase quantity of
orthorhombic LiBH4 is expected to equal the actual LiBH4 weight percentage in
each sample. This means that, for an optimal reﬁnement, the values of the ﬁfth
column of the table are expected to approach those in the sixth column. The
Rietveld reﬁnements are, however, somewhat imperfect with regard to this, most
probably due to the low scattering power of LiBH4 relative to Ca(BH4)2. The
rightmost column of the table shows the reﬁned Ca2þ occupancies in the α-Ca
(BH4)2 phase, but only for those mixtures for which synchrotron data were
available. The Ca2þ occupancies in the β-Ca(BH4)2 and γ-Ca(BH4)2 phases were
found to be 1.0 in all diffractograms.
Sample
(x in
mol)
α-Ca
(BH4)2
(wt%)
β-Ca
(BH4)2
(wt%)
γ-Ca
(BH4)2
(wt%)
LiBH4
LT
(wt%)
Actual LiBH4
wt% in
sample
Ca2þoccupancy
in α-Ca(BH4)2
0.0 0.0 0.0 0.0 100.0 100.00 N/A
0.125 24.1 0.0 3.2 72.7 68.61 0.972
0.1875 22.1 0.0 13.2 64.7 57.50 N/A
0.25 39.0 0.0 10.6 50.4 48.37 0.931
0.33 6.2 0.0 46.5 47.3 38.50 N/A
0.50 8.7 0.0 62.4 28.9 23.80 0.975
0.67 18.0 0.0 65.0 17.0 12.97 N/A
0.75 15.8 0.0 62.7 21.5 9.43 N/A
1.00 0.0 36.9 63.1 0.0 0.00 N/A
1.5 2.0 2.5 3.0 3.5 4.0
Q Å 1
γ
α
β
LiBH
Fig. 1. Powder X-ray diffraction patterns for different ratios of (1"x)LiBH4þxCa
(BH4)2. The solid, colored lines show the measured data, the dashed, black lines
show the Rietveld reﬁnement of each measurement. The tick marks below the
diffraction patterns show the locations of the Bragg reﬂections of α-Ca(BH4)2, β-Ca
(BH4)2 γ-Ca(BH4)2 and orthorhombic LiBH4. No other phases were detected in the
samples. The diffraction pattern of pure LiBH4 only contains orthorhombic LiBH4. In
the diffraction pattern of pure Ca(BH4)2, β-Ca(BH4)2 and γ-Ca(BH4)2 coexist, but no
α-Ca(BH4)2 is detected. In the (1"x)LiBH4þxCa(BH4)2 mixtures, α-Ca(BH4)2, γ-Ca
(BH4)2 and orthorhombic LiBH4 coexist, but no β-Ca(BH4)2 is detected. All data in
the Figure comes from synchrotron measurements except for the sample with x ¼
0.75. (For interpretation of the references to color in this ﬁgure caption, the reader
is referred to the web version of this paper.)
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All composites are composed of orthorhombic LiBH4, α-Ca(BH4)2
and γ-Ca(BH4)2 only; no other phases or new compounds are
formed during the ball milling. Note that the amount of LiBH4 in
the composite samples is generally overestimated compared to the
actual mixing ratios of the samples. This indicates the accuracy of
the Rietveld reﬁnements performed on LiBH4, which is composed
of elements with low electron densities and is thus a poor X-ray
scatterer relative to Ca(BH4)2. Small sample inhomogeneities may
also contribute to the discrepancy in the LiBH4 phase quantities.
As mentioned in the introduction, the enthalpy differences
between the different Ca(BH4)2 phases are small, and therefore the
relative phase quantities of the Ca(BH4)2 polymorphs are very
sensitive to modiﬁcations of the mixture. Interestingly, no β-Ca
(BH4)2 is detected in the composites although it is present in pure
Ca(BH4)2. This is consistent with the ﬁndings of Lee et al. [48]. The
relative quantities of the two remaining Ca(BH4)2 phases are very
sensitive to any modiﬁcations of the mixture. α-Ca(BH4)2 is found
to have the largest relative phase quantity for x¼0.25. For samples
with large amounts of LiBH4, only small amounts of γ-Ca(BH4)2 are
found, but for composites with xZ0.5 it becomes the dominant
phase with a similar relative phase quantity as in the pure Ca
(BH4)2 sample.
The formation of α-Ca(BH4)2, which is not present in the
as-received Ca(BH4)2, is either facilitated by the introduction of
LiBH4 (even in small amounts), or simply by the ball milling
process. As already mentioned, the crystallinity of the pure, ball-
milled Ca(BH4)2 samples was very poor, and it was unfortunately
not possible to deduce the relative quantities of the Ca(BH4)2
polymorphs from the diffraction pattern. It can thus not be
inferred with certainty whether the polymorph changes in Ca
(BH4)2 take place due to LiBH4 addition or due to the milling itself.
It is, however, clear that the introduction of LiBH4 increases the
crystallinity of the Ca(BH4)2 polymorphs, as compared to the
as-received and ball-milled Ca(BH4)2 samples.
The lattice parameters in all samples were found to deviate by
less than 1% from those previously published for orthorhombic
LiBH4 [28], α-Ca(BH4)2 [35], β-Ca(BH4)2 [44] and γ-Ca(BH4)2 [45].
The lattice parameters of the composite samples are in all cases
very similar to those of the phases in the precursor compounds
and do not change much with the mixing ratio x. We therefore
conclude that the (1"x)LiBH4þxCa(BH4)2 composites are physical
mixtures rather than solid solutions. This ﬁnding is in good
agreement with those previously reported by Lee et al. [48].
After ball milling, a fraction of each sample was annealed in a
glass container at 100 1C for 60 h under Ar atmosphere. XRD
measurements of the annealed powders show that such heat
treatment does not change the phase compositions, which remain
very close to those presented in Table 1. It was therefore not
expected that the heat treatment during the impedance spectro-
scopy measurements would alter the phase composition of the
samples.
3.2. CaH2 formation
When the samples were heated up to 100 1C during the
impedance spectroscopy measurements (under Ar atmosphere),
a new phase formed over the course of a few hours. This phase
consisted of a black layer, growing at the interfaces between the Li
electrodes and the electrolyte. This surprising ﬁnding was
observed even if no potential was applied to the sample. In order
to identify this phase, synchrotron XRD was performed on a black
colored part of a sample. The resulting diffraction pattern is shown
in Fig. 2, along with a Rietveld reﬁnement of the data. The majority
of the powder consists of α-Ca(BH4)2 and orthorhombic LiBH4.
However, the data reﬁnement reveals two additional phases that
were not detected in the diffraction patterns of the as-milled
samples shown in Fig. 1. One of the phases was identiﬁed as CaH2
in its regular orthorhombic (Pnma) crystal structure (3.6 wt%). The
second phase was indexed as a cubic structure with the space
group Fm-3m, isostructural with CaF2. Its lattice parameter is
5.490 Å, compared to 5.4 Å for CaF2. After further investigations,
this cubic phase was identiﬁed as CaH2 (4.2 wt%). The crystal
structures and the lattice parameters of the detected phases in the
diffraction pattern in Fig. 2 are shown in Table 2. No other phases
or unexplained Bragg peaks were detected in the diffraction
pattern. That does, however, not fully exclude the presence of
small amounts of poorly scattering phases such as elemental
boron or lithium.
Solid solutions of CaH2"xFx in the cubic CaF2 crystal structure
with various concentrations of hydrogen have previously been
reported, ﬁrst by Brice et al. [63] and more recently in connection
with research on Ca(BH4)2 thermal decomposition [64,65]. Smith-
son et al. [66] have performed ab initio calculations that show that
at zero pressure, the formation energies for orthorhombic CaH2
and cubic CaH2 are very similar. Pinatel et al. [67] have recently
calculated the phase diagram of the CaH2"xFx solid solution and
found that the cubic and orthorhombic phases can coexist near
room temperature with very a low concentration of ﬂuoride.
Furthermore, Li et al. have detected a high-pressure phase of
CaH2 using in situ Raman scattering, which reportedly starts
forming at about 15.5 GPa and is thought to possess a higher
symmetry than orthorhombic CaH2 [68].
2.0 2.5 3.0 3.5 4.0 4.5 5.0
Q Å 1
c-CaH2
o-CaH2
α-Ca(BH4)2
o-LiBH4
Fig. 2. Synchrotron XRD data (from SNBL) and a Rietveld reﬁnement of a black-
colored part of a 0.875LiBH4þ0.125Ca(BH4)2 sample after it had been heat treated
up to a temperature of 100 1C during the impedance spectroscopy measurements.
The blue, solid line shows the measured data, the black, dashed line shows the
Rietveld reﬁnement of the data and the red, solid line on the bottom shows the
difference between the measured data and the reﬁnement. The Rietveld reﬁnement
reveals that the diffraction pattern consists of α-Ca(BH4)2, and orthorhombic LiBH4,
along with 3.6 wt% of orthorhombic CaH2 and 4.2 wt% of cubic CaH2 (in a CaF2
crystal structure). No other phases were detected. The tick marks below the
diffraction patterns show the locations of the diffraction peaks for the four phases
according to the Rietveld reﬁnement. (For interpretation of the references to color
in this ﬁgure caption, the reader is referred to the web version of this paper.)
Table 2
The crystal structures and the lattice parameters of the reﬁned structures in Fig. 2.
The lattice parameters of the LiBH4 and Ca(BH4)2 phases are very similar to those in
the reﬁnements shown in Fig. 1.
Phase Crystal structure a (Å) b (Å) c (Å)
o-LiBH4 Pnma 7.201 4.452 6.857
α-Ca(BH4)2 F2ddd 8.815 13.184 7.543
o-CaH2 Pnma 5.974 3.617 6.849
c-CaH2 Fm-3m 5.488 5.488 5.488
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To investigate the possibility of the formation of cubic CaH2
without any ﬂuoride content, the relative stability of the orthor-
hombic and the cubic CaH2 phases was calculated. The calculations
were performed for structures with and without a 1/8 density of
hydrogen vacancies. The charge state of the vacancies is likely to
be heavily dependent on the potential over the CaH2. Therefore,
the calculations were performed both for neutral vacancies and for
vacancies with a single negative elementary charge. For the
structures with no vacancies, orthorhombic CaH2 is found to be
more stable than cubic CaH2 by 0.23 eV. However, when the
hydrogen vacancies are introduced, cubic CaH2 is found to be
more stable than orthorhombic CaH2 by 0.02 eV for neutral
vacancies and 0.34 eV for charged vacancies. This indicates that
for structures with crystal defects, cubic CaH2 could form and
probably coexist with orthorhombic CaH2.The relative stability of
the two phases in the case of no defects and in the case of charged
vacancies are shown in Fig. 3.
Note that the particular density of vacancies used for the
calculations was simply chosen as a representative number and
is not based on experimental ﬁndings. The main goal of the
calculations was to see if the presence of vacancies would increase
the stability of the orthorhombic phase relative to the cubic phase.
The actual density of defects in the structure, if any, cannot be
determined using the experimental techniques presented here,
but could be measured using neutron diffraction as a part of
further studies on this subject.
In the light of these results, we consider it very likely that the local
environment in the powder, the heat treatment up to 100 1C and the
direct contact of the (1!x)LiBH4þxCa(BH4)2 sample with the lithium
electrodes facilitates the formation of both orthorhombic and cubic
CaH2 with hydrogen defects. Further research would be needed to
clarify the exact mechanism for such a formation. Note that it cannot
be fully excluded that trace amounts of ﬂuoride are present in this
phase, and that it is in fact a CaH2!xFx solid solutionwith a very small
ﬂuoride concentration. However, since the only source of ﬂuoride
would in this case be a TEFLON rig in the impedance spectroscopy
experimental setup, with which the sample was never in direct
contact, this is considered very unlikely. It can also not be excluded
that some of the detected CaH2 is indeed Ca1!xLixH2!x, since the
formation of the new phase takes place in close proximity with
the Li electrodes. No indications of this could, however, be found in
the Rietveld reﬁnement of the diffraction pattern in Fig. 2, and the
formation of such a phase is not expected as LiH2 and CaH2 do not
easily form a new compound, but rather form a eutectic mixture [69].
The two CaH2 phases detected in the diffraction pattern in Fig. 2
are expected to be a product of a reaction between some combination
of Ca(BH4)2, LiBH4 and/or Li. It must therefore be assumed that one or
more phases containing the corresponding amount of boron are
formed as well. No such phase is observed in the XRD data, and the
formation of CaB6 or some other phase containing the relatively
highly scattering calcium atom is therefore not expected. As already
mentioned, elemental boron would not necessarily be detectable in
the diffraction pattern, and could be present although no diffraction
peaks are assigned to it. Crystalline boron is black and could possibly
be responsible for the black color of the layers that form at the
interface between the composites and the lithium electrodes. Its
formation along with the formation of CaH2 cannot be fully excluded.
It must, however, be noted that elementary boron is considered very
difﬁcult to obtain, and is generally not observed as a reaction product
of thermal decomposition of borohydrides below temperatures
around 250 1C [70,71]. Therefore, we do not consider it very likely
that the majority of the boron atoms that become available during the
reaction that forms CaH2 go into the formation of elemental boron.
It is, on the other hand, considered very likely that diborane
(B2H6) gas is released along with the formation of CaH2. Diborane
is typically released during thermal decomposition of borohy-
drides below 250 1C [23,72,73], but dissociates at that temperature
[74]. It has proven difﬁcult to avoid its formation in research on
borohydrides for reversible hydrogen storage applications [71],
and was very likely formed during this work as well. Its formation
could not be observed with the experimental methods used in this
work, but this could be addressed using mass spectroscopy in
further studies on this topic. Although the reaction responsible for
the formation of CaH2 in this work does not necessarily involve
thermal decomposition of the borohydrides, we still consider it
very likely that diborane is released during the formation of CaH2.
To gain more information on the surface composition, chemical
bonds and morphology of the black-colored powder, XPS and SEM/
EDS measurements were performed. The XPS results (which are
included as supporting information) indicate that the only type of
chemical bonds in the sample that involves calcium are Ca–H
bonds. No Ca–F bonds were detected. This strongly suggests that
the two CaH2 phases are the only new calcium phases that have
been formed in the sample during the heat treatment, and that no
CaF2 or amorphous phases are present. The only chemical bonds of
boron detected in the XPS measurements were B–H bonds and
B–O bonds. A very small signal of the latter bond type was detected,
most likely originating from slight impurities in the sample. It should,
however, be noted that B–B bonds have a binding energy very similar
to B–H bonds, and a possible signal from boron bonds may therefore
be drowned out by the signal from hydrogen bonds.
Fig. 4 shows a SEM image of a black colored part of 0.875LiBH4þ
0.125Ca(BH4)2 powder after the heat treatment during the impe-
dance spectroscopy measurement. An additional SEM image is
included as supporting information. Elemental mapping of the
microscope image was performed using the EDS technique. The
bulk of the powder appears dark gray on the image and is found to
have a rather constant concentration of both calcium and boron.
These areas are expected to mainly consist of a physical mixture of
LiBH4 and Ca(BH4)2. The powder also contains small areas that
appear light gray and were found to be calcium-rich. These areas
are, however, not boron-rich, excluding the possibility that they
consist of Ca(BH4)2. The EDS instrument is unfortunately not
capable of detecting hydrogen, which is limiting for the conclu-
sions that can be drawn from the SEM/EDS measurements in this
study. But since the XPS results only indicate the presence of Ca–H
bonds and no other bonds involving calcium, it is reasonable to
assume that the calcium-rich areas in the SEM image are in fact
CaH2. It is of course also possible that these areas consist of pure
calcium, but after the heat treatment this is not considered very
likely. Although the EDS results are not strictly conclusive on their
own, they are in good agreement with the XRD and XPS data,
and strengthen the hypothesis that CaH2 is formed. With the
combined results from the calculations and from the XRD, XPS
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Fig. 3. The calculated stability of cubic CaH2 relative to orthorhombic CaH2 for
structures with no defects and for structures with a 1/8 (12.5%) density of hydrogen
vacancies. The cubic structure is found to be slightly more stable than the
orthorhombic structure with the introduction of the H vacancies.
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and EDS measurements, we thus conclude that the two CaH2
phases (orthorhombic and cubic) have been formed during the
heat treatment.
3.3. Conductivity
The conductivity of (1!x)LiBH4þxCa(BH4)2 was measured for
three mixing ratios, i.e. x¼{1/4, 1/2, 3/4}. Fig. 5 shows examples of
Nyquist plots obtained by impedance spectroscopy. All Nyquist
plots showed one arc (a slightly depressed semi-circle). The
explanation for this can be either that only one contribution to
the conduction is present, or that two or more arcs of concurrent
bulk and/or grain boundary contributions overlap completely in
the Nyquist plots. Unfortunately, it is not possible to separate
different contributions to the conductivity in such a case using
only impedance spectroscopy [75,76],.At the highest temperatures,
some of the Nyquist plots also showed a small tail at the low-
frequency end, which is attributed to the lithium electrodes.
As the Nyquist plots only show one arc, they were ﬁtted using
an (RQ) equivalent circuit model, i.e. a resistor and a constant
phase element (CPE) in parallel. The Nyquist plots containing a
low-frequency tail were ﬁtted using two such circuits in series.
The sample resistance R was taken to be the point of intersection
between the Z0 axis and the low-frequency end of the large arc.
The conductivity of the samples is given by
s¼ d
AR
ð1Þ
where R is the resistance obtained from the (RQ) ﬁt, d is the
thickness of the sample and A its area.
The ionic conductivities of the (1!x)LiBH4þxCa(BH4)2 samples
are shown in Fig. 6. The conductivity of pure LiBH4, both as-
received (non-milled) and ball-milled, is shown for comparison.
Attempts were made at measuring the conductivity of pure Ca
(BH4)2. This did, however, not succeed, most probably due to the
ionic conduction of Ca(BH4)2 being too poor for measurements
with this experimental setup (i.e. o10!9 S/cm).
The ionic conductivity of the samples is very sensitive to
defects in the crystal structure of the powders. The ball-milled
LiBH4 has a much higher conductivity (4.6&10!5 S/cm at 40 1C)
than the non-milled (as-received) sample (2.4&10!8 S/cm at
40 1C), although both samples are in the orthorhombic, poorly
conducting phase. This can be explained by the formation of
defects during the milling which may open new Liþ conduction
Fig. 4. A SEM image of a black-colored part of a 0.875LiBH4þ0.125Ca(BH4)2 sample
after heat treating it up to a temperature of 100 1C during the impedance spectro-
scopy measurements. Elemental mapping using EDS revealed that the bulk of the
powder is a physical mixture of LiBH4 and Ca(BH4)2, possibly along with some
elemental boron, while areas that appear light gray in the microscope were found
to be calcium-rich. The light gray particle in the middle of the image is
approximately 10 mm in diameter. The result of an elemental mapping line scan
is shown. A clear increase in calcium concentration is detected at the position of the
light gray area, but no increase in the concentration of boron (or any other element)
is detected. Note that the EDS equipment cannot detect hydrogen or lithium. Also
note that the colors of the SEM image do not represent the actual colors of the
sample, and that the light gray area in the Fig. may thus well be black in reality. (For
interpretation of the references to color in this ﬁgure caption, the reader is referred
to the web version of this paper.)
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Fig. 5. Examples of Nyquist plots obtained from impedance spectroscopy on
0.5LiBH4þ0.5Ca(BH4)2. The red squares are measured during heating, the blue
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(b) Measurements performed at 80 1C. The Nyquist plots mostly show only one
arc, but at the higher temperatures a small contribution from the electrodes is
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version of this paper.)
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Fig. 6. An Arrhenius plot of the ionic conductivity of the LiBH4þCa(BH4)2 mixtures.
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empty symbols denote measurements during cooling runs. The conductivity of the
composites is in all cases lower than that of the ball-milled LiBH4. Note that the
conductivity of the composite samples is in all cases higher during cooling than
during heating. This is most probably an artifact due to the formation of a defect-
rich, electronically conducting CaH2 phase at the electrode–electrolyte interfaces of
the pellets, but not due to an increase in the ionic conductivity of the samples.
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pathways[33]. As the sample is only heated up to 100 1C, and not
above the LiBH4 phase transition temperature of approximately
110 1C, the defects are not mended by the heat treatment and the
conductivity of the ball-milled LiBH4 remains similar during
cooling.
The (1!x)LiBH4þxCa(BH4)2 pellets consisted of as-milled pow-
ders. The 3/4LiBH4þ1/4Ca(BH4)2 sample has the highest conductivity
of the measured composites, or 8.8#10!6 S/cm at 40 1C. A compar-
ison of the phase compositions shown in Fig. 1 with the conductivities
of the composite samples shown in Fig. 6 indicates that the presence
of α-Ca(BH4)2 grain boundaries might be slightly more favorable for
the conductivity than the presence of γ-Ca(BH4)2 grain boundaries.
The ionic conductivity of all the composite samples is, however, in the
range of 0.001–0.01 mS/cm, and thus considerably lower than the
aforementioned conductivity target of 1 mS/cm. This is probably too
low for application as a bulk electrolyte in working battery cells.
However, at 100 1C the 3/4 LiBH4þ1/4Ca(BH4)2 sample reaches a
conductivity of 1 mS/cm, which might be of interest in battery
applications at elevated temperatures.
The fact that the Nyquist plots (see Fig. 5) only show one arc
that can be related to bulk and/or grain boundary conduction
strongly suggests that Liþ is the only charge carrier in the
composite, i.e. that the contribution of Ca2þ to the conduction is
negligible, This hypothesis is further strengthened by the observa-
tion that the conductivities of the (1!x)LiBH4þxCa(BH4)2 samples
are only slightly lower than that of ball-milled pure LiBH4 (see
Fig. 6) while the ionic conduction of pure Ca(BH4)2 is very poor.
The presence of Ca2þ vacancies in α-Ca(BH4)2 (which is
indicated by the Rietveld reﬁnement of the synchrotron data, see
Table 1) could indicate that some Ca2þ substitute into LiBH4, or
that they form a grain boundary interface of Ca2þ . The formation
of such an interface could enhance the ionic conduction in the
LiBH4–Ca(BH4)2 composite. The difference in the activation ener-
gies, which are derived from the slope of the Arrhenius plots,
could also be an indication that the conduction mechanisms differ
slightly between the pure LiBH4 and the composites. The activa-
tion energy of the ball-milled LiBH4 is found to be around 0.55 eV
while the activation energies of the composites are found to be
approximately 0.8 eV in all cases. Further work using other
experimental techniques would be needed to determine which
conductive species contribute to the ionic conductivity of the
(1!x)LiBH4þxCa(BH4)2 composite.
In the impedance spectroscopy measurements, the conductiv-
ity of the composites is in all cases found to be higher during
cooling runs (see Fig. 6), i.e. after the samples have been heated to
100 1C in the impedance spectroscopy setup and the black powder
discussed in Section 3.2 has formed. If one or both of the CaH2
phases were electronically conducting, so that the resistivity of the
layers in which they form were negligible compared to the
resistivity of the (1!x)LiBH4þxCa(BH4)2 composites, the contri-
bution of the CaH2 containing layers would not be visible in the
impedance spectroscopy measurements. This also holds true if
elemental boron is formed, as boron has an electronic conductivity
of 0.1 mS/cm at room temperature, which is almost 2 orders of
magnitude higher than the composite samples. Furthermore, since
the thickness of the pelletized samples is used to estimate the
conductivity of the composites (see Eq. (1)), the formation of such
electronically conducting layers would result in a reduction of the
effective thickness of the sample that can be related to the ionic
conduction. Consequently, the measured pellet thickness d would
no longer have the right value for Eq. (1) and the ionic conductiv-
ity swould be overestimated. With a continuing formation of such
electronically conducting layers in the electrolyte, the pellet would
eventually short circuit.
To investigate if this could be the case, and if the increased
conductivity of the black layer could originate from the formation
of CaH2, the density of electronic states for the two CaH2 phases
was calculated. The density of electronic states of cubic CaH2, as
obtained from calculations with the PBE exchange correlation
functional, is shown in Fig. 7. In the case of cubic CaH2, the
calculations were performed with no crystal defects and with a 1/8
density of hydrogen vacancies. The band gap of orthorhombic
CaH2 was calculated to be 5.84 eV, which is in good agreement
with published experimental work [77]. The band gap of defect-
free, cubic CaH2 was calculated to be 2.26 eV, which makes it a
semi-conductor. This value is also not far off the result of Weaver
et al. [77] who calculated the band structure of a ‘hypothetical’
CaH2 phase with a cubic CaF2 structure but a slightly smaller
lattice parameter. Furthermore, cubic CaH2 with 1/8 density of
hydrogen vacancies has electronic states that reach below the
Fermi level and is therefore electronically conducting, according to
the calculations. This is the case both for charged (shown in Fig. 7)
and charge neutral vacancies. This could explain the increase in
conduction of the samples that takes place upon the formation of
CaH2. Calculations of the band gap of cubic CaH2!xFx in various
mixing ratios are included as Supporting Information.
The total thickness of the two black layers in each pellet was, in
most cases, estimated to be around 50% of the pellet’s total
thickness. Assuming that these layers are electronically conducting
(with an electronic conduction that is much higher than the ionic
conduction of the samples), one would expect the measured
conductivity to double compared to the original pellet. A compar-
ison of the conductivity values of the composite samples near
room temperature before and after the heat treatment shows that
this estimate is not far off. As an example, the conductivity of
0.75LiBH4þ0.25Ca(BH4)2 at 35 1C is measured at 6.4#10!6 S/cm
before the heat treatment and 1.21#10!5 S/cm after the heat
treatment, which is an increase by a factor of 1.9. If a thicker
conducting layer were to be formed in the cell, or if the cells had a
thinner layer of electrolyte to begin with, this effect would pose a
serious risk of an internal short circuit in the cell.
The conclusion is therefore, that the measured conductivity
after the heat treatment is always higher than prior to the heat
treatment because of the unwanted formation of electronically
conducting cubic CaH2 with hydrogen defects near the lithium
electrodes of the pelletized samples, along with the possible
formation of elemental boron. Further research is needed and to
clarify if elemental boron is formed or not and if its possible
presence also contributes to the increased conductivity of the
samples. This artifact, which arises due to a low chemical stability
of the composites, poses a serious risk that the pelletized samples
would eventually short-circuit with continued formation of the
conducting layer. This observation is not encouraging for the idea
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Fig. 7. The calculated density of states of CaH2 in the cubic CaF2 crystal structure. EF
denotes the Fermi energy of the system. The results are shown for a structure
without vacancies (blue, dashed lines), and for a structure with 1/8 density of
hydrogen vacancies (red, solid lines). In the structure containing vacancies, there
are states that extend below the Fermi level, which suggests that the phase is
electronically conducting. (For interpretation of the references to color in this ﬁgure
caption, the reader is referred to the web version of this paper.)
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of developing working battery cells containing the composite, but
could nonetheless be of fundamental scientiﬁc interest. This
ﬁnding furthermore highlights a serious general issue, namely
that a slow formation of an electronically conducting layer in any
solid electrolyte might eventually lead to a short-circuit. The
chemical stability of any potential solid electrolyte material must
therefore be investigated thoroughly before its introduction in
commercial battery cells.
4. Summary and outlook
The (1!x)LiBH4þxCa(BH4)2 composite forms a physical mix-
ture of three phases, as measured with synchrotron X-ray diffrac-
tion; α-Ca(BH4)2, γ-Ca(BH4)2 and orthorhombic LiBH4. The
formation of a solid solution is not observed. Rietveld reﬁnement
of the diffraction patterns reveals that the relative fractions of the
two Ca(BH4)2 phases changes considerably with LiBH4 content,
and γ-Ca(BH4)2 is found to be the dominant phase for xZ0.5. No
β-Ca(BH4)2 is observed in the composite samples, although a third
of the precursor Ca(BH4)2 powder had that crystal structure.
Instead, a considerable fraction of the powder takes on the α-Ca
(BH4)2 structure when small amounts LiBH4 are added.
The formation of small amounts of two different phases of CaH2
is observed upon heat treatment up to 100 1C during the impe-
dance spectroscopy measurements. These are CaH2 in its regular
orthorhombic (Pnma) crystal structure and CaH2 in a cubic
(Fm-3m) CaF2-type crystals structure. This result from the Rietveld
reﬁnement of synchrotron X-ray data is further supported by XPS
and SEM/EDS data. The possibility of the formation of elemental
boron is not excluded, and further research is needed to clarify
that. The relative stability of CaH2 was calculated for both phases.
The results indicate that cubic and orthorhombic CaH2 with a 1/8
density of hydrogen defects are approximately equally stable,
supporting the observed coexistence of the two phases.
As no hexagonal LiBH4 was observed in the composites, the
ionic conductivity of (1!x)LiBH4þxCa(BH4)2 is not as high as for
example that of the LiBH4þLiI solid solution [24]. Defects induced
by ball milling do, however, increase the ionic conduction of
orthorhombic LiBH4 considerably (4.6#10!5 S/cm at 40 1C). The
ionic conduction of (1!x)LiBH4þxCa(BH4)2 is, for all measured
values of x, lower than that of the ball-milled LiBH4. The
0.75LiBH4þ0.25Ca(BH4)2 mixture has the best conductivity of
the composites; 8.8#10!6 S/cm at 40 1C and 1 mS/cm at 100 1C.
Near room temperature, this is considerably lower than the
conductivity target of 1 mS/cm, which is often mentioned as the
minimum conductivity required for an electrolyte in a consumer
battery. The composite, might, however, be of potential interest for
battery applications at elevated temperatures.
It is not clear if lithium ions are the only charge carrier in the
composites, or if calcium ions also participate in the conduction.
The single-arc Nyquist plots and the slightly lower conductivity
than ball-milled LiBH4 suggest that Liþ is the only charge carrier.
However, the difference in the activation energy of the conduction
between LiBH4 and the composites indicates that the systems do
not share the exact same conduction mechanism. Further work
would be needed to clarify this.
The results of electronic band structure calculations for orthor-
hombic and cubic CaH2, with and without hydrogen defects,
indicate that the cubic structure with defects is electronically
conducting. Elemental boron, if present, is also electronically
conducting. This most probably explains the high conductivity
observed for the heat-treated composites. The formation of an
electronically conducting layer within the electrolyte in the cells is
an unwanted artifact in the conductivity measurements, which
increases the risk of short-circuiting in the cells. This ﬁnding
reveals a more general issue that could be detrimental to other
solid electrolytes and is thus of interest for further studies.
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Figure S1 The XPS results for calcium and boron. The chemical bonds corresponding to the measured 
peaks are marked in the figure. Boron is almost exclusively found to have hydrogen bonds, although a 
small amount of oxygen bonds (related to impurities in the sample) is observed. Due to the low 
concentration of calcium atoms on the surface of the sample, it is more difficult to analyze the results 
for Ca. The calcium is detected by looking at the p orbital, and due to spin-orbital coupling two peaks 
are observed for each type of bonds for calcium atoms. The two low intensity peaks between 355 eV 
and 360 eV do not denote chemical bonds, but originate from plasmon interactions. The two larger 
peaks between 345 eV and 355 eV represent one type of bond; Ca-H or Ca-OH bonds. Since the 
powder is expected to contain Ca-H bonds but no Ca-OH bonds, and since the XRD and EDS results 
do not suggest that Ca-OH bonds are present, we conclude that these two peaks correspond to Ca-H 
bonds. No other chemical bonds involving calcium are detected. 
 !
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Figure S2 A SEM image of the a black-colored part of a 0.875LiBH4+0.125Ca(BH4)2 sample after 
heat treating it up to a temperature of 100°C during the impedance spectroscopy measurements. 
Elemental mapping using EDS has been carried out within the area of the orange rectangle. Note that 
the EDS technique does not detect hydrogen or lithium. The bulk of the powder consists of LiBH4 and 
Ca(BH4)2, as indicated by the rather homogeneous distribution of B and Ca in the image. The pink, 
calcium rich spots in the middle of the figure do, however, not contain any boron. Using the XRD and 
XPS results, it can be concluded that these areas consist of CaH2. !
!
 
Figure S3 The calculated band gap for different mixing ratios of the CaH2-xFx solid solution in the 
cubic (Fm-3m) CaF2 crystal structure. The cell used for the calculations did not include 
hydrogen vacancies or any other crystal defects. The dashed line shows the calculated band 
gap of orthorhombic (Pnma) CaH2, for comparison. The band gap of the cubic CaH2-xFx is 
found to decrease with increasing CaH2 concentration and reaches a minimum value of 2.26 
eV for pure cubic CaH2. This is considerably lower than the band gap of orthorhombic CaH2, 
which was calculated to be 5.84 eV. 
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The LiBH4-LiI Solid Solution as an Electrolyte in
an All-Solid-State Battery
Dadi Sveinbjo¨rnsson, Ane Sælland Christiansen,∗ Rasmus Viskinde, Poul Norby,
and Tejs Vegge∗∗,z
Department of Energy Conversion and Storage, Technical University of Denmark, 4000 Roskilde, Denmark
The charge and discharge performance of an all-solid-state lithium battery with the LiBH4-LiI solid solution as an electrolyte is
reported. Lithium titanate (Li4Ti5O12) was used as the positive electrode and lithium metal as the negative electrode. The performance
of the all-solid-state cell is compared with a cell with an identical electrode setup but a liquid electrolyte (1 M LiPF6 in EC:DMC).
All measurements were carried out at a temperature of 60◦C. For the all-solid-state cells, 81% of the theoretical discharge capacity
is reached for a discharge rate of 10 µA, but a capacity fade of 1.6% per charge-discharge cycle is observed. The electrochemical
stability of the LiBH4-LiI solid solution was investigated using cyclic voltammetry and is found to be limited to 3 V. The impedance
of the battery cells was measured using impedance spectroscopy. A strong correlation is found between the change in the discharge
capacity of the cells and changes in the cell impedance over 200 charge-discharge cycles. This is expectedly due to the possible
formation of passivating areas in the cell and/or loss of contact area between the electrolyte and the electrodes.
© 2014 The Electrochemical Society. [DOI: 10.1149/2.1061409jes] All rights reserved.
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Lithium based batteries play an important role in modern society.
Not only are they dominant in the portable electronics sector, but have
also made their way into applications in larger systems, e.g. in the
transportation sector and load balancing of the electric grid. However,
for such applications, further research on lithium batteries is needed,
especially with regard to energy density, safety, charge-discharge cy-
cle life-time and price. Current lithium batteries have organic liquid or
gel electrolytes, which are flammable. Furthermore, liquid electrolytes
allow for the formation of dendrites at the electrode-electrolyte inter-
face, which can grow into the electrolyte area and thereby increase
the risk of short-circuit in the cell. It is widely acknowledged that
replacing the organic liquid or gel electrolytes with solid-state elec-
trolytes could enhance the safety and the energy density of the bat-
teries and improve the cycle life-time by reducing the formation of
dendrites.1–3
The main attractive property of liquid and gel electrolytes is
their high Li+ conductivity (e.g. 12 mS−1 for 1 M LiPF6 in EC-
DMC at 27◦C).4 It has proven challenging to design suitable solid-
state electrolyte materials with sufficient chemical and electrochem-
ical stability as well as high Li+ conductivity and negligible elec-
tronic conductivity.5 Many crystalline solid-state Li+ conductors are
known, such as Li3N,6 perovskite type oxides (e.g. lithium lanthanum
titanate),7–9 garnet type structures (e.g. Li6BaLa2Ta2O12),10 NASI-
CON type structures,11,12 LISICON type structures.13 However, these
materials all have shortcomings such as too low decomposition volt-
age (Li3N), instability toward contact with lithium metal (lithium
lanthanum titanates (LLTO) and NASICON) or too high electronic
conductivity (LLTO).14 The only solid electrolyte material that has
been reported to match the Li+ conductivity of the currently used
liquid electrolytes is the relatively recently discovered Li10GeP2S12
with a Li+ conductivity of 12 mS cm−1 at 27◦C.15 A Li+ conductivity
of at least 1 mS cm−1 is often cited as the minimum conductivity an
electrolyte with a thickness on the order of 1 mm should have for
practical applications in consumer batteries.16,17 Further search for
crystalline solid electrolyte materials with such high Li+ conductiv-
ity is both practically and fundamentally relevant for lithium battery
research.
Lithium borohydride has been extensively investigated as a hy-
drogen storage material.18–25 It is lightweight (0.666 g cm−3) and has
an orthorhombic (Pnma) crystal structure at room temperature.26 In
this crystal structure, LiBH4 is a poor Li+ conductor (approximately
10−8 S cm−1 at 30◦C). However, at around 110◦C, a reversible struc-
tural transition to a hexagonal structure (P63mc) occurs, rendering
LiBH4 highly Li+ conducting (approximately 1 mS cm−1 at 120◦C),
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as first reported by Matsuo et al.27 This discovery has caused LiBH4 to
gain significant attention in recent years as a potential crystalline solid
electrolyte for lithium batteries.28,29 LiBH4 is an electrical insulator
in both crystal structures, with a bandgap of approximately 6.7 eV
according to calculations.30,31 Furthermore, it has been shown to be
electrochemically stable up to 5 V.32
The hexagonal, highly Li+ conducting phase of LiBH4 can be sta-
bilized at room temperature by the addition of lithium halides (LiI,
LiBr and LiCl), with LiI addition yielding the highest Li+ conduction,
as reported by Maekawa et al.33,34 LiI and LiBH4 form a homogeneous
solid solution that takes on the highly Li+ conducting hexagonal crys-
tal structure of LiBH4. For a LiI addition of >12.5 molar percentage,
only hexagonal LiBH4 and no orthorhombic LiBH4 is detected at
room temperature, as measured by X-ray diffraction.35 The addition
of LiI mainly serves the purpose of stabilizing the hexagonal structure
of LiBH4 at room temperature, but its presence in the hexagonal struc-
ture of LiBH4 also raises the Li+ conductivity of the solid solution
above that of pure hexagonal LiBH4.35 Studies on the structure, hydro-
gen storage properties and Li+ conduction properties of the LiBH4-LiI
solid solution have recently been published.35–38 Quasi-elastic neutron
scattering studies on the rotations of the borohydride groups and on
the Li+ conduction mechanism have also been published.39,40 Further-
more, a recent publication by Unemoto et al. provides an excellent
overview of complex hydrides as solid electrolyte materials.41
An all-solid-state battery with LiBH4 as an electrolyte has recently
been reported by Takahashi et al.42,43 There, lithium is used as a neg-
ative electrode and Li3PO4-coated LiCoO2 as a positive electrode.
However, as the hexagonal structure of pure LiBH4 is only stable above
110◦C, all measurements in their work were carried out at 120◦C. By
adding LiI, the hexagonal, highly Li+ conducting phase of LiBH4
is stabilized at temperatures below room temperature. Conductivity
values close to 1 mS cm−1 are reached at 60◦C, as measured using
impedance spectroscopy on a cylindrical pellet with lithium metal
electrodes.35 This is not far from desired operating temperatures for
batteries in various applications. In the present work we report on an
all-solid-state battery with LiBH4-LiI as an electrolyte. Lithium metal
is used as the negative electrode and spinel Li4Ti5O12 (LTO) is used
as the positive electrode. LTO has a theoretical capacity of 175 mAh/g
and a flat Li+ intercalation plateau at around 1.56 V vs. Li+/Li.
LTO has the advantage that it exhibits no volume change during Li+
intercalation,44 which makes it well suited as electrode material in
an all-solid-state battery. All measurements were carried out at 60◦C.
The aim of this work is to investigate the performance of the LiBH4-
LiI solid solution in working battery cells, as well as to provide an
understanding of some of the benefits, challenges and limitations of
this solid electrolyte material. This knowledge will hopefully be ben-
eficial for further understanding and optimization of the electrolyte
properties of this class of solid Li+ electrolytes.
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Experimental
Sample preparation.— The positive electrodes were made by coat-
ing a mixture of 80 wt% Li4Ti5O12 (Sigma-Aldrich Co.), 10 wt% Su-
per C65 (Timcal), and 10 wt% polyvinylidene fluoride in N-Methyl-
2-pyrrolidone (NMP) on aluminum foil. The electrodes were dried at
80◦C in air, followed by compression in a roll press, and then punched
into discs of 10 mm in diameter. Afterwards the cathodes were trans-
ferred to an argon filled glove box and dried in a vacuum oven at 80◦C
overnight. The electrodes had a layer thickness of 3 µm and an active
particle load of 0.5 mg cm−2.
The solid electrolytes, (1–x)LiBH4-xLiI solid solutions, were syn-
thesized using LiBH4 powder (purity 95%) and LiI beads (Alfa Aesar
Co., purity 99%). All samples in this work contained solid solutions
with x= 3/16 (18.75% LiI molar content), except the sample used for
the cyclic voltammetry measurement in which x= 1/4 (25% LiI molar
content). The synthesis was performed with a Fritsch Pulverisette P6
planetary ball mill. During each milling, a stainless steel vial with an
inner volume of 250 ml was rotated at 650 rpm for 2 hours. 2.0 g of
precursor powder were inserted into the vial along with 25 tungsten
carbide balls, resulting in a sample to ball mass ratio of 1/200. The
loading of the vial and the milling of the powder took place under Ar
atmosphere.
The negative electrodes consisted of 0.38 mm thick lithium
foil (Sigma Aldrich Co., purity 99.9%). Any oxidized layers were
scratched off the lithium foil before punching it in discs with 10 mm
in diameter and a mass of approximately 10 mg.
Cells containing a liquid electrolyte were assembled for compari-
son with the all-solid-state cells. In these cells, the positive and nega-
tive electrodes were the same as in the cells described above. However,
instead of the LiBH4-LiI solid solution, a porous glass fiber membrane
filled with 1 M LiPF6 in EC:DMC (1:1, vol., Merck & Co). was used
as an electrolyte.
Cell assembly.— The all-solid-state battery cells were assembled
inside a cylindrical polyetheretherketone (PEEK) die containing a
cylindrical hole with a diameter of 10 mm. A stainless steel piston
was inserted at the bottom of the mould. The components of the
battery cell were stacked on top of the piston; first a 10 mm lithium
disc, then 50 mg of the LiBH4-LiI solid solution and finally a disc of
LTO deposited on aluminum foil. A second steel piston was inserted
into the top of the mould before pressing the cell at approximately
1 ton cm−2. Pieces of hard rubber were used as padding on both sides
between the steel pistons and the press to prevent short-circuiting of
the battery cells while pressing. The cell assembly was carried out
under Ar atmosphere, but after pressing, the cells were sealed tightly
in the mould to allow for atmospheric measurements. The porosity of
the LiBH4-LiI solid solution after pressing the powder was estimated
to be around 0.5. The porosity was calculated as ! = 1 – ρpellet / ρth,
where ρpellet is the measured density of the pelletized powder and ρth is
the theoretical density of the electrolyte material. The thickness of the
electrolyte was approximately 1.2 mm. These cells will be referred to
as LTO | LiBH4-LiI | Li cells in the following discussion.
Cells containing a steel electrode instead of the positive electrodes
were assembled for electrochemical testing of the electrolyte. In these
cells, one lithium electrode, 50 mg of (1–x)LiBH4-xLiI powder and
a stainless steel disc of 10 mm in diameter were pressed in the same
manner as described above. These cells were used for investigating
lithium transfer through the electrolyte, and for estimating the elec-
trochemical stability of the electrolyte. We will refer to these cells as
Steel | LiBH4-LiI | Li.
The battery cells containing a liquid electrolyte were assembled
under Ar atmosphere, and strips of copper and aluminum foil were
placed on opposite sides of the cell as current collectors. The cells
were sealed in polymer-coated aluminum laminate cells (pouch bag
cells), using a vacuum sealer. We will refer to these cells as LTO |
LiPF6 | Li.
X-ray diffraction.— After ball milling, the LiBH4-LiI samples
were characterized using a Cu Kα Bruker D8 diffractometer with
a Bragg-Brentano geometry and a Lynx-Eye detector. The instrument
was operating at 40 kV and 40 mA. All X-ray diffraction (XRD)
measurements were carried out at room temperature and under Ar at-
mosphere, using an airtight polyethylene sample holder from Bruker
Co. The exposure time was 3 s/step with a step size of 0.02◦.
Electrochemical measurements.— Charge and discharge measure-
ments on the LTO | LiBH4-LiI | Li cells and the LTO | LiPF6 | Li cells
were performed with a Biologic VMP3 multichannel potentiostat.
The charge-discharge measurements of the LTO | LiBH4-LiI | Li cells
were performed at a temperature of 60◦C, but the measurements of
the LTO | LiPF6 | Li were carried out at room temperature. The all-
solid-state cells were under a mechanical load of 1.2 MPa during the
measurements. The cells were charged and discharged with a constant
current I (galvanostatic). An array of current values was tried, with I ∈
{2 µA, 5 µA, 10 µA, 20 µA}. The open circuit voltage (OCV) of
LTO against lithium is approximately 1.56 V. The cells were charged
and discharged until reaching a voltage limit, which was set at 2.6 V
or 3.0 V for charge and 1.0 V for discharge. The cells are assembled
in the charged state, and upon discharge the following reaction occurs
from left to right at the LTO electrode:
Li4Ti5O12 + 3Li+ + 3e− ↔ Li7Ti5O12 [1]
Upon charge, the reaction takes place from right to left.
AC electrochemical impedance spectroscopy (EIS) measurements
were performed after each charge and discharge of the battery cells
using the Biologic VMP3 potentiostat. The measurements were per-
formed under near-equilibrium conditions, i.e. after resting the cell in
open circuit mode for at least 10 minutes prior to the EIS measure-
ments. The frequency range of the impedance measurements was set
from 1 Hz to 300 kHz. In order to decrease noise in the resulting data,
each data point is an average value of five consecutive measurements.
The temperature during the impedance spectroscopy measurements
was the same as during the charge-discharge measurements for each
cell.
The resistance R to Li+ conduction in the solid electrolyte can be
estimated from the results of the impedance spectroscopy measure-
ments. Furthermore, the conductivity σ of the electrolyte is related to
the resistance as
σ = d
R A
, [2]
where d is the thickness of the electrolyte and A is the area.
The coulombic efficiency ηC of a battery charge and discharge
cycle, used in section “Charge and discharge of cells with a LiBH4-
LiI electrolyte,” is defined as the ratio of the charge transfer during
the discharge run i to the charge transfer during the preceding charge
run, i.e.
ηC = Qdischarge(i)Qcharge(i − 1) . [3]
The Pearson product-moment correlation coefficient ρx,y is used in
section “Impedance of cells with a LiBH4-LiI electrolyte” to evaluate
the correlation of the electrolyte resistance R in the discharged state
and the discharge capacity c. It is a measure of the linear correlation
of two variables x and y. The coefficient is defined as
ρx,y = cov(x, y)
σxσy
, [4]
i.e. the covariance of the two variables divided by the product of their
standard deviations.45 It takes on values ranging from−1 to 1, where 1
denotes full positive linear correlation,−1 denotes full negative linear
correlation and 0 means no correlation.
Cyclic voltammetry measurements were performed on a Steel |
LiBH4-LiI | Li cell using a Princeton PARSTAT 2773 potentiostat. A
scan rate of 1 mV/s was used. The voltage was cycled three times
from 0 V to 2V, then three times from 0 V to 3 V, another three times
from 0 V to 4 V and a final three times from 0 V to 5 V.
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A galvanostatic electric signal was applied to a Steel | LiBH4-LiI| Li cell to estimate the amount of Li+ that could be deposited on
the surface of the steel electrode (lithium plating), in order to get an
idea of which process limits the discharge capacity of the all-solid-
state batteries. A Princeton PARSTAT 2773 potentiostat was used for
running a constant current of −10 µA through the cell.
Results and Discussion
Crystal structure.— A powder X-ray diffraction pattern of the
13/16LiBH4 + 3/16LiI solid solution used for the all-solid-state bat-
tery cells is shown in Figure 1. The observed diffraction peaks all
correspond to the crystal structure of hexagonal LiBH4, and no diffrac-
tion peaks from LiI or orthorhombic LiBH4 are detected. As seen in
Figure 1, the peaks in the diffraction pattern are rather broad. This
broadening effect has been found to be dominated by strain broad-
ening after the ball milling, although the small crystallite size also
contributes to the broadening.35
Cyclic voltammetry.— As mentioned in section 1, LiBH4 has been
shown to be electrochemically stable up to voltages of 5 V.32 In order
to investigate the electrochemical stability of the LiBH4-LiI solid so-
lution, cyclic voltammetry measurements were performed on a Steel |
LiBH4-LiI | Li cell containing 3/4LiBH4 + 1/4 LiI. The results of the
measurements are shown in Figure 2. Almost no current is drawn in
the voltage range of 0–2 V, indicating that the electrolyte is stable in
this range. No increase in current flow was observed in the range of
0–3 V until toward the end of the third (and last) cycle in that range,
during which a small increase in the current flow was observed. This
indicates that the electrolyte may be unstable under prolonged ex-
posure to voltages close to 3 V. In the voltage ranges of 0–4 V and
0–5 V, a considerable current flows. During the measurement from
0–5 V, a total charge of 9.1*10−3 C is found to accumulate in the sys-
tem. In the measurement from 0–5 V, the observed current decreases
with each cycle, indicating that a passivating process takes place.
To see if a charge accumulation of this magnitude can be explained
solely by a capacitive behavior of the system, this number can be
compared to the expected charge accumulation in a simple parallel
plate capacitor with LiBH4-LiI as a dielectric. In such a capacitor, the
Figure 1 A powder X-ray diffraction pattern of a 13/16LiBH4+ 3/16LiI solid
solution (18.75% LiI molar content). The tick marks below the diffraction
pattern show the locations of the Bragg reflections of orthorhombic LiBH4
(LT) and hexagonal LiBH4 (HT).26 Only the hexagonal phase is detected, and
no diffraction peaks corresponding to orthogonal LiBH4 or to LiI are detected.
The large, broad bump centered at around 20◦ is due to the polyethylene sample
holder.
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Figure 2 The results of a cyclic voltammetry measurement on a 3/4LiBH4
+ 1/4LiI solid solution. A scan rate of 1 mV s−1 was used. The open circuit
voltage of the cell at the start of the measurement was 1.12 V. Each graph
shows three consecutive measurement cycles. The first cycle is shown with
a solid, blue line, the second cycle is shown with a purple, dashed line and
the third cycle is shown with a dashed, red line. Very low current values are
observed when potentials up to 3 V are applied. However, when potentials up
to 4 V and 5 V are applied, a larger current flows, indicating electrolysis of the
solid solution. It is considered most likely that this corresponds to an extraction
of iodine from the electrolyte.
capacitance is
C = Q
U
= Aε0εr
d
, [5]
where U is the voltage between the plates, A is the area of each plate
and d is the thickness of the dielectric. The constant ε0 is the vacuum
permittivity and εr is the relative permittivity of LiBH4-LiI, which is
estimated to be on the order of 10.30 For a voltage of 5 V, the capacitive
charge accumulation Q in the system is found to be on the order of
10−11 C using Eq. 4. It is thus clear that the charge accumulation
cannot be explained by capacitive effects only. It is therefore expected
that the charge accumulation during the measurements up to 4 V
and 5 V occurs because of a decomposition of the electrolyte. Since
pure LiBH4 is electrochemically stable across a wider voltage range,
it is most likely that it is iodine that begins to be drawn out of the
solid solution already at a voltage of 3 V. It therefore seems that the
operating voltage of batteries with LiBH4-LiI as an electrolyte must
be constrained to voltages smaller than 3 V.
We have also assembled all-solid-state batteries with LiFePO4 as
a positive electrode instead of LTO. Such cells have an open circuit
voltage (OCV) of approximately 3.3 V. These cells did not accept
charging, and after trying to charge, the OCV dropped to around 2 V.
However, a short plateau at around 3.5 V was observed during the
attempts to charge the cells. Interestingly, the standard hydrogen elec-
trode potential for I2 (s) + 2e− ⇔ 2I− is 0.54 V, and for Li+ + e−
⇔ Li(s) the standard potential is −3.04 V. This suggests that extrac-
tion of iodine from the electrolyte takes place close to a voltage of
3.5 V, which has also been reported to occur in similar systems.46,47
These observations on the LiFePO4 cells strengthen our conclusion
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Figure 3 The first seven discharge/charge cycles of a LTO | LiPF6 | Li battery
cell. The measurement was performed at room temperature with a constant
current of 10 µA (i.e. a current density of 12.7 µA cm−2). The inset shows the
development of the discharge capacity with increasing discharge cycle number.
The discharge capacity and the overvoltage do not change significantly during
the first seven cycles.
that operating voltages above 3 V should be avoided in cells containing
LiBH4-LiI.
A cell with a liquid electrolyte.— Cells containing a liquid elec-
trolyte were measured for comparison with the all-solid-state cells.
Figure 3 shows the results of the first seven discharge and charge cy-
cles of a battery cell containing a liquid electrolyte. The LTO | LiPF6| Li cells have a discharge capacity corresponding to approximately
82% of the theoretical capacity and retain this capacity over the first
seven cycles, at least. The cells have an open circuit voltage (OCV)
of 1.56 V. Both the charge and the discharge curves are very flat. The
overvoltage is very low, or on the order of 10 mV. This overvoltage
can, at least partly, be explained by noting that Li7Ti5O12 has a slightly
lower conductivity that Li4Ti5O12.48 The resistance of the cells is very
low compared to the all-solid-state cells, or in the range of 10–100!.
The charge and discharge curves are highly reproducible, with only
very small changes in capacity and overvoltage over the seven cycles.
The excellent charge and discharge properties of this cell show that
the experimental methods and the preparation of the LTO electrode
work as expected, and provide a good reference point for the results
on the all-solid-state cells presented in next section.
Charge and discharge of cells with a LiBH4-LiI electrolyte.— The
charge and discharge curves for the first ten cycles of a LTO | LiBH4-
LiI | Li cell are shown in Figure 4. During the second discharge, the
cell has a discharge capacity of around 142 mAh g−1, corresponding
to 81% of its theoretical discharge capacity. This is similar to the
discharge capacity of the LTO | LiPF6 | Li cells. The performance of
the all-solid-state cell does, however, differ considerably from the cell
containing a liquid electrolyte (see Figure 3) in that it has a larger
overvoltage, the curves have a steeper slope and a higher loss of
capacity is observed with cycling. An average discharge capacity loss
of 1.6% per cycle was observed for an all-solid-state cell that was
charged and discharged 200 times. Charge and discharge curves for
that measurement are provided as supporting information.
One likely reason for the differences between the two cell types
is that in the LTO | LiPF6 | Li cell, the electrodes are soaked in the
liquid electrolyte, but in an all-solid-state cell the electrodes have
relatively well defined interfaces with the solid electrolyte. This most
likely causes contact issues that would increase the resistance to Li+
transport in the all-solid-state cell, which in turn may reduce the charge
and discharge performance of the cell.
As shown in Figure 4, the first discharge exhibits a much larger
capacity than the successive discharge runs, and even greatly surpasses
Figure 4 The first ten discharge and charge curves for a LTO | LiBH4-LiI |
Li battery cell. The measurements were performed at 60◦C with a constant
current of 10 µA (i.e. a current density of 12.7 µA cm−2). During the first
two charge runs, the upper voltage limit was set to 3.0 V, but was changed
to 2.6 V for the remaining runs. The lower voltage limit was set to 1.0 V for
all runs. A significant overvoltage and slope are observed, especially during
discharge. The first discharge curve is much longer than the subsequent ones
and continues until a capacity of 277 mAh g−1 is reached. The gray, dashed
curve serves as a guide to the eye and shows how the first discharge curve
would lie if it were translated to the left by 90 mAh g−1 so that it starts from
approximately 1.54 V. The vertical, dashed line at 175 mAh g−1 indicates the
theoretical Li+ intercalation capacity of the LTO positive electrode. The inset
shows how the capacity, expressed as a percentage of the theoretical capacity,
decreases with every discharge cycle, starting from the second discharge.
the theoretical discharge capacity of the cell, which is 175 mAh/g. The
presence of three distinct regions in the first discharge curve can be
noted by observing the changes in its slope and shape. The first part
of the curve lies above the expected open circuit voltage of the cell,
and is therefore not expected to correspond to the intercalation of Li+
in LTO, but rather to other electrochemical reactions or formation of
interface layers in the cell. The curve has an almost constant slope
until reaching 1.54 V, which is very close to the expected open circuit
voltage of the cell. Here, the second region begins, as the slope of the
curve changes and its shape becomes very similar to the shape of the
subsequent discharge curves. This is indicated by the gray, dashed line
in Figure 4, which is the first discharge curve shifted along the x-axis.
This region is expected to correspond to the actual discharge of the
cell, i.e. Li+ intercalation in LTO. The third region of the first discharge
curve begins at around 1.3 V, where the curve deviates from the shape
of the subsequent discharge curves and again takes on a slope that is
very similar to the slope of the first region. We expect the reason for
this to be that the Li+ intercalation reaction and the formation of the
passivating layer possibly become concurring reactions at 1.3 V. In
that case, the passivating layer formation may take over again during
the last region of the curve. The total intercalation of Li+ during the
first discharge curve is thus expected to amount to approximately 140–
150 mAh g−1. The capacity exceeding this is expected to correspond
to the electrochemical formation of new species close to the surface
of the positive electrode, which may have a passivating effect.
This surprising finding was observed for the first discharge curves
of all LTO | LiBH4-LiI | Li cells measured during this work. This is,
however, not observed for the LTO | LiPF6 | Li cells, and is therefore
expected to be related to the solid electrolyte. LiBH4 is known to have a
very good chemical stability toward lithium metal electrodes.42 LiBH4
is a strong reducing agent and is known to have a risk of reacting with
oxidative positive electrodes, but we do not expect that LiBH4 will
reduce the LTO in the positive electrode at the potentials used in
this work. The fact that more than 80% of the theoretical discharge
capacity is available during the second discharge cycle supports the
claim that LiBH4 has not reacted with LTO during the first discharge
run. LiBH4 does, however, react readily with water and oxygen. Trace
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Figure 5 A Nyquist plot from an impedance spectroscopy measurement of
a newly assembled all-solid-state cell. The cell was measured in the charged
state, i.e. before the first cell discharge. The impedance spectrum can be fitted
using the equivalent circuit model in Figure 6. The long tail arises due to
diffusion and is described by the Warburg element, which has a constant phase
of 45◦. The diffusion is of a finite length and therefore the slope of tail increases
toward its end. The red, dashed line has a slope of 45◦ and is only drawn on
the graph as a guide to the eye.
amounts of atmospheric oxygen and/or moisture were most likely
present in the samples when the cells were assembled, although the
assembly took place inside an argon-filled glove box. It is also possible
that such impurities can enter the cell in trace amounts during its
operation. When a potential is applied to the cells, those impurities can
oxidize LiBH4 in an electrochemical redox reaction. In this reaction,
charge would be transferred through the electrodes without any lithium
intercalation in LTO taking place, which would explain how the first
discharge can appear to have a capacity greatly exceeding the lithium
intercalation capacity of the LTO electrode. The species formed in
the reaction would form especially at the interface with the positive
electrode. It should be noted that the mass of the electrolyte exceeds
the mass of LTO in the cell by more than a factor of 100. The reaction
of trace amounts of impurities with LiBH4 can therefore easily have
a large effect on the measured electron transport through the cell.
Further research is needed to explain the behavior during the first
discharge with certainty.
It should furthermore be noted that the battery cells that were
prepared for this work were all enclosed in a thick PEEK die and
situated between two steel pistons; a setup which is unfortunately not
well suited for in-situ studies of the phase composition and the mor-
phology of the passivation layers in the cells. The pelletized cells are
furthermore destroyed upon removal from the sample holder, mak-
ing subsequent characterization extremely difficult. For identifying
the passivating layers, a new design of the sample holder and char-
acterization methods such as X-ray diffraction (XRD), X-ray-photon
spectroscopy (XPS) and energy-dispersive X-ray spectroscopy (EDS)
would clearly be beneficial in future studies.
Each discharge curve in Figure 4 is slightly longer than the pre-
ceding charge curve. As a result, the coulombic efficiency of the cell,
defined in Equation 3, appears to be slightly higher than 100% for
each cycle. A graph of the coulombic efficiency as a function of cycle
number is provided as supporting information. As discussed above,
the measured charge transfer during the discharge run is a combina-
tion of the charge transfer due to the formation of a passivating areas
and the charge transfer due to the intercalation of Li+ in LTO. During
charge, the current is reversed and less (if any) fraction of the charge
contributes to the formation of the passivating areas. Because the for-
mation of the passivating areas is a non-reversible process, the charge
fraction that is used for the formation of those areas rather than for
the Li+ intercalation reaction appears as a coulombic efficiency above
100% when calculated using Equation 3. The coulombic efficiency
thus gives an indication of the extent of the passivating layer formation
during each cycle.
Figure 6 Nyquist plots from impedance spectroscopy measurements of the
LTO | LiBH4-LiI | Li cell in Figure 4 after the first 10 discharge runs. The
frequency ranges from 300 kHz to 1 Hz and decreases from left to right in the
plots. Only the right side of the high-frequency impedance arcs is visible in
this frequency range, as higher frequencies than 300 kHz would be needed for
the measurement to display the whole arcs. The resistance of the cell is taken
as the intercept of the arcs with the Z′ axis. The inset shows how the resistance
increases with every discharge cycle.
Impedance of cells with a LiBH4-LiI electrolyte.— The impedance
to Li+ conduction in the cells was measured directly after assembling
the cells as well as after each discharge. A Nyquist plot of a newly as-
sembled cell is shown in Figure 5. Nyquist plots measured after the ten
first discharge cycles are shown in Figure 6. Additional Nyquist plots,
measured after discharge of an all-solid-state cell that was charged
and discharged 200 times, are provided as supporting information.
The Nyquist plots were fitted using the equivalent circuit model
shown in Figure 7, which is composed of an (RQ) circuit and a Ran-
dles circuit49 connected in series. The large, high-frequency arc in each
Nyquist plot was fitted with the (RQ) sub-circuit. The large arc of the
newly assembled cell arises due to the impedance to Li+ conduction
through the bulk and the grain boundaries of the solid electrolyte.35
The electrolyte is expected to have the largest impedance contribu-
tion of the cell components in the newly assembled cell, based on its
thickness and Li+ conductivity. Note that it cannot be excluded that
the electrolyte contribution to the impedance spectrum is in fact com-
prised of two or more arcs of different sizes that completely overlap in
the Nyquist plot, i.e. one arc that corresponds to the bulk impedance
and other arcs that correspond to grain boundary impedance50,51 It is,
however, not possible to distinguish multiple electrolyte arcs in the
Nyquist plots in this work. In the equivalent circuit model of the cell
impedance in Figure 7, the (RQ) circuit is thus interpreted as the total
electrolyte contribution to the impedance in the samples. The long
tail at the low frequency end in Figure 5 and the small tails at the
low-frequency end of each Nyquist plot in Figure 6 are described by
the Randles circuit. The Randles circuit describes an arc and a tail,
Rse
Qse
Solid electrolyte
(+ interface layer)
Cdl
WdRct
LTO electrode
Figure 7 The equivalent circuit used to model the measured impedance spec-
tra. R denotes a resistor, C a capacitor, Q is a constant-phase element (CPE) and
W is a Warburg element (a distributed circuit element with a constant phase of
45◦). The circuit elements Rse and Qse account for the combined contribution
from the solid electrolyte and a possible interface layer between the electrolyte
and the LTO electrode. The sub-circuit on the right is the Randles circuit, which
describes the contribution of the LTO electrode. Rct denotes a charge transfer
resistance in the electrode, Cdl is a double-layer capacitance at the electrode
and Wd describes Li+ diffusion.
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and small arcs are most likely hidden within the tails in the Nyquist
plots. The circuit describes the impedance spectrum of a lithium in-
tercalation electrode,49,52 i.e. the LTO electrode. The components in
the circuit correspond to a Li+ charge transfer resistance in the LTO
electrode (Rct), a double-layer capacitance at the LTO electrode inter-
face (Cdl) and a finite-length diffusion of Li+ to and from the reaction
interface between the LTO electrode and the electrolyte (Wd). No
contribution to the impedance spectrum is observed from the lithium
electrodes,35 as it is most likely hidden within the arc corresponding
to the electrolyte.
The impedance of the low-frequency tails in Figure 6 is smaller
than that of the high-frequency arcs by approximately a factor of
100, and it proved difficult to obtain reliable values for the resistance
Rct in the equivalent circuit fits. Furthermore, the impedance of the
large, high-frequency arcs in the Nyquist plots increases substantially
with each charge and discharge cycle number, while the impedance
of the low-frequency tails shows very small changes. Because of this,
the small, constant contribution from the resistance Rct is neglected
in the following discussion and the cell resistance R ≈ Rse is taken to
be the point of intersection between the Z′ axis and the low-frequency
end of the large arc. Using this approximation, the cell resistance
after the first discharge is found to be around 3.2 k!. This is a very
large resistance compared to the LTO | LiPF6 | Li cell, but can largely
be explained by the fact that the conductivity of the LiBH4-LiI solid
solution at 60◦C is at least 12 times lower than that of 1 M LiPF6 in
EC:DMC.4,35
Further evidence for the formation of passivating areas in the cell
can be found by considering the Nyquist plots in Figures 5 and 6.
A Nyquist plot of the newly assembled LTO | LiBH4-LiI | Li cell,
before discharging it for the first time, is shown in Figure 5. The plot
shows that the cell has a considerably lower resistance (approximately
2.5 k!) in the newly assembled state than after it has been discharged
once (approximately 3.2 k!). The plot also features a long tail with
an initial slope of around 45◦ and a slightly increasing slope with
decreased frequency. As discussed earlier, the tail arises due to finite-
length diffusion of Li+ to the reaction surface of the LTO electrode
and the electrolyte and can be described by a Warburg element. This
tail is not observed in any of the other impedance spectra, which
suggests that the time dependency of this diffusion changes during
the first discharge of the cell, so that it is not observed within the
measured frequency range. This change in the diffusion time depen-
dency, as well as the increase in resistance, could be explained by the
formation of passivating areas in the cell during the first discharge.
The impedance of those areas would not necessarily be identified in
the impedance spectra of the discharged cell, because its contribu-
tion to the impedance could easily be overshadowed by the larger
contribution from the electrolyte impedance.
The charge and discharge curves in Figure 4 do not exhibit flat
plateaus, but all have a considerable slope. Towards the end of the
curves, the discharge curves are observed to have a steeper slope than
the charge curves. The slope can probably partially be explained by
contact issues between the LTO electrode and the electrolyte. It is
possible that during discharge, some channels across the electrode-
electrolyte interface get blocked. This could for example happen if
poorly conducting layers grow too thick and hinder Li+ transport
across the interface. This would make Li+ intercalation in the LTO
electrode increasingly difficult as the discharge proceeds. The in-
creased slope toward the end of the discharge curves probably arises
because it would be natural for Li+ to first be intercalated into the areas
of the LTO electrode that are in good contact with the electrolyte. As
the discharge proceeds, the intercalation must take place in areas with
ever less contact, resulting in an ever-greater overvoltage and conse-
quently a steeper slope of the discharge curve. At the set potential
limit of 1.0 V, this development most likely still takes place and some
discharge capacity remains in the cell. This can explain why there is
not a sudden change in the slope of the discharge curves at the end
of each discharge run, as there is for the charge runs. Charge and dis-
charge curves for various discharge rates, as well as Tafel plots of the
overvoltage during discharge are provided as supporting information.
Figure 8 The discharge capacity as a function of the cell resistance from a
measurement of 200 charge and discharge cycles. The arrow indicates how the
number of discharge cycles increases. The two variables follow a near-linear
relationship, with a Pearson correlation coefficient of −0.975.
Capacity and resistance in the All-Solid-State cells.— The inset in
Figure 4 shows how the discharge capacity of the LTO | LiBH4-LiI| Li cell decreases with the number of charge and discharge cycles.
Furthermore, the inset in Figure 6 shows how the cell resistance, as
estimated from the Nyquist plots, increases with the number of charge
and discharge cycles. To see how well these parameters are correlated,
a plot of the discharge capacity as a function of the resistance is shown
in Figure 8. In this plot, data from measurements of 200 charge and
discharge cycles of a single LTO | LiBH4-LiI | Li cell were used
(charge/discharge curves and Nyquist plots for this cell can be found
in the supporting information). As seen in Figure 8, the discharge
capacity and the resistance values are highly correlated, with the plot
of the two closely resembling a straight line. The Pearson product-
moment correlation coefficient (see Equation 4) of the two variables
is ρc,R = −0.975, which indicates an almost linear negative correla-
tion. The excellent correlation of the discharge capacity and the cell
resistance strongly suggests that the development of both parameters
with the number of charge and discharge cycles mostly has its roots
in the same physical process in the cell.
The processes that can explain the correlation of the discharge
capacity and resistance are a decrease in contact between the LTO
electrode and the solid electrolyte with cycle number, and a possible
formation of passivating areas in the cell that hinder Li+ transport
and intercalation. This can be explained as follows: The slope of each
discharge curve, especially toward its end, governs how quickly the
voltage limit of 1.0 V is reached upon discharge. The slope thus has a
major influence on how large the discharge capacity of the cell will be.
As discussed in sections “Charge and discharge of cells with a LiBH4-
LiI electrolyte” and “Impedance of cells with a LiBH4-LiI electrolyte,”
we expect the slope to be a consequence of insufficient contact between
the electrolyte and the LTO electrode or of the formation of passivat-
ing areas. The increase in slope with every discharge curve can be
explained further by loss of contact areas on this interface and/or by
an increased growth of the poorly conductive areas. However, such
loss of contact would also manifest as an increase in the measured re-
sistance. If the effective contact area A between the electrolyte and one
of the electrodes decreases, this leads to an increase in R (see Eq. 2),
assuming that the thickness and the conductivity of the electrolyte ma-
terial are constant. Thus, the loss of contact between the LTO electrode
and the solid electrolyte most probably explains both the development
of the cell resistance and of the discharge capacity with the number
of cycles.
Using Equation 2, it can be estimated how much contact area would
need to be lost (or rendered passive) on the electrode-electrolyte in-
terface for such change to fully explain the increased cell resistance.
In Figure 7, the measured cell resistance is 3.65 k! after the first
discharge, but has increased to 47.6 k! after the 200th discharge. This
corresponds to a loss of 92% of the contact area between the LTO
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electrode and the electrolyte, assuming that all other contributions to
the resistance remain constant. That assumption may, however, not
hold strictly as other effects might contribute to an increase in the
cell resistance. An example of this could be decreased grain bound-
ary conduction within the electrolyte. The Li+ conduction within the
electrolyte is thought to take place at least partly along its internal
grain boundaries, and a loss of such boundaries due to sintering (as
the batteries operate at 60◦C for long periods of time) might somewhat
decrease the Li+ conductivity in the electrolyte.35 Such contribution to
an increased resistance would lower the estimated loss in contact area
needed to account for the change in resistance. The contact issues and
possible passivation issues can, however, explain the excellent corre-
lation observed between the increase in resistance and the decrease in
discharge capacity. They are therefore thought to be the major factors
in the development of the cell resistance with an increased number of
charge and discharge cycles.
Charge transfer in the All-Solid-State cells.— To investigate which
processes could be limiting for the capacity of the Li | LiBH4-LiI | LTO
cells, a galvanostatic signal was applied to a Steel | LiBH4-LiI | Li cell.
This cell can be viewed as a half-cell where the LTO electrode has been
removed. The supporting information includes a graph of the voltage
over the Steel | LiBH4-LiI | Li cell as a function of capacity while a
constant current of -10µA was applied to the cell. Approximately 490
µAh of Li+ are transferred, corresponding to a charge transfer of 1.76
C, before the voltage drops and the Li+ transport stops. The lithium-
steel interface was subsequently examined. It was clearly observed
that a thin layer of lithium had been plated onto the steel electrode
during the charge transfer. It is not clear why Li+ transfer stopped at
this point, but this is most likely due to contact issues between the
electrodes and the solid electrolyte. Such issues could arise in the all-
solid-state cell when a large number of Li have been removed from
one side and deposited on the other, as the electrodes in such a cell
are not soaked in a liquid electrolyte.
The theoretical capacity of the LTO electrodes is 175 mAh g−1. As
discussed in section “Charge and discharge of cells with a LiBH4-LiI
electrolyte,” it proved possible to reach 80–90% of this capacity by
using LTO electrodes with a thickness of 3 µm and a mass of 0.37
mg. This capacity corresponds to a charge transfer of around 0.20 C.
However, if the thickness of the electrode is increased, the percentage
of the theoretical capacity that can be reached decreases. During this
work, LTO | LiBH4-LiI | Li cells with electrodes with a thickness of
140 µm and a mass of 17 mg were also assembled and measured.
Interestingly, these cells only reached less than 5% of their theoretical
capacity, corresponding to a charge transfer of around 0.4 C. Since
the theoretical charge transfer capacity of these cells is around 9.5 C,
one would expect them to transfer charge at least equal to that of the
Steel | LiBH4-LiI | Li cells, or 1.76 C.
The observation that the charge transfer capacity in the all-solid-
state cells is much greater without the LTO electrode than with it,
leads to the conclusion that a capacity limiting process in the Li |
LiBH4-LiI | LTO batteries is on the LTO electrode side and most
probably has to do with Li+ intercalation in LTO. Such problems are
not observed in the LTO | LiPF6 | Li cell discussed in section “A
cell with a liquid electrolyte,” but in the all-solid-state cells, the LTO
electrode is not soaked in the electrolyte. This can give rise to contact
issues, which prevent the intercalation from taking place in LTO layers
far away from the electrolyte-electrolyte interface. A formation of an
inactive layer at the electrode-electrolyte interface could also lead to
difficulties with Li+ intercalation.
Conclusions
The LiBH4-LiI solid solution has a conductivity close to 1 mS cm−1
at 60◦C33,35 and is a promising solid electrolyte material for all-solid-
state lithium batteries. It is, however, not stable at potentials above 3 V,
as observed using cyclic voltammetry measurements. Lithium titanate
(Li4Ti5O12) was used as a positive electrode in this work, both because
it has an open circuit voltage against lithium of 1.56 V (i.e. well below
3 V), and because it shows virtually no volume expansion upon lithium
intercalation. The Li | LiBH4-LiI | LTO battery cells measured in this
work have an initial discharge capacity of around 142 mAh g−1, which
is around 81% of the theoretical capacity of LTO. This is very similar
to a Li | LiPF6 | LTO cell, which was measured for comparison and
has a discharge capacity of around 82% of its theoretical capacity.
The all-solid-state cells do, however, have a higher overvoltage and
a steeper slope in the charge and discharge curves than the cell with
the liquid electrolyte. Furthermore, their discharge capacity retention
is worse than that of the liquid cell, and 1.6% of the capacity is lost
on average during each charge/discharge cycle.
The resistance of the all-solid-state cells in the discharged state is
on the order of a few k!, which is typically considered rather large
in a battery cell. The electrolyte provides by far the largest resistance
contribution of the cell components. There is an almost linear corre-
lation between the development of the discharge capacity of the cells
and the change in the measured resistance after discharge when the
cells are charged and discharged numerous times. This supports that
the increased resistance is responsible for most of the loss in discharge
capacity. The increase in resistance can be explained by an insufficient
contact between the electrolyte and the LTO electrode, due to e.g. a
rough interface with some empty space between the two components,
and a possible formation of a passivating interface layer. This would
hinder Li+ intercalation into some areas of the interface and cause an
increased overpotential at the LTO electrode. As each discharge pro-
ceeds, the most energetically favourable intercalation spots are filled
up first and the intercalation process becomes increasingly difficult,
causing an increased overvoltage. This leads to a steeper slope in the
discharge curves, which in turn decreases the discharge capacity. Fur-
thermore, such contact issues decrease the effective electrode area in
the cell, causing an increase in the measured resistance.
Further research on batteries with LiBH4-LiI as an electrolyte is
needed in order to fully understand this battery cell, especially re-
garding the interface of the electrolyte and the positive electrode.
Many of the challenges with using this electrolyte material in battery
cells could probably be solved by optimizing the fabrication meth-
ods. More sophisticated techniques than mechanical pressing, such
as deposition or cold rolling, could allow for a much thinner layer of
electrolyte, thereby reducing the resistance of the cells substantially.
The incorporation of small amounts of the electrolyte material in cath-
odes produced by those methods could lower the interfacial resistance
of the cells ever further. It could furthermore be beneficial to fabricate
cells where the electrolyte has a lower porosity than 0.5, as this could
decrease the total resistance of the electrolyte and reduce the risk of
lithium dendrite formation even more. Further research on the inter-
face between the electrolyte and the LTO electrode will hopefully give
better insight into the relevant processes and more knowledge about
how to prevent contact issues from affecting the performance of the
all-solid-state battery cells.
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Figure S1 The development of the discharge capacity of a LTO | LiBH4-LiI | Li cell over 200 
discharge/charge cycles. The inset shows the discharge curves of every tenth measurement from cycles 
number 2 to 102 for a discharge current of 10 µA (i.e. a current density of 12.7 µA cm-2). The average 
discharge capacity retention per cycle is 98.4%, which means 1.6% capacity degradation in every 
charge-discharge cycle. !!!
!!
Figure S2 The development of the cell resistance after discharge of the LTO | LiBH4-LiI | Li cell from 
Figure S1. The resistance increases by more than a factor of 10 over the course of 200 charge and 
discharge cycles. The inset shows the Nyquist plots of every 20th measurement from cycle number 1 to 
191. 
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Figure S3 The coulombic efficiency of a LTO | LiBH4-LiI | Li cell, calculated using Equation 3. The 
coulombic efficiency appears to be greater than 100% for each discharge, but this is most likely 
because a part of the charge that is transferred during discharge goes into the formation of an interface 
layer between the LTO electrode and the electrolyte. As a consequence, not all charge that is 
transferred takes part in the actual discharge of the cell by Li+ intercalation into LTO. 
 
 !
!!
Figure S4 Charge and discharge curves of a LTO | LiBH4-LiI | Li cell, measured for various charge 
rates. As expected, the overvoltage grows with increasing current, and correspondingly the capacity 
decreases. At a current of 2 µA (i.e. a current density of 2.54 µA cm-2), the charge and discharge curves 
are rather flat, but the curves quickly become steeper with increased current. This is most probably an 
indication that the conductivity in the cell, or the contact at the interface of the electrolyte and the LTO 
electrode, are not good enough to sustain higher currents. !!
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Figure 5 A Tafel plot of the development of the overvoltage with current for a LTO | LiBH4-LiI | Li 
cell. The overvoltage at three different degrees of discharge are shown; 25% discharge (blue circles), 
50% discharge (red rectangles) and 75% discharge (green triangles).!!!!
!!
Figure S6 The voltage across a Steel | LiBH4-LiI | Li cell during Li+ transfer from the lithium electrode 
to the steel electrode (lithium plating on steel) at a constant current of -10 µA (i.e. a current density of 
12.7 µA cm-2). Approximately 490 µAh of Li+ are transferred, corresponding to a charge transfer of 
1.76 C. This is almost nine times the amount of charge transfer observed in the LTO | LiBH4-LiI | Li 
cells, which shows that lithium transfer through the electrolyte is not a limiting factor in the capacity of 
the all-solid-state battery cells. 
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